University of Massachusetts Amherst

ScholarWorks@UMass Amherst
Doctoral Dissertations

Dissertations and Theses

Spring November 2014

Polymer Modification with Multifunctional Additives and Unique
Processing Methods
Polina R. Ware
University of Massachusetts Amherst

Follow this and additional works at: https://scholarworks.umass.edu/dissertations_2
Part of the Polymer and Organic Materials Commons

Recommended Citation
Ware, Polina R., "Polymer Modification with Multifunctional Additives and Unique Processing Methods"
(2014). Doctoral Dissertations. 263.
https://doi.org/10.7275/5639518.0 https://scholarworks.umass.edu/dissertations_2/263

This Open Access Dissertation is brought to you for free and open access by the Dissertations and Theses at
ScholarWorks@UMass Amherst. It has been accepted for inclusion in Doctoral Dissertations by an authorized
administrator of ScholarWorks@UMass Amherst. For more information, please contact
scholarworks@library.umass.edu.

Polymer Modification with Multifunctional Additives and Unique Processing
Methods

A Dissertation Presented
By
POLINA R. WARE

Submitted to the Graduate School of the
University of Massachusetts Amherst in partial fulfillment
of the requirements for the degree of

DOCTOR OF PHILOSOPHY

September 2014

Polymer Science and Engineering

© Copyright by Polina R. Ware 2014
All Rights Reserved

2

Polymer Modification with Multifunctional Additives and Unique Processing
Methods

A Dissertation Presented
By
POLINA R. WARE

Approved as to style and content by:

Alan J. Lesser, Chair

E. Bryan Coughlin, Member

H. Henning Winter, Member

David A. Hoagland, Department Head
Polymer Science and Engineering

3

DEDICATION

To my wonderful husband

4

ACNOWLEDGEMENTS

I would like to thank Professor Alan Lesser for being the best advisor I could
have asked for. Learning from him was invaluable. His feedback helped me develop as a
scientist as well as to improve my written and oral communication skills. Under his
guidance, I learned the importance of being an independent researcher as well as an
importance of collaboration with other scientists within and outside my research group.
Professor Lesser was always available whenever I needed guidance with my research or
any other aspect of my career. If anything went wrong or whenever I had a bad day in the
lab, talking to Professor Lesser always made me feel better and motivated me to keep
going. This Ph.D. would not have been possible without Professor Lesser believing in me
and giving me to courage to believe in myself.
I would like to sincerely thank my committee members: Professor Bryan
Coughlin and Professor Henning Winter. They have been a pleasure to know and work
with. Their insightful questions and comments greatly improved the quality of my
dissertation work. I consider it an honor to have such accomplished scientists on my
dissertation committee. I am especially thankful to Professor Coughlin for his guidance
with permanganic acid etching experiments.
I am extremely grateful to my office mates during my first three years of graduate
school, Jan and Naveen, helped me to get started in the lab and made me feel welcome in
Lesser group. We had many great scientific discussions that helped me grow as a
scientist. I am very thankful to Sinan, Jared and Andrew for welcoming me to the group
as a First year Ph.D. student as well and for all of their help. I would like to thank the
v

current Lesser group members Henry, Angela, Brian, Nihal, Connor, and Ranadip. I have
many fond memories of spending time in and outside the lab with the Lesser group. It
was a pleasure to work closely with all of them. Connor and Ranadip are great office
mates and I will miss sharing the office with them. Angela is my very close friend and I
will miss her dearly. I am sincerely thankful to Henry for all the scientific discussions
about my projects and for all his support throughout this Ph.D.
I am thankful to Saint Gobain, MRSEC, and CUMIRP for the funding support. I
am so grateful to all of the PSE staff. Lisa Groth is wonderful and her help was extremely
valuable. Sophie has been great to work with and she solved all administrative issues for
me. Sekar, Lu and Alex have been great in helping me with instrument training. Without
their help things would have been much harder.
I loved working and learning at the PS&E department. I feel very fortunate that I
had a chance to be a part of it. I have made many great friends. Maira, Irem, Yujie,
Jinhye and Anessia are some of the most wonderful people I met. I am very thankful to
them for being my friend and for being such amazing bridesmaids at my wedding. I hope
that we will continue our friendship for many years to come.
Lastly I would like to thank my husband, Adam, and my family for their patience
and love. Adam has been there for me throughout my entire Ph.D., from supporting my
decision to quit my job at IBM and go to graduate school, to proofreading my final
dissertation manuscript. This journey would be a lot harder without him. Finally I greatly
appreciate all the tasty lunches and dinners that Adam cooked during my Ph.D. studies.

vi

ABSTRACT
POLYMER MODIFICATION WITH MULTIFUNCTIONAL ADDITIVES AND
UNIQUE PROCESSING METHODS
SEPTEMBER 2014
POLINA R. WARE, B.S., UNIVERSITY OF MASSACHUSETTS AMHERST
M.S., UNIVERSITY OF MASSACHUSESTTS AMHERST
PH.D., UNIVERSITY OF MASSACHUSETSS AMHERST
Directed by: Professor Alan J. Lesser

This dissertation describes the investigation of unconventional methods to enhance
polymer properties either by using unique processing methods, such as solid-state
deformation, or by using multifunctional additives that can simultaneously provide a
number of property enhancements. The three main research areas of this dissertation are
self-reinforced glassy thermosets, melt-processeable organic/inorganic thermoplastic
elastomers and semi-crystalline thermoplastics with improved ductility due to a unique
solid-state process treatment.
Various thermosets, including epoxies, are used in systems with fibers or other
additives to improve stiffness. However such systems are difficult to process due to
increased viscosity. This work investigates a new method to reinforce thermoset materials
with low molecular weight (LMW) crystallizable additives. Desoxyanisoin, which is a
pre-cursor to a flame-retardant molecule 4,4’-bishydroxydesoxybenzoin that is
engineered to promote char, is used as a LMW organic crystallizable compound. At
processing temperatures, desoxyanisoin is miscible with the matrix/epoxy thereby
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lowering the process viscosity. Upon cooling or reaction, desoxyanisoin phase separates
and crystallizes providing unique in-situ reinforced composites. The mechanical and
flammability properties of these desoxyanisoin-epoxy thermoset composites are
described.
Another approach to enhancement of flammability properties is demonstrated by
fabricating organic/inorganic thermoplastic elastomers (TPEs) based on isotactic
polypropylene (iPP) and polydimethylsiloxane (PDMS) materials by reactive melt
mixing in the presence of peroxides. These polyolefin based thermoplastic elastomers are
similar to the dynamically vulcanized elastomer-thermoplastic blends of polyolefins with
ethylene-propylene diene copolymer (EPDM). Herein PDMS is used as an EPDM
equivalent. Furthermore, not only PDMS is dynamically cross-linked, but there are some
cross-links with the amorphous iPP. Varying the content of PDMS allows for design of
TPEs with a wide range of mechanical and physical properties.
Lastly, an approach to enhance the toughness and ductility of semi-crystalline
polymers by deforming the material in a solid state to a strain-softening regime is
described. This treatment imposes changes in the post yield behavior by process of
compression and shear in the solid state at low temperature, low pressures and
unconfined geometry. Crystal-structure alteration due to orientation and fragmentation of
the lamellae during this treatment leads to the enhancement in non-linear ductility. The
fundamental principles governing this approach are investigated.
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CHAPTER 1

INTRODUCTION

Frequently, due to their low stiffness and/or toughness, homo-polymers have to be
modified before they can be used as engineering plastics. In addition to improving
toughness and stiffness, sometimes it is desirable to improve properties other than
mechanical behavior, such as processability or flame retardancy. The motivation behind
this dissertation work is the investigation of unconventional methods to improve
mechanical and physical properties of commercial polymers such as stiffness, toughness,
and flame retardancy. The polymer properties are enhanced either by using unique
processing methods, such as solid-state deformation, or by using multifunctional
additives that can simultaneously provide a number of property enhancements. The three
main research areas of this dissertation are self-reinforced glassy thermosets, meltprocesseable

organic-inorganic

thermoplastic

elastomers

and

semi-crystalline

thermoplastics with improved ductility due to a unique solid-state process treatment. The
focus of this dissertation work is to develop a fundamental understanding in structureprocess-property relationships for each of these systems.
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1.1 Solid State Processing of Polymeric Materials
The intrinsic deformation behavior of polymers can be determined in a non-standard
compression test where the strain rate is kept constant by varying the cross-head speed. In
this test localization phenomena such as necking and crazing are absent. During this test,
the linear dependence of strain hardening modulus on true stress and true strain and other
parameter such as elastic modulus, yield stress and strain softening are measured, Figure
1.1. Strain softening is the drop from the yield stress to the rejuvenated stress. It has been
shown that the balance between strain softening and strain hardening responses can
greatly affect polymer apparent ductility and dictate the degree of strain localization. In

Figure 1.1: Stress-strain polymer response during uniaxial compression test.
order to macroscopically delocalize strain, thereby improving toughness in polymers, the
drop in yield stress must be reduced or the strain hardening has to be enhanced.1 While
the strain hardening modulus of the material is affected by intrinsic properties such as
entanglement density and molecular weight, the yield stress is affected by processing
conditions. For example, in amorphous polymers yield stress and post yield stress drop
2

are dependent on thermal history. In addition, it was shown that the yield stress and post
yield stress drop in amorphous polymers can be temporarily reduced though mechanical
rejuvenation treatment and the ductility can be temporarily enhanced.
Semi-crystalline polymers are heterogeneous systems comprising amorphous and
crystalline domains. The presence of the crystalline phase makes the deformation
mechanism more complex. It has been shown that, in semi-crystalline polymers, the
yield stress and post yield stress drop is proportional to the lamellae thickness and degree
of crystallinity. In addition to varying thermal processing history, another way to change
deformation behavior of semi-crystalline polymers is through solid-state deformation of
the material to the strain softening region. The mechanism of solid-state deformation of
semi-crystalline polymers below the melting and crystallization transition is investigated
in this dissertation.

1.1.1 Solid State Deformation of Amorphous Polymers
Many authors have shown that the yield stress and strain softening in glassy polymers
depends on thermal and mechanical history, as well as testing conditions. For example,
Govaert and others showed that a quenched sample has lower post yield strain drop in
compression test than a sample that is slowly cooled. In tension, the quenched sample
shows less localized deformation than the slowly cooled sample. Physical aging of the
material results in an increase of the yield stress and consequently an increase in strain
softening. Moreover, Cross et al. and others showed that subjecting glassy polymers to
mechanical deformation beyond yield can remove local packing of polymer chains by
reducing stain localization.2 Localization of strain is caused by intrinsic stain softening
3

and the evolution of the localized plastic zone is dependent on the stabilizing effect of the
strain hardening. A stable neck is formed if the load transferred by the neck equals the
load required to induce yielding in the undeformed zone.3 In polystyrene (PS), the strain
softening causes severe strain localization. The strain localization cannot be stabilized
sufficiently due to the low value of strain hardening modulus. With continuation of
deformation, localization grows to extremes, resulting in void nucleation, craze formation
and catastrophic failure. On the contrary, polycarbonate (PC) has limited strain softening
and the strain localization is stabilized by the strain hardening modulus. Govaert et al.
demonstrated that homogeneous deformation of PS rejuvenated the glass and the material
became ductile for a short period of time.1 By rolling a PS material and reducing the
thickness by 30 % the strain softening was eliminated and the rejuvenated material
exhibited homogeneous deformation. Bauwens showed similar results by predeformation of PVC samples before tensile tests.4 The elimination of strain softening
prevented the localization of strain and thus neck-formation and /or crazing. Similarly to
physical aging, mechanical rejuvenation of a glass relaxes with time.
There are, subsequently, patents that exploit these findings on glassy polymers. For
example, Hans-Jurgen et al. patented a method for making ductile poly-vinyl-chloride
(PVC), acrylonitrile-butadiene-styrene (ABS) and maleimide-containing ABS films
through the application of compressive force below the glass transition temperature.5
The authors showed that the ductile deformability of polymers was not permanent and the
ability to deform the films without whitening (crazing) decreased with time. However, in
the case of the described invention the polymer films were processed immediately after
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induced ductility enhancement and utilized as wooden furniture coatings. Consequently,
in this case the loss of ductility with time was not an important issue.

1.1.2 Solid State Deformation of Semi-Crystalline Polymers

1.1.2.1 Semi-crystalline Polymers
Semi-crystalline polymers are heterogeneous materials comprising both the
amorphous and the crystalline phase. The final morphological structure and the content of
each phase are strongly dependent on the processing conditions and the applied thermomechanical history. The deformation of semi-crystalline polymers is affected by the
crystalline phase in addition to the amorphous phase. When cooled from the melt many
polymers such as isotactic-polypropylene (iPP), high density polyethylene (HDPE),
polyethylene-therephalate (PET), and Nylon 6,6 develop a semi-crystalline structure and
show spherulitic morphology. The spherulites are formed by nucleation at different points
in the sample and then grow as spheres. The growth of spherulites stops when they
impinge on each other. Each spherulite consists of a radial assembly of twisted thin
crystalline lamellae which are spread by amorphous layers.6 The degree of crystallinity,
lamellar thickness and spherulite size all of this parameters influence the deformation
behavior of semi-crystalline polymers6.
The spherulitic size has been shown to have a pronounced effect upon the
deformation characteristics of semi-crystalline polymers.

For example, Way et al.

showed that iPP with 250 micron diameter spherulite size is very brittle and fails before
20 % strain. However, the same material with 90 micron diameter spherules can be drawn
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to strains over 700 %.7 It has been shown that the size of spherulites and extent of
crystallinity can be altered by the use of nucleating agents and/or additives. As an
example, Shepard et al. showed that dibenzylidene sorbitol (DBS) promotes the
formation of spherulites in commercial polyolefins. When more spherulites form at a
time they grow smaller in diameter and the ductility of the material increases.8 Other
examples of commonly used additives that promote desirable spherulite formation
include calcium carbonate (CaCO3), talc, mica, fumed silica, carbon fibers and glass
fibers.9
The Young’s modulus in semi-crystalline polymers is related to the volume fractions
of crystalline and amorphous domains. The yield stress and strain softening are related to
the degree of crystallinity as well. Govaert et al. performed uniaxial compression tests to
obtain the large strain intrinsic behavior of yield stress, strain softening and strain
hardening modulus. The authors varied the crystallinity and the crystal thickness in PET
by either cold crystallization (or annealing) at isothermal temperature (above Tg but
below Tm) or by varying the rate of crystallization from the melt. The yield stress and
strain softening was found to be proportional to the lamellae thickness and crystallinity
for both isothermally and non-isothermally crystallized PET samples.

During the

isothermal crystallization the strain hardening modulus was shown to be independent of
crystallinity or crystal thickness. During the non-isothermal crystallization of samples
from the melt, the strain hardening modulus was found to decrease with the decrease in
cooling rate.10 This can be explained by the fact that crystallization from the melt allows
for rearrangement of the chains during chain folding. This “reeling in” of chains during
crystallization leads to disentanglement of the chains from the melt, and is more
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pronounced for lower cooling rates, resulting in a lower entanglement density and
consequently lower strain hardening modulus. Just as in glassy polymers, in semicrystalline polymers the strain-hardening modulus follows a neo-Hookean relation and is
dependent on the entanglement density.

1.1.2.1.1 Different Crystalline-Phases of Isotactic Polypropylene
In this dissertation the solid state deformation of semi-crystalline polymers is
studied with isotactic polypropylene (iPP), therefore the description of typical crystalline
phases, of iPP is important. Isotactic polypropylene material has the ability to crystallize
in various crystalline phase, including α- β- and γ-phases as well as the mesophase.11 The
mesophase is an intermediate phase between the crystalline and the amorphous phases.
Although typical commercial iPP has mostly α-phase crystals, some small amount of the
mesophase is present as well. Therefore, semi-crystalline α-phase iPP may have domains
of mesophase, where a nodular structure on the order of 100 nm can sometimes be
seen.12,13 The percentage of the mesophase and the α-phase is dependent on the
processing conditions. For example, when iPP is quenched, there is not sufficient time for
the regular α-phase crystal structure to develop by the process of nucleation and growth
and only mesomorphic form of iPP is formed. On the contrary during slow cooling of
commercial iPP mostly α-phase crystals are formed.14 There is a disagreement in
literature whether mesophase is an amorphous oriented phase or very small disordered
crystallites. Yet, most researchers refer to this phase as highly disordered crystals
characterized by an intermediate degree of order between the disorder of the amorphous
phase and order of the crystalline phase. Although there is a large amount of structural
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disorder in the mesophase, a long-range order in the packing of parallel chain molecules
is present and can be seen as diffused rings in wide angle X-ray scattering.13,15 De Rosa
et al. and others showed that α-phase and mesophase iPP with the same degree of
crystallinity has very different mechanical properties. The mesophase iPP has lower
modulus and yield stress, but improved ductility.12 The authors explain the improved
ductility by higher amount of tie molecules. In semi-crystalline polymers the amorphous
phase experiences the tensile loading first and then the stress is transferred to the
crystalline phase, thus the presence of the tie molecules is important for sufficient load
transfer.

In the case of mesophase morphology, the nodules are embedded in the

amorphous phase and are connected by a larger number of tie molecules. The tie
molecules contribute to load transfer from the amorphous phase to the crystalline phase
as well as to further deformation of the crystalline structure by rotation and slip. The tie
molecules transmit stress to nodules causing their orientation and alignment into the draw
direction.12
Figure 1.2 presents the morphology of the crystalline α-phase and mesophase in iPP
as well as tensile stress-strain curves corresponding to each phase. As can be seen, the
iPP material crystallized in the α-phase has higher yield stress, but significantly lower
elongation at break then mesophase iPP. In addition, whereas α-phase iPP has spherulitic
morphology, the mesophase iPP is characterized by the absence of the spherulitic
structure and the presence of nodular domains. This nodular morphology of the
mesophase allows the preparation of high crystalline iPP that is optically transparent
unlike the α-phase iPP.12-16 These differences in mechanical and physical properties
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between the α-phase and mesophase iPP highlight an importance in developing an ability
to tailor the percentage of each phase.

Figure 1.2: A. X-ray powder diffraction profiles; B. stress-strain curves; C. optical
microscopy; D. AFM.14

1.1.2.2 Deformation of Semi-Crystalline Polymers
The plastic deformation of semi-crystalline polymers takes place beyond the yield
stress. Prior to that stress the material deforms elastically and will return to the original
undeformed shape when the applied force is removed. Beyond the yield stress, the
deformation is non-reversible and permanent. Both the amorphous and the crystalline
phase contribute to the yield stress response.
Govaert et al. investigated the yield response in high density polyethylene (HDPE), a
polymer with the amorphous phase in the rubberlike state at room temperature, in order
to isolate the crystalline phase response and to demonstrate how the crystalline phase
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affects the yield and post yield response. It has been shown that HDPE can exhibit two
yield points. It has been shown that yield takes place by fine-chain lamellae slip
combined with a martensitic transformation within the lamellae at the first yield point,
followed by lamellae fragmentation and coarse chain slip at the second yield point.6,17
Upon further deformation a morphological change of the material from a lamella
structure into a fibrillar structure can take place.7 Randomly oriented chain axes of
crystals become aligned parallel with the drawing direction, and the original lamellar and
spherulitic structures break up and form a new fibrous structure. In the newly formed
fibrous structure the chains are aligned parallel to the extension direction. 18

1.1.2.3 Solid-State Processing of Semi-Crystalline Polymers
Semi-crystalline polymer crystal structure can be altered by mechanical deformation
in the solid state19-23, for example solid-state extrusion and uniaxial compressive
treatment. Porter et al. demonstrated that during uniplanar deformation of iPP the
lamellae fragments are subjected to normal and shear stresses as well as torque.
Consequently, the rotation and tilting of the lamella as well as fragmentation and
dissolution of the lamella structure by fine and coarse slip takes place. Since the entire
spherulite has to deform, the amorphous phase undergoes deformation as well. Porter
explained that at very high draw ratios, the lateral disorder may unravel the lamellae by
successively pulling out chains and the pulled out chains may recrystallize to form
disordered planar mesophase at high under-coolings. This disordered mesomorphic phase
induces ductility and improves the efficiency of the draw, thereby allowing to deform the
material to very high strains.24,25

Porter et al. and subsequently other researches
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demonstrated that at high deformation strains and high draw temperatures a layered
structure is formed that has a significant effect on impact toughness26,27 and yield stress.
This way a uniplanar deformation of iPP shows a remarkably high impact strength 24,28 as
well as an increase in yield stress and Elastic modules.
Huan et al. used pressure-induced flow processing to allow one directional free
deformation of iPP at 110 oC and 375 MPa, in order to cause an orientation of lamellae,
Figure 1.3. The toughness and tensile strength of the original iPP material was improved.
The authors correlated the improvement in the mechanical properties to the deformation
of the spherulitic structure and the orientation of the lamellae along the flow direction.27

Figure 1.3: Pressure-induced flow processing diagram.27

Li et al. investigated solid-state extrusion of HDPE through a convergencedivergence slit die. Their findings showed that the yield strength of solid-state extruded
materials was dramatically improved; however, the elongation at break was poor in
comparison to melt state extruded samples. The authors justified their finding by the
preferential orientation of lamellae that was formed during the solid-state extrusion.20
11

Shaw et al. in 1973 and subsequently Ward et al. in 1990 and Schroeder et al. in 2006
filed

invention

disclosures

demonstrating

that

by deforming

semi-crystalline

thermoplastic material via passage of the material through a compressive die in a solid
state, a process described in detail
properties can be enhanced.29-31

by Li et al. and Porter et al., the mechanical

In 2012 the same approach was patented for semi-

crystalline floro-polymers by Hughes et al.32 The commonality of these processes is that
a semi-crystalline polymer is deformed at near melt temperatures in the solid-state to high
percentage of compressive deformation to compressive strains above 50% and typically
100-200 %.

In addition, these processes are done under a constrained of confined

geometry to have one directional flow. The processed material has significantly higher
yield stress and Elastic modulus than unprocessed equivalent material and typically a
layered-oriented crystalline morphology that results in enhanced fracture toughness.
By applying a different solid state processing method in 1963 McGlamery et al.
reported that the tensile strength of high density polyethylene (HDPE) can be
significantly improved by cold rolling or calendaring process of material in the solid

Figure 1.4: Cold rolling solid-state processing method.33
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state33. The schematic of this process is illustrated in Figure 1.4. During this biaxial cold
rolling step a polymer sample is initially cold rolled in a longitudinal direction and then
in a transverse direction at compressive strains at least above 60%. Due to this process
the final HDPE sheet has improved tensile strength in the transverse and longitudinal
direction33. Similarly, in 1989 Lo et al. filed an invention disclosure demonstrating that
by continuous forging of amorphous or semi-crystalline polymer sheet to compressive
strains of 50 % and higher above glass transition, but below melting transition, biaxiallyoriented material is produced. During this process, the polymeric sheet simultaneously
elongates in a longitudinal direction and spreads in a lateral direction as the thickness is
reduced. The tensile strength and toughness of the material was significantly improved,
however no physical explanation of the phenomenon was provided.26
Although many authors investigated solid state deformation of homopolymers,
limited work has been reported on blends.34 Lai et al. and Chung et al. proposed
polyolefin blends with two melting temperatures. This approach allowed solid state
processing above the lower melting temperature of the blend and below the higher
melting temperature of the blend, thus allowing for wider cold processing temperature
range.34,35 Porter et al. investigated solid-state co-extrusion of the blends of the crystalline
and the amorphous polymers. The blends of the poly(ether ether ketone) and poly(ether
imide) (PEEK/PEI) were investigated. Although no mechanical tests were reported, the
authors showed that the glass transition of the amorphous drawn PEEK/PEI blends was
depressed and the densities were increased.28
The goal of this work is to explain the physical basis behind solid-state deformation
of semi-crystalline polymers using an approach similar to the approach first reported by
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McGlamery et al in 1963 for HDPE. The aim of this research is to demonstrate that the
toughness and ductility of semi-crystalline polymers can be enhanced through mechanical
deformation. Unlike in glassy polymers, in semi-crystalline polymers the yield stress and
post yield stress drop are associated with changes in crystal structure and crystallinity.
Therefore, in contrast to glasses where the ductility imposed is temporary, the induced
improvement in ductility may be permanent in the semi-crystalline thermoplastics. In the
solid-state process described in our work the material is deformed by the process similar
to the uniaxial compression in the strain softening regime to compressive strains in the
range of 25-50 % in an unconfined geometry at temperatures significantly lower than the
polymer melting transition.

1.2 Polymer Composites
Polymer composites are developed to obtain properties beyond those achievable
with a homo-polymer. Composites are made up from two or more materials with different
physical properties and distinct phases. An example of a composite material would be a
soft polymer matrix reinforced by a stiffer material such as inorganic fibers. Another
example of a composite is a rubber-toughened polymer where a stiff polymer has
inclusions of a softer phase such as rubber particles to improve properties such as
toughness.36
There are three main classes of composites: particulate composites, discontinuous
fiber composites and continuous fiber composites. In particulate composites, the particles
may be used as fillers, reinforcing agents that increase Elastic modulus or as toughening
agents that improve fracture toughness. The particles are uniformly dispersed throughout
a composite and may have spherical shape or non-uniform shapes and sometimes even
14

can be plate-like. The mechanical properties of the composite are dependent on: the
interaction between the particulates and the matrix, shape, volume fraction and size
distribution of the particles and inter-particle distance.36-39
Fiber reinforced composites are most widely used in the industry. In continuous
fiber composites the fibers are often aligned uniaxially. However, each layer of aligned
fibers is frequently stacked in different directions (for example cross-ply). In addition, in
complex continuous fiber composite designs, groups of aligned fibers can be woven or
knitted together. Continuous fiber composites provide superior mechanical properties,
thermal conductivity and electrical resistivity.40 The axial stiffness of uniaxially aligned
continuous fiber composite along the axis of fiber alignment can be predicted from the
estimation of the Elastic modulus of the composite by the rule of mixtures. When
deformed in the uniaxial direction the matrix material and the fiber material are under the
same strain, Equation 1.1:

 f  m  c

(1.1)

Where ɛf, ɛm and ɛc are the respective strains of the fiber, the polymer matrix and
the composite material. Even though the continuous fibers are subjected to the same stain
as the polymer matrix, they have much higher modulus and experience significantly
higher stress then the matrix.41 Therefore the overall stress of the composite is the
weighted sum of the stresses of each component, Equation 1.2:

 c   f  f   mm

(1.2)

Where σc, σf and σm are the stresses of the composite, the fiber and the matrix,
resetiely and ϕf and ϕm are volume fractions of the fibers and the polymer matrix material,
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respectively. Dividing this equation by the strain yields an expression for the Elastic
modulus of the unidirectional composite in the axial direction, Equation 1.3:
Ec _ axial  E f  f  Em (1   f )

(1.3)

Where Ec_axial is the Elastic modulus of the composite in the axial direction, Ef and Em are
Elastic moduli of the fiber and the matrix respectively.41
In order to determine continuous fiber composite suitability for load-bearing
applications it is important to know the composite stiffness in the transverse direction as
well. The transverse Elastic modulus of the continuous fiber composite can be calculated
by writing an equation for stresses in a transvers direction, Equation 1.4:

 f m c

(1.4)

Where σf, σm and σc are the respective strains of the fiber, the polymer matrix and
the composite material. In the transverse direction the strains for the fiber and matrix are
additive and the overall strain of the composite is the weighted sum of the strain for the
fibers and the strain for the polymer matrix, Equation 1.5:

 c   f  f   mm

(1.5)

Where ɛc, ɛf and ɛm are respective stresses of the composite, the fiber and the
matrix. Dividing this equation by the strain yields an expression for the Elastic modulus
of the unidirectional composite in the transverse direction, Equation 1.6:
1
E c _ transverse



f
Ef



(1   f )
Em
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(1.6)

Where Ec_transverse is the Elastic modulus of the composite in the transvers
direction. This equation gives a prediction of stiffness in the transverse direction for the
continuous uniaxially-aligned fiber reinforced composite.41
In discontinuous fiber composites the fibers can be unidirectional oriented,
randomly oriented, or partially oriented. Discontinuous or short fibers reinforce the
polymer matrix if the load is transferred from the matrix to the fibers.39 The efficient load
transfer from the matrix to the fiber happens if there is a good adhesion between the fiber
and the matrix, the fiber length is greater than the critical length as given by Equation 1.7
and the fiber wet-out by the matrix is sufficient.

lc 

f
df
2 i

(1.7)

Where lc is the critical length of the fiber, σf is the tensile strength of the fiber, τi is
the interfacial shear stress and df is the diameter of the fiber. Further the mechanical
properties of the matrix are dependent on the fiber length and orientation distribution.
The most significant levels of reinforcement in polymer composites are obtained through
the use of high modulus fibers; for example glass fibers and carbon fibers.41
In a random discontinuous fiber reinforced composite it is not as straightforward
to calculate the Elastic modulus of the composite as for continuous fiber reinforced
composites. In this case a good approximation of the composite modulus is given by the
R. M. Christensen's model for finite length fibers in the composite matrix, Equation 1.8.40
In order to derive this model, Christensen considered an inclusion of a slender-prolate
ellipsoid in an infinite matrix phase, which is subjected to conditions of the uniform
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deformation at large distances from the inclusion, as well as a perfect adhesion between
an inclusion and the matrix. The effective elastic properties of the composite are
determined as a function of the aspect ratio of the ellipsoid (short chopped fiber
approximation), as well as the properties of the matrix phase and fiber phase. The Lame’s
Constants (  and  ), used in this model are calculated from measured Young’s modulus
and Poisson’s ratio for the polymer matrix and for the fiber.
E (1  2 m )
Em (1  2 m2 )

(3  2 )  m
 

Ec
2(1  m )
2(1   m )
(1   m )(1  2 m )
 1 c
Em
 1   m  2  2 5  4 m 
Em
k ln 
 (3  2 )
(   )   m (3m  2 m )

 1  m   k 4(1  m )  2(1  m )

(1.8)
Where Ec is the Young’s modulus of the composite; Em is the Young’s modulus of the
matrix; c is the volume percent of fibers;  is the difference between the shear moduli
of the fiber (  f ) and of the matrix (  m );  is the difference between the Lame’s first
parameter of the fiber (λf) and the Lame’s first parameter of the matrix (λm); k is the
width to length aspect ratio of the fiber and  m is Poisson’s ratio of the matrix. The
experimental results are compares with the theoretical moduli estimation.40
The drawback of using fiber-reinforced composites is that material properties are
anisotropic and vary significantly when evaluated in different directions. The anisotropic
properties arise due to the fact that the fibers oriented in a specific direction have higher
stiffness and strength then the matrix. Another drawback to using fiber reinforcements is
that the presence of short fibers in a liquid resin or in molten polymer increases the
processing viscosity and makes the processing more challenging.36,38 Chapter 2 provides
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the strategy of using low molecular weight reinforcements to generate in-situ reinforced
composites without increased viscosity during processing.

1.2.1 In Situ-Reinforced Composites
Secondary phases in polymer matrix composites can be generated in situ through
phase transformation. Thermally induced phase separation in polymers allows for the
creation of a wide variety of reinforcement morphologies.

An example of in situ-

reinforced composites through thermally induced phase separation is illustrated in
Chapter 2. Crystallization is one of the major classes of phase separation observed in
both mixtures of small molecules as well as mixtures of polymeric materials. In order to
take advantage of phase transformation to design composites with unique reinforcement
morphologies, it is important to understand miscibility and phase behavior of materials. A
derivation of the miscibility boundary for two compounds that phase separate due to
crystallization is described below.
The miscibility boundary can be predicted by deriving the theoretical melting
temperature, Tm, of the crystallizable compound, compound I. This temperature presents a
boundary between compound I in its crystalline state and compound I in its liquid state.
This temperature can be analyzed in terms of the chemical potentials per mole of
compound I in the crystalline state  c and in the melt state  l , as shown in Equation
1.9:37
At Tm ,  c   l
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(1.9)

In its melt state, compound I is miscible in compound II which, for the range of
temperatures considered, exists only in the liquid state. In its crystalline state, compound
I is completely phase separated and immiscible with compound II.
The chemical potential of compound I in its liquid state, when it is in equilibrium
with compound II, can be calculated by partial differentiation of the Flory-Huggins
equation for the Gibbs free energy of mixing for a two-component molecular mixture,
Gm , as shown in Equation 1.10:42

 l   0  RTm ln 1  (1  1 ) 2  

(1.10)

where  0 is the chemical potential of compound I in the pure liquid state, Tm is the
melting temperature of compound I in solution, 1 is volume fraction of compound I,  2
is the volume fraction of compound II, n1 is the number of moles of compound I, n2 is the
number of moles of compound II, R is the ideal gas constant, and  is the chemical
mismatch parameter. An assumption in this derivation is that the Flory-Huggins
interaction parameter,  , is purely enthalpic. Therefore the chemical mismatch parameter
is independent of concentration and is only a function of temperature, as shown in
Equation 1.11:



( 1   2 ) 2 V1
RT

(1.11)

where, δ1 is the solubility parameter of component I, δ2 is the solubility parameter of
component II, and V1 is the molar volume of component I. The solubility parameters and
the molar volume were calculated according to Fedors and Krevelen’s approach.43-45
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The chemical potential of component I in its crystalline state can be calculated
according to Equation 1.12:

 c   0  (H  Tm S )

(1.12)

where H and  S are the enthalpy and entropy of fusion per mole of component I .
Assuming that H and  S

are not temperature dependent between T0m , the melting

temperature of neat component I crystals, and Tm, Equation 1.12 can be simplified to
Equation .13:18


 c   0  H 1 


Tm 

Tm0 

(1.13)

Next, using Equation 1.10, an expression for an idealized melting temperature of
component I (Tm) can be derived in order to estimate equilibrium phase behavior of
component I in component II, as shown in Equation 1.14.

1

 

1 
 (   2 ) 2  V1
1  1 2   10  R  ln 1(1.14)
 1  1

Tm 
H



 Tm H

Once the theoretical miscibility boundary between two components is estimated, the
experimental conditions can be carefully selected to generate in situ-reinforcement
composites.
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1.3 Toughened Plastics and Thermoplastic Elastomers
As discussed earlier, in addition to rigid fillers a composite material can be based
on a stiff glassy matrix reinforced with rubber inclusions such as ethylene-propylenediene ter-polymer (EPDM). Generally in the case of soft particle fillers, cavitation of
particles at the early stage of deformation reduces plastic resistance and allows the
material to behave more ductile. The presence of a low modulus rubbery phase has the
effect of reducing the overall Elastic modulus. This effect can sometimes be overcome by
having a glassy core or glassy inclusion within the rubber particle. This allows for
toughening of the composite without reducing the Elastic modulus.
Thermoplastic-elastomers (TPEs) are a specific class of polymeric materials that
can behave as elastomers without the necessity of having chemical cross-links. When
processed at elevated temperatures, these materials behave as thermoplastics. However,
upon cooling to ambient temperature, TPEs have elastomeric properties.46 The “crosslinks” in TPEs are physical rather than chemical - usually consisting of the crystallization
of one phase of a copolymer, Figure 1.5. These physical cross-links bind flexible
molecules in the material into the network. In TPEs the transition from an elastomeric
phase into a thermoplastic phase is reversible and thermally activated. Therefore, unlike
conventional elastomers, TPEs can be repetitively reprocessed.
Several types of polymers have been designed for use as TPEs. Polyolefinic TPEs
are materials where both the thermoplastic and the rubbery phase are of polyolefinic
nature, such as isotactic polypropylene (iPP) and EPDM blends developed by Coran and
Patel.47 Examples of polyolefinic TPEs include block copolymers, stereo-block polymers,
graft copolymers and blends.46 An example of a block-copolymer based TPE is random
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ethylene-propylene copolymer. This system consists of crystalline regions embedded in
an amorphous rubbery matrix.
There are two types of TPE blends: co-continuous phase blends and dynamically
vulcanized blends. During the process of dynamic vulcanization, a thermoplastic polymer
(iPP) and uncross-linked rubber (EPDM) are heated and blended together.

In

dynamically vulcanized blends the semi-crystalline phase is continuous and surrounds the
discontinuous, cross-linked elastomeric phase.48 Most successful dynamically vulcanized

Figure 1.5: Schematic illustration of formation of hard segments (physical cross-links)
in a thermoplastic elastomer.
iPP/EPDM TPEs have been commercialized under names such as Santoprine, Vyram and
Sarlink. Since the concentration of EPDM and the extent of its vulcanization are
adjustable, a variety of morphologies and properties can be obtained. Montoya et al.
conducted a systematic characterization of physical properties of a wide range of
commercially available polyolefinic TPEs, including Santoprine 103-40 (Mitsubishi
Monsanto Co.), Vyram 9201-85 (Advanced Elastomer Systems), Sarlink 3140 (DSM)
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and Sarlink 4149D (DSM). Their research showed that superior elastomeric behavior is
observed in grades with a dominant weight fraction of EPDM. In contrast, superior
mechanical response, analogous to a toughened thermoplastic, is observed in grades with
a dominant weight fraction of iPP.49 Similarly, Wright et al. investigated structureproperty relationships for dynamically vulcanized iPP/EPDM TPEs. The authors showed
that varying iPP/rubber weight ratio allows for designing TPEs with fine-tuned
mechanical properties such as hardness, tensile modulus and elongation at break.50,51
Chapter 3 of this dissertation describes the design and process-structure-property
relationships of TPEs based on iPP and poly(dimethylsiloxane) (PDMS).

1.4 Flame-Retardant Polymers
During a fire, polymers typically ignite first, therefore the development of flame
retardant additives for polymeric materials is critical. Chapter 2 and 3 of this dissertation
demonstrate two unique approaches to design materials with improved flame retardancy.
During combustion of polymers, the material thermally decomposes into lower molecular
weight fragments, which then volatilize and combust upon mixing with oxygen. As the
material thermally decomposes, more heat is released onto the unburned polymer,
thereby continuing to drive thermal decomposition and burning. In addition to heat
release, the other important parameters to consider are smoke release and mechanical
integrity of the material during combustion. The exact physics and chemistry of polymer
thermal decomposition is material dependent. Cross-linked thermoset polymeric
materials tend to produce pyrolysis gases from the surface of the material into the
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atmosphere. Thermoplastic materials typically drip and flow during combustion which
results in additional mechanisms of flame propagation.52
The two main approaches to making flame retardant polymeric materials are: 1)
designing low flammability polymers, and 2) the incorporation of flame-retardant
additives in the polymer. Typically the design of low flammability polymers is costly, but
these materials can be used in a wide range of applications. Flame-retardant additives is
the most common approach to improve flame-retardancy of polymers. This approach is
cost effective, but there are drawbacks such as the additive leaching out of the material,
reduction of mechanical properties and an increase in melt flow viscosity leading to
difficulty in processing.53 Chapters 2 and 3 address some of these issue by presenting two
unique approaches to improve the flame retardancy: using low molecular weight flame
retardant

additives

for

thermosets

and

designing

flame

retardant

isotactic

polypropylene/polydimethylsiloxane (iPP/PDMS) thermoplastic elastomers.
There are three main mechanisms by which the additive can act as a flameretardant: gas phase flame retardation, endothermic flame retardation, and flame
retardation due to char formation. Gas phase flame retardants consume the heat release in
the gas phase during pyrolysis by neutralizing free radicals. These flame retardants are
typically halogenated or phosphorus based. Endothermic flame retardants function in
both the gas and the condensed phase and release non-combustible gases such as water
and carbon dioxide. During combustion these gases dilute the fuel as well as cool the
polymeric material by endothermic decomposition reactions of the additive, thereby
slowing the rate of the combustion. In addition these materials may leave a ceramic
residue that may act as a protective barrier. An example of endothermic flame retardants
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are carbonates and metal oxides. Char forming flame retardants, such as nano-composites
and intumescent additives, function in the condensed phase of the material through
forming a non-combustible protective char layer and providing thermal insulating barrier
for underlying polymeric material.52
Halogenated flame retardants have been commercially used since the 1930s and this
approach to enhance flammability properties of polymers is proven and cost effective.
However, halogenated flame retardants are undesirable due to toxicity and
bioaccumulation issues.54 Thus, the development of effective non-halogenated flame
retardants is critical. Additives based on metal hydroxides, such as aluminum hydroxide
and magnesium hydroxide, are promising candidates for improving flame retardancy of
polyolefins. Some widely investigated non-halogenated additives are organo-phosphorus
flame retardants.52 However, these additives may have an adverse effect on other polymer
properties. For example, Zhao et al. showed that although the addition of organophosphorus flame retardant improved the flammability properties of polycarbonate (PC)
it also caused a decrease in tensile and Izod impact strength of the material.55,56 Using a
multifunctional additive that can simultaneously enhance both mechanical and flame
retardant properties addresses this issue. Zerda et al. investigated organo-phosphorous
additive, dimethyl methyl phosphonate (DMMP), to improve the mechanical and thermal
properties of a cross-inked epoxy resin. DMMP was shown to be an effective molecular
fortifier that also increased flame retardancy of the thermoset.57 In Chapter 2, a low
molecular weight additive, desoxyaniosin, is used in its crystalline form as
multifunctional additive to simultaneously improve processability, flame-retardancy and
mechanical properties in epoxy thermosets. Desoxyansioin is a precursor to a non-
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halogenated molecule 4,4’- bishydroxydeoxybenzoin (BHDB) that is engineered to
promote char and built into the backbone of polymers by Emrick et.al. Figure 1.6
presents self-extinguishing halogen-free BHDB based polyarylates, polyphosphonates
and polyarylate-co-phosphonate.54

Figure 1.6: Self-extinguishing halogen-free BHDB based polyarylates,
polyphosphonates and polyarylate-co-phosphonates.54

Another interesting approach to developing flame-retardant additives for polymers is
the use of silicone as a flame retardant material. Silicones are more advantageous for
flame retardant applications since they exhibit slow burning rates without dripping, have
no emission of toxic fumes, and have low heat release rates.58,59

Thus,

polydimethylsiloxane (PDMS), the most widely used silicone in industry, is one of the
most commonly used polymers for thermal applications such as electrical wire and cable
coatings.60-62 There are three main mechanisms by which PDMS thermally decomposes:
unzipping reaction, random scission reaction and external catalyzed reaction (when ionic
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or polar impurities are present). The mechanism activated depends on the end-groups,
side-groups, molecular weight and the presence of additives or another material.
Regardless of the thermal decomposition mechanism, depolymerization of PDMS takes
place that results in main chain scission and formation of various cyclic structures, Figure
1.7.63 The chain scission continues until the residual linear segments are too small to form
new cyclic structures and/or evaporate. Thermal oxidation to silica (SiO2), H2O and CO2
occurs due to reaction in the gaseous phase between oxygen and volatile cyclic oligomers
and short linear fragments.63
In Chapter 3, PDMS enhances flame retardancy of iPP through the cross-linking
reaction. PDMS has been used as a flame retardant additive through direct blending with
a polymer matrix for variety of polymers including polyolefins. One example of using
PDMS with polyolefins is blending PDMS with low density polyethylene (LDPE). As a
result, the thermal stability of LDPE was enhanced because of crosslinking formation
between LDPE and PDMS due to radical formation during LDPE thermal
decomposition.64,65 Additionally, incorporation of PDMS with intumescent flame
retardant polypropylene (iPP) containing melamine phosphate dramatically improved the
flame retardancy properties of the system.66
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Figure 1.7: Depolymerization of PDMS by random chain scission.

1.5 Dissertation Overview
Numerous homo-polymers are modified before they are used as engineering plastics
in order to enhance the desired mechanical and physical properties. For example, a softpolymer matrix can be reinforced with a stiffer component, such as rigid particles or
fibers to improve the stiffness and strength of the material. However, an increase in the
process viscosity and possible decrease in fracture toughness are drawbacks to this
approach.41 As another example, a softer rubbery phase can be used to improve the
desired properties of the material such as fracture-toughness. However, the presence of a
lower modulus rubber phase can reduce the overall Young’s modulus and yield strength
of the polymer.38 Similarly to composites with rigid reinforcements, processability of
rubber-toughened polymers can be an issue.36 In addition to improving polymer stiffness
and toughness, sometimes it is desirable to improve properties other than mechanical
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behavior, for example, processability or frame retardancy.54,67-69 Furthermore, because
polymers are frequently used in low-cost and high-volume applications, overall cost
reduction is important.70,71 Thus, it is highly desirable to use multifunctional additives
and/or processing strategies that can simultaneously address several of the concerns
described above.
The aim of this research is to investigate novel processing strategies that would result
in improved processability, mechanical properties, and in some cases, flame retardancy of
polymers. This dissertation presents three different routes to polymer modification either
through multifunctional additives or unique processing methods. Chapter 2 describes
using a low molecular weight (LWM) crystallizable additive to simultaneously improve
processability, flame-retardancy and mechanical properties in epoxy-thermosets. Chapter
3 describes a melt processeable organic/inorganic thermoplastic elastomer based on
isotactic polypropylene (iPP) and polydimethylsiloxane (PDMS) with improved flame
retardancy. Lastly, Chapter 4 presents solid state deformation of semi-crystalline
polymers in order to enhance non-linear ductility.
Various thermosets, including epoxies, are typically used in systems with fibers or
other additives to improve stiffness. However, due to chopped fibers or other additives
such systems are difficult to process due to increased viscosity. Chapter 2 describes an
alternative approach to using rigid reinforcements by introducing reinforcement in
thermosetting polymers through low molecular weight (LMW) crystallizable additives. A
LMW additive is introduced to the resin and, at the processing temperature, the additive
melts and becomes miscible with the resin, thereby reducing viscosity and improving
processability. Upon thermoset cross-linking reaction, the additive will recrystallize and
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grow highly anisotropic crystals, thus providing reinforcement morphology. This work
describes self-reinforcing thermosets with desoxyanisoin as a crystalline additive.
Desoxyansioin is a precursor to a non-halogenated molecule that is engineered to
promote char and built into the backbone of other polymers by Professor Emrick. Herein,
Desoxyansioin is used as a multifunctional additive in its crystalline form to
simultaneously improve flame retardancy and mechanical properties of the system. First,
the mechanical and thermal properties of desoxyanisoin crystals are characterized.
Second, thermally induced phase separation (TIPS) behavior of desoxyanisoin at
different volume percent in diglycidylether of bisphenol-A (DGEBA) is investigated
theoretically and experimentally in order to ensure that the diamine curing agent is added
to the homogeneous solution. Upon the addition of the curing agent and competition
between the reaction and crystallization a wide variety of reinforcement morphologies are
achieved which can be altered based on the experimental conditions. Lastly, the
mechanical and flame retardancy properties of epoxy-desoxyanisoin thermosets are
characterized.
In Chapter 3, organic/inorganic thermoplastic elastomers (TPEs) based on iPP and
PDMS are fabricated by reactive melt mixing in the presence of peroxides and the
structure-process-property relationships of these systems are investigated. Varying the
content of the rubber phase allows for the design of TPEs with a wide range of
mechanical and physical properties. These polyolefin-based thermoplastic elastomers are
similar to the dynamically vulcanized elastomer-thermoplastic blends of polyoliefins with
ethylene-propylene-diene-tertpolymer (EPDM) with the PDMS used as an EPDM
equivalent. In the TPEs described in this work, not only is PDMS dynamically cross-
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linked, but also there are some chemical cross-links with the amorphous iPP. There are a
number of interesting examples of cross-linking PDMS with PE by reactive melt mixing
in the presence of the peroxide. On the contrary peroxidation of neat iPP induces
extensive chain scission and typically leads to a decrease in molar mass. In this work
difunctional vinyl terminated PDMS is used as a co-agent of cross-linking for iPP that
helps promote the recombination reaction for iPP and dramatically reduces the
disproportionation reaction. First, iPP crystallinity in these TPEs is studied to determine
if iPP can crystallize and form physical cross-links in addition to chemical cross-links
when it is in the network with PDMS and, thus, allow the material to behave as a TPE.
The cross-link density dependence on iPP crystallites is investigated in order to estimate
the number of physical cross-links in the system. Second, the morphology of these
systems is investigated and compared to conventional TPEs. Third, this work investigates
if the final material behaves more as an elastomer or as a thermoplastic and how the
properties depend on the weight percent (wt%) of PDMS. During the final stages of this
work, the flame retardancy properties of these organic/inorganic TPEs are investigated.
Chapter 4 describes the solid-state deformation of semi-crystalline polymers in order
to improve their non-linear ductility. Solid-state deformation below melting temperature
and crystallization temperature of semi-crystalline polymer imposes changes in the post
yield behavior by a simple process of compression and shear in the solid state at low
temperature, low pressures and unconfined geometry. This chapter investigates an
improvement in toughness and a shift in the ductile-brittle transition due to solid-state
deformation. The effect of different processing temperatures and strain rates on the extent
of the deformation is examined. In addition, this work investigates how the morphology

32

of the crystalline phase and crystallinity are affected by this deformation. Finally, this
work answers the question of whether this treatment is permanent or reversible and
demonstrates how annealing the semi-crystalline material at elevated temperatures and/or
aging at room temperature over a long time can change the mechanical properties.
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CHAPTER 2
REINFORCING THERMOSETS USING CRYSTALLINE DESOXYANISOIN
STRUCTURES

This chapter presents results on the potential of using crystalline flame retardants for
thermoset reinforcement. The approach involves introducing reinforcement in
thermosetting polymers through low molecular weight crystallizable additives. Thermally
induced phase separation (TIPS) and crystallization of desoxyanisoin in diglycidylether
of bisphenol-A (DGEBA) epoxy monomer is investigated. Small angle light scattering
and polarized optical microscopy are utilized to monitor phase separation and the
crystallization of desoxyanisoin in DGEBA at different concentrations. Reaction induced
phase separation (RIPS) with polyetheramine is carried out under isothermal and
temperature gradient curing conditions. Altering thermoset cure schedule causes a rich
range of morphologies due to the competition between TIPS and RIPS. During
isothermal cure, straight fiber-like anisotropic crystals on a centimeter length scale are
developed. In contrast, application of thermal gradients frustrates the crystal growth and
results in complex and rich morphologies. Desoxyanisoin fiber-like crystals provided
marginal epoxy thermoset reinforcement at 10 volume percent. However, desoxyanisoin
crystals did not increase the thermoset flammability resistance.
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2.1 Introduction
The incorporation of additives allows polymeric materials to cover a wide range of
applications that might otherwise be unattainable. For example, short glass or carbon
fibers are commonly introduced to improve stiffness and strength of the material. These
reinforced polymer composites are widely used in industry ranging from consumer goods
to aerospace applications. However, one drawback to this approach is the increase in the
process viscosity caused by the fibers.39,68,72,73
Low molecular weight (LMW) crystallizable additives is an alternate strategy to
using ridged reinforcements. This approach involves introducing LMW organic
crystallizable compounds into a polymer matrix that, at process temperatures, become
miscible with polymer or monomer thereby lowering the process viscosity74, Figure 2.1.
Upon cooling or reaction, the LMW compound undergoes temperature induced phase
separation (TIPS) and/or reaction induced phase separation (RIPS) and crystallizes,
thereby providing unique in-situ reinforced composites.

Figure 2.1: Low Molecular Weight Additive Approach.
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Prior students in our group demonstrated this approach by using a LMW
crystallizable additive tetrabromobisphenol A (TBBPA) to provide reinforcement in
isotactic polypropylene (iPP). The authors showed that at processing temperatures
TBBPA becomes miscible with iPP and reduces viscosity. Upon cooling, temperature
induced phase separation (TIPS) takes place, which results in morphology that improves
polymer mechanical properties of iPP.69 Another example of this approach is using a
LMW crystallizable additive dimethylsulfone (DMS) to show that reaction induced phase
separation (RIPS) of DMS in diglycidylether of bisphenol-A (DGEBA) epoxy monomer
produced unique composites with distinct reinforcement morphologies.68
This dissertation chapter investigates using desoxyanisoin, which is a precursor to
making a non-halogenated flame retardant molecule 4,4-bishydroxydeoxybenzoin
(BHDB), as a LMW additive for epoxy thermoset. Prior research showed that
incorporation of BHDB into the polymer backbone as a replacement for bisphenol-A
leads to improved flammability properties.54,75 The limitation of this approach is that a
new macromolecule must be synthesized. The goal of this work is to investigating
whether desoxyanisoin can be used as an additive that will simultaneously improve
mechanical and flame retardant properties. After an initial understanding of isothermal
phase separation of desoxyanisoin in a cross-linked epoxy matrix is developed, various
thermal gradients are used to investigate how these thermal gradients can alter crystal
morphology.
The control of crystal morphology is important for many fields and applications, such
as in the fabrication of nano-scale devices, in the uptake of lipophilic vitamins and drugs,
and in non-linear optics (NLO)76-79. Lofgren et. al. showed that with a substantial degree
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of super-cooling, curved and branched crystal morphologies can be produced80.
Similarly, Cheng et al. reported that the temperature and the solute concentration
distribution determine the crystal shape.81 This work investigates how the application of
thermal gradient cure schedule alters the reinforcement morphology.

2.2 Materials and Methods

2.2.1 Materials
EponTM 828, a diglycidylether of bisphenol-A (DGEBA), supplied by Resource
Resins, was used as an epoxide monomer. The cross-linked networks were formulated by
using an aliphatic diamine curing agent (Jeffamine D400, Salt Lake City, UT).
Desoxyanisoin (Sigma-Aldrich) was used as the organic crystal in the epoxy network.
The chemical structures for the epoxide monomer, the aliphatic diamine and the
desoxyanisoin compound are provided in Table 2.1. Toluene (Sigma-Aldrich) was used
as the solvent for growing single desoxyanisoin crystals.
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Table 2.1: Compound chemical structure.
Chemical Name

Structure

Desoxyanisoin
(Sigma-Aldrich)
DGEBA
(Epon 828 Resource
Resins)
Polyetheramine

NH2

(n=5.6)

O
O

(Huntsman D400, Salt
Lake City, UT)

n=5.6

NH2

2.2.2 Sample Preparation

2.2.2.1 Temperature Induced Phases Separation (TIPS)
Initially temperature induced phase separation (TIPS) of desoxyanisoin in DGEBA
was investigated in order to ensure that the crystals and the DGEBA solution are
perfectly missile before the cross-linking agent is added. Blends of DGEBA with 15, 20,
25, 30, 40 and 50 volume % desoxyanisoin were prepared for performing small angle
light scattering (SALS) miscibility and cloud point experiments. To produce a
homogeneous solution, desoxyanisoin was dissolved in DGEBA at the minimum
necessary temperature. After the desoxyanisoin was completely dissolved, the mixture
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was allowed to come to room temperature and left for enough time for crystals to grow. It
is noted that the crosslinking agent was not added.

2.2.2.2 Reaction Induced Phase Separation (RIPS)
For desoxyanisoin-epoxy thermoset fabrication, desoxyanisoin was dissolved in
DGEBA at 80 oC. Once a homogeneous solution was obtained, stoichiometric amount of
the crosslinking agent was added while the mixture was vigorously stirred. Following the
addition of the crosslinking agent, the mixture was poured into 6 by 4 inch plaques and
cured for 24 hours isothermally at 60 oC or with thermal gradient when noted. It is noted
that the crosslinking reaction always started before desoxyanisoin crystallization.

2.2.3 Characterization

2.2.3.1 Crystallization Behavior of Desoxyanisoin
Crystallization of neat desoxyanisoin and the change in the crystallization behavior in
cured epoxy networks was evaluated under nitrogen with differential scanning
calorimetry (DSC) TA Instruments Q200. Two heating and cooling cycles were applied
to the samples in the temperature range of -50 to 150 oC. With a constant rate of 10
o

C/min. The data was collected from the first cooling cycle and the second heating cycle.

The first heating in DSC is characteristic of the effect of thermal history. Consequently
the crystallization behavior of desoxyanisoin was investigated with second heating and
first cooling DSC ramps.
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2.2.3.2 Morphology and Crystal Structure
Desoxyanisoin-epoxy thermosets are fabricated by curing a desoxyanisoin/DGEBA
mixture with polyetheramine cross-linking agent. As isothermal cure schedule is varied,
different morphologies are formed due to the competition between reaction induced
phase separation (RIPS) and temperature induced phase separation (TIPS) of
desoxyanisoin and the epoxy matrix. Further, various thermal gradients are used to
investigate how these thermal gradients alter crystal morphology. Wide angle X-ray
scattering (WAXS) is used to investigate the structure of desoxyanisoin crystals in the
epoxy composite and compare it to neat desoxyanisoin crystals. Electron scanning
microscopy (SEM) Zeiss EVO-50 30kV maximum accelerating voltage is used to
examine the size and morphologies of the desoxyanisoin crystals in epoxy thermosets.
Polarized Optical Microscopy was conducted with Olympus BX51 and used to examine
the size and morphologies of the desoxyanisoin crystals as well. The crystal structure of
neat desoxyanisoin and desoxyanisoin in the cured epoxy thermosets was analyzed with
wide-angle X-Ray scattering (WAXS) Riau S-Max3000 X-Ray instrument with a Cu-Kα
radiation source.

2.2.3.3 Miscibility and Phase Separation
Thermally induced phase separation (TIPS) of desoxyanisoin in diglycidylether of
bisphenol-A (DGEBA) epoxy monomer was investigated both theoretically and
experimentally in order to predict the temperature at which desoxyanisoin phase
separates and precipitates out of the solution with DGEBA. The theoretical melting
temperature of desoxyanisoin presents a boundary between its crystalline and liquid state.
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This temperature is derived by equaling chemical potentials per mole of desoxyanisoin
molecule in the crystalline state and in the melt state.37 In its liquid state desoxyanisoin is
miscible with DGEBA and in its crystalline state desoxyanisoin is completely phase
separated and immiscible with DGEBA. The chemical potential of desoxyanisoin in its
liquid state is calculated by partial differentiation of the Flory-Huggins equation for the
Gibbs free energy of mixing for two component molecular mixture.42 The chemical
potential of desoxyanisoin in its crystalline state is calculated according to the chemical
potential expression for a perfect crystal.18 By equating the chemical potentials of
desoxyanisoin in the liquid state and in the crystalline state, an expression for idealized
melting temperature of desoxyanisoin (Tm) is derived in order to estimate equilibrium
phase behavior of desoxyanisoin in DGEBA, Equation 2.1.

1


 
1  (1   2 ) 2 V1
1  1 2   10  R  ln 1 
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Tm 
H1
 Tm H1


(2.1)

Where, δ1 is the solubility parameter of desoxyanisoin; δ2 is the solubility parameter
of DGEBA, V1 is the molar volume of desoxyanisoin, 1 is the volume fraction of
desoxyanisoin, and ∆H1 is the enthalpy of fusion of desoxyanisoin that was measured
with differential scanning calorimetry (DSC). The solubility parameters and the molar
volumes is calculated according to Fedors and Krevelen’s approach.43-45 In addition to
theoretical treatment of TIPS of desoxyanisoin in DGEBA, TIPS is investigated
experimentally with small angle light scattering (SALS). During the SALS cloud point
experiments, transmittance and real-time information about the evolving crystal
morphology are recorded. The transmittance is at its maximum when the solution is clear
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and desoxyanisoin is completely miscible with DGEBA. As the temperature is decreased,
desoxyanisoin phase separates and transmittance decreases. The transmittance drops to
zero, once the morphology is fully developed. Temperature at which the transmittance
drops by 2 % from the original value will is used as the temperature at which phase
separation between desoxyanisoin and DGEBA takes place. Miscibility and cloud point
experiments were carried out with small angle light scattering (SALS). Detailed SALS
set up is reported elsewhere.68 A sample was placed into the heating stage and as a
sample was heated and cooled at 10oC/min, data from scattering image, time, temperature
and intensity were recorded simultaneously.

2.2.3.4 Mechanical Properties of Desoxyanisoin Epoxy Thermosets
Dynamic Mechanical Analysis and monotonic tensile tests were performed to
investigate if desoxyanisoin crystals provide any reinforcement. Dynamic-mechanical
characterization of desoxyanisoin-epoxy thermosets was done on dynamic mechanical
analyzer (DMA) TA instruments 800 with rectangular bars (25x5x1 mm3) in film tension
mode. Tests were carried out at 1 Hz as temperature increased from -100 oC to 200 oC at
3oC/min.
In addition to determining the composite modulus experimentally, the theoretical
composite moduli is calculated according to R.M. Christensen's model for finite length
fibers in the composite matrix, Equation 2.40 The Lame’s Constants (  and  ), are
calculated from measured Young’s Modulus and Poisson’s Ratio for neat epoxy and from
measured Young’s Modulus and estimated Poisson’s ratio for desoxyanisoin crystal
(grown by solvent casting in toluene). In order to evaluate the Young’s modulus of
42

desoxyanisoin crystals, single crystals were grown by solvent casting in toluene. Single
desoxyanisoin crystals were several centimeters in length and on average 0.2 millimeters
in thickness and 0.6 millimeters in width. Figure 2.5, shows the sample width and
thickness dimensions of a single desoxyanisoin crystal. Thermo-mechanical analyzer
(TMA) TA Instruments 400 with 3-point bend test probe was used to measure the
Young’s modulus of a single desoxyanisoin crystal at room temperature. Reported values
were averaged over five measurements.
E (1  2 m )
Em (1  2 m2 )

(3  2 )  m
 

Ec
2(1  m )
2(1   m )
(1   m )(1  2 m )
 1 c
Em
 1   m  2  2 5  4 m 
Em
k ln 
 (3  2 )
(   )   m (3m  2 m )

 1  m   k 4(1  m )  2(1  m )

(2.2)
Where Ec is the Young’s Modulus of the composite; Em is the Young’s modulus of
the epoxy matrix; c is the volume percent of desoxyanisoin;  is the difference
between the shear moduli of the desoxyanisoin fiber (  f ) and of the epoxy matrix (  m );
 is the difference between the Lame’s first parameter of the desoxyanisoin fiber (λf)

and the Lame’s first parameter of the epoxy matrix (λm); k is the width to length aspect
ratio of desoxyanisoin crystal and  m is Poisson’s Ratio of the epoxy matrix. The
experimental results are compares with the theoretical moduli estimation.
Tensile properties of the materials were evaluated according to ASTM D638 using
Type I specimen on Instron 5800 universal testing machine at room temperature with the
crosshead displacement rate of 10 mm/min. Elastic modulus, tensile strength, and
elongation at break of both neat epoxy thermosets and desoxyanisoin-epoxy thermosets
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were measured. Further, extensometer was used for the poisson’s ratio measurements.
Reported values were averaged over five measurements.

2.2.3.5 Thermal Properties
Epoxy composite flammability characteristics with the addition of desoxyanisoin
were

investigated

with

Pyrolysis-combustion

flow

calorimeter

(PCFC)

and

thermogravimetric analyzer (TGA). Thermal degradation measurements were made with
a TA instruments thermogravimetric analysis (TGA) TA Instruments 500. PCFC Set up
is described elsewhere, Figure 2.2.82,83 PCFC is a technique that determines flammability
properties of materials and thermo-chemical data using controlled heating and oxygen
consumption calorimetry. Lyon et. al. demonstrated that PCFC correlates very well with
traditional fire tests such as cone calorimeter, limiting oxygen index (LOI), and UL-94
and showed that PCFC is a rapid, quantitative predictor of material flammability.
Measurements of the heat-release capacity and total heat released during combustion
were made on a pyrolysis-combustion flow calorimeter (PCFC) at 1oC/s.

Figure 2.2: PCFC Set Up 20,21
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2.3 Results and Discussion

2.3.1 Neat Desoxyanisoin
The crystal structure of desoxyanisoin is monoclinic, with unit cell dimensions of
c=2.194 nm, b=0.5506 nm, and a=1.513 nm, and unit cell angles of α=90o, ß=133.9o,
γ=90o84. Figure 1 presents analysis of the desoxyanisoin crystals used in this study with
wide-angle X-Ray scattering (WAXS). As can be seen from Figure 2.3, the equatorial
trace of WAXS diffraction of desoxyanisoin can be resolved into multiple crystal peaks.
The dimensions and the angles of the unit cell were used to calculate the d spacing

Figure 2.3: Wide-angle X-ray scattering results for desoxyanisoin crystals. The miller
indexes are assigned for the peaks corresponding to crystal growth in a, b and c directions.
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corresponding to the crystal growth in a, b and c directions and Bragg’s law was used to
calculate the corresponding 2ɵ locations of crystalline peaks indexed as (100), (010) and
(001).
Then, the Scherrer equation was used to calculate the apparent crystallite size in a, b
and c directions. The corresponding d-spacing, full width half maximum (FWHM), and
crystallite sizes are summarized in Table 2.2. The results indicate crystallite size
perpendicular to the (100), (010), and (001) planes as 2.4 nm, 44.6 nm, and 36.8 nm,
respectively corresponding to aggregates of small crystallites growing in a, b and c
directions.
Table 2.2: Apparent crystallite size of desoxyanisoin.

Miller
Index

d Spacing
(nm)

FWHM
(2θ)

Apparent Crystallite
Size

001

1.58

10.5

2.44

100

1.09

0.329

36.8

010

0.551

0.021

44.6

The crystallization behavior of neat desoxyanisoin powder was investigated using
differential scanning calorimetry (DSC). Many LMW organic compounds form supercooled glasses and do not recrystallize after melting; such behavior can compromise the
mechanical properties of the composite as seen in Yoon et al. work.69 As other LMW
crystallizable organic components, desoxyanisoin demonstrates significant supercooling,
however; desoxyanisoin shows a crystallization peak by forming a loop during DSC
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cooling ramps, as shown in Figure 2.4B. The loop in the exotherm forms due to rapid
crystallization and associated self-heating resulting from this process85. Rapid
crystallization behavior and the ability to recrystallize after melting are important
characteristics for in-situ thermoset reinforcement as seen Yordem et al work68.
The mechanical properties of each constitutive have to be evaluated in order to
evaluate the composite mechanical properties. Although it is straight forward to measure
the properties of the neat epoxy matrix such as young’s modulus and passion’s ratio, it is
significantly more challenging to measure the mechanical properties of a single crystal.
To measure the mechanical properties of desoxyanisoin, a single crystal was grown by
solvent casting in toluene.

A

Figure 2.4: DSC thermograms of desoxyanisoin. 2.4A-heating ramps from 0oC to
150oC, 2.4B-cooling ramps from 150oC to 0oC.
Figure 2.5 shows the thickness (2.5A) and the depth (2.5B) of a single desoxyanisoin
crystal that was used in a TMA flexural test as well as the experimental set up with
desoxyanisoin crystal under the probe (2.5C). The ratio of thickness/depth is the same as
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the ratio of the monoclinic unit cell dimensions b/c which further confirms that this is a
single crystal. The maximum stress to failure, σmax, and Young’s modulus, E, were
evaluated from 3-point bend test according to Equations 2.3 and 2.4.

 max 

3FL0
2WD 2
3

FL0
E
4WD 3Y

(2.3)

(2.4)

Where F is force at a given point in N, L0 is support span (10.16 mm), C is
desoxyanisoin crystal width in mm, D is desoxyanisoin crystal depth in mm, W is
desoxyanisoin crystal width, Y is resulting central deflection. The young’s modulus of a
single desoxyanisoin crystal was calculated to be 6.55 GPa and the maximum stress to

Figure 2.5: Sigle Desoxyanisoin Crystal. 2.5A – cystal thickness, 2.5B – crystal width,
3C – flexture test set up with desoxyanisoin crystal.
failure 91 MPa. The elastic modulus of desoxyanisoin is significantly lower than the
elastic modulus of a carbon fiber that is on the order of 100-200 GPa. However,
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desoxyanisoin is an organic single crystal material and as will be demonstrated later on in
this chapter, the Yong’s modulus and failure stress of desoxyanisoin single crystal is still
higher than those values for neat epoxy thermoset.

2.3.2 Thermally Induced Phase Separation (TIPS) of Desoxyanisoin and DGEBA
TIPS behavior of desoxyanisoin at different volume present in DGEBA was studied
theoretically and experimentally in order to insure that in the RIPS experiments described
later the diamine curing agent is added while desoxyanisoin and DGBA are in
homogeneous solution. The theoretical melting temperature of desoxyanisoin presents a
boundary between its crystalline and liquid state. This temperature was derived by
equaling chemical potentials per mole of desoxyanisoin molecule in the crystalline state
and in the melt state.37 In its liquid state desoxyanisoin is miscible with DGEBA and in
its crystalline state desoxyanisoin is completely phase separated and immiscible with
DGEBA. The chemical potential of desoxyanisoin in its liquid state was calculated by
partial differentiation of the Flory-Huggins equation for the Gibbs free energy of mixing
for two component molecular mixture.42 The chemical potential of desoxyanisoin in its
crystalline state was calculated according to the chemical potential expression for a
perfect crystal.18 By equating the chemical potentials of desoxyanisoin in the liquid state
and in the crystalline state, an expression for idealized melting temperature of
desoxyanisoin (Tm) was derived in order to estimate equilibrium phase behavior of
desoxyanisoin in DGEBA (Equation 1 and solid line in Figure 4).

1


 
1  (1   2 ) 2 V1
1  1 2   10  R  ln 1 
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Tm 
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 Tm H1
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(2.5)

Where, δ1 is the solubility parameter of desoxyanisoin; δ2 is the solubility parameter
of DGEBA, V1 is the molar volume of desoxyanisoin, 1 is the volume fraction of
desoxyanisoin, and ∆H1 is the enthalpy of fusion of desoxyanisoin measured in DSC. The
solubility parameters and the molar volumes were calculated according to Fedors and
Krevelen’s approach.43-45 This estimation was done in order to predict the temperature at
which desoxyanisoin phase separates and precipitates out of the solution with DGEBA.
In addition to theoretical treatment of TIPS of desoxyanisoin in DGEBA, TIPS was
investigated experimentally with small angle light scattering (SALS), dotted line in
Figure 2.6. During the SALS cloud point experiments, transmittance and real-time
information about the evolving crystal morphology are recorded. The transmittance is at
its maximum when the solution is clear and desoxyanisoin is completely miscible with

Figure 2.6: Estimated and experimentally determined equilibrium phase behavior of
desoxyanisoin and DGEBA monomer blend.
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DGEBA. As the temperature is decreased, desoxyanisoin phase separates and
transmittance decreases. The transmittance drops to zero, once the morphology is fully
developed. Temperature at which the transmittance decreased by 2 % from the original
value was used as a temperature at which phase separation between desoxyanisoin and
DGEBA takes place.
As can be seen from Figure 2.6, there is a large discrepancy between the estimated
equilibrium phase behavior and the experimental measurements. This occurs because the
estimated phase behavior is based on the thermodynamics that does not consider kinetic
effects. However, as desoxyanisoin concentration and the temperature are decreased,
kinetic effects become dominant and there is a deviation from the estimated behavior.
Therefore, for lower volume fractions of desoxyanisoin in DGEBA, the solution has to be
brought to lower temperatures in order for desoxyanisoin crystals to form. The theoretical
and experimental analysis of TIPS of desoxyanisoin in DGEBA was carried out to insure
that the cross-linking reaction between DGEBA and diamine curing agent started before
desoxyanisoin crystallization. Thus we could insure that for desoxyanisoin-epoxy
thermosets the RIPS always started before TIPS.

2.3.3 Desoxyanisoin-Epoxy Thermosets
Desoxyanisoin-epoxy thermosets were fabricated by curing a desoxyanisoin/DGEBA
mixture with polyetheramine cross-linking agent. One of the benefits of this system is
that by simply changing the curing temperature we can alter the competition between
reaction and crystal growth. Altering isothermal cure schedule resulted in rich range of
crystal morphologies. As an example, when the cross-linking agent is added at high
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temperatures (>80 oC), reaction induced phase separation (RIPS) proceeds rapidly and
only small crystallites can grow, Figure 2.7A. In contrast, when the cross-linking agent is
added at lower temperature (<70 oC), temperature induced phase separation (TIPS) is
dominant. At dominating TIPS conditions, in-situ large, needle like, highly anisotropic
crystal structures grow quiescently, with some needles extending on centimeter scale at
appropriate experimental design, Figure 2.7B.

Figure 2.7: Micrographs of 10 vol% desoxyanisoin composite isothermally cured at different
cure schedules: 5A – the cross-linking agent is added at high temperatures (>80 oC) and cured at
80 oC; 5B – the cross-linking agent is added at lower temperature (<60 oC) and cured at 60 oC.
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Wide angle X-ray scattering (WAXS) was used to investigate the structure of
desoxyanisoin crystals in the epoxy composite. Figure 2.8 shows that desoxyanisoin
crystals retain their monoclinic structure in the cured epoxy matrix. This result was
confirmed with SEM images of the fracture surfaces of the composites. These images
demonstrate that the pull outs of reinforcement are consistent with the unit cell structure
of desoxyanisoin crystal. Figure 2.9A shows an image of a hole remaining after a fiber
crystal was pulled from the resin. The aspect ratio of the sides of the hole is within the
range of the aspect ratio between sides b and c of the desoxyanisoin crystal unit cell. The
angles are consistent with the unit cell angles between sides b and c as well. The
geometry of b-c plane further indicates poor adhesion between desoxyanisoin crystals

Figure 2.8: Wide-angle X-ray scattering results for desoxyanisoin-thermoset composite.
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and the epoxy matrix. Similarly, Figure 2.9B, shows the a-c plane of a single crystal with
a and c sides at 133.9o to each other.

Figure 2.9: SEM images of reinforcement morphology of desoxyanisoin crystals in
thermoset composite. 7A – reinforcement pull out, 7B – a-c plane of a single
desoxyanisoin crystal.
Figure 2.10 shows desoxyanisoin crystallization behavior in an epoxy thermoset
investigated with DSC. The absence of the crystallization peak in the cooling ramps, shift
to lower melting temperature and lower enthalpy of melting in comparison to neat
desoxyanisoin can be explained by slow crystallization kinetics. Further, during the

Figure 2.10: DSC thermograms for 10 vol % and 20 vol % desoxyanisoin-thermoset
composite and pure thermoset as control at 10 oC/min. 8A – heating ramps and 8B –
cooling ramps.
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cooling cycle there is a shift to lower glass transition temperatures for desoxyanisoin
containing composites. This suggests that, due to the extremely slow kinetics of
desoxyanisoin crystallization, some of the desoxyanisoin remains trapped within the
epoxy.

Figure 2.11: DMA result measured at 1 Hz, 3 oCmin heating rate. 2.11A –Storage
Modulus, 2.11B – Loss Modulus.

2.3.4 Mechanical Properties of Desoxyanisoin-Epoxy Thermosets
Dynamic Mechanical Analysis (DMA) was performed to investigate if desoxyanisoin
crystals provided any reinforcement. Desoxyanisoin provided some reinforcement, as
observed in higher storage modulus shown in Figure 2.11A. However the DMA test is
done at very low strains in comparison to tensile test. Similarly to DSC results, glass
transition temperature for the desoxyanisoin containing composites measured with DMA
was lower than for the unfilled cross-linked epoxy matrix suggesting that some of the
additive remained miscible with the epoxy, Figure 2.11B. Table 2.3 presents the tensile
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test results on desoxyanisoin-epoxy thermosets. The young’s modulus and poisson’s ratio
of 10 volume % desoxyanisoin composite increased in comparison to neat epoxy.
Table 2.3: Tensile test results of desoxyanisoin-epoxy composites.

Neat Epoxy
10 vol. %
Desoxyanisoin
20 vol. %
Desoxyanisoin

Young’s
Modulus
(GPa)

Poisson’s
Ratio

Yield
Strength
(MPa)

Elongation
at Break
(mm/mm)

3.5

0.30

60

2.7

3.8

0.32

42

1.93

3.5

0.30

25

1.52

However, the tensile yield strength and the elongation at break decreased with the
addition of desoxyanisoin at all concentrations as can be seen in Figure 2.12. The
theoretical composite moduli were calculated according to R.M. Christensen's model for

Figure 2.12: Tensile test curves for neat epoxy, 20 volume % and 10 volume %
desoxyanisoin composites.
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finite length fibers in the composite matrix, that assumes perfect adhesion between the
fiber and the matrix Equation 2.40 The Lame’s Constants (  and  ), were calculated
from measured Young’s Modulus and Poisson’s Ratio for neat epoxy and from measured
Young’s Modulus and estimated Poisson’s ratio of 0.4 for desoxyanisoin crystal.
Note that when a value for the Poisson's ratio in the range between 0.3 - 0.49 is used for
crystal the composite moduli values deviated by 0.1 % - 0.4 %. Therefore, the moduli are
reported using the estimated Poisson's ratio value of 0.4, Figure 2.13.

E (1  2 m )
Em (1  2 m2 )

(3  2 )  m
 

Ec
2(1  m )
2(1   m )
(1   m )(1  2 m )
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Em
 1   m  2  2 5  4 m 
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k ln 
 (3  2 )
(   )   m (3m  2 m )

 1  m   k 4(1  m )  2(1  m )

(2.6)

Where Ec is the young’s modulus of the composite; Em is the young’s modulus of the
epoxy matrix; c is the volume percent of desoxyanisoin;  is the difference between
the shear moduli of the desoxyanisoin fiber (  f ) and of the epoxy matrix (  m );  is the
difference between the Lame’s first parameter of the desoxyanisoin fiber (λf) and the
Lame’s first parameter of the epoxy matrix (λm); k is the width to length aspect ratio of
desoxyanisoin crystal and  m is poisson’s ratio of the epoxy matrix.
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Figure 2.13: Theoretical and experimental moduli dependancy on desoxyanisoin
As can be seen from Figure 2.13, the measured young’s modulus and the theoretical
concentration.
young’s modulus for 10 volume % desoxyanisoin composite are in agreement. This result
indicates that desoxyanisoin provides some reinforcement to the epoxy matrix at lower
concentrations and that the Christensen model is accurate at lower concentrations.
However, at higher concentrations of (20% vol), the measured modulus is significantly
lower than the predicted value. This finding suggests the presence of a critical
concentration of desoxyanisoin above which it ceases to improve the modulus of the
epoxy thermoset. It is evident from the shift in the glass transition to lower temperatures
seen in DMA that some of desoxyanisoin stays miscible in the epoxy matrix, therefore
leading to the deterioration in the mechanical properties and the deviation from the
theoretical predictions. A detailed study across a wide range of concentrations of
desoxyanisoin in the epoxy matrix is required for further understanding of the
concentration threshold effect on the mechanical properties of the composite. Further, the
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modification of desoxyanisoin to have better adhesion with the epoxy matrix would result
in the enhancement of the mechanical properties.

2.3.5 Flammability
Epoxy composite flammability characteristics with the addition of desoxyanisoin
were

investigated

with

Pyrolysis-combustion

flow

calorimeter

(PCFC)

and

thermogravimetric analyzer (TGA). PCFC is a technique that determines flammability
properties of materials and thermo-chemical data using controlled heating and oxygen
consumption calorimetry. Lyon et. al. demonstrated that PCFC correlates very well with
traditional fire tests such as cone calorimeter, limiting oxygen index (LOI), and UL-94
and showed that PCFC is a rapid, quantitative predictor of material flammability.
Pyrolysis-combustion flow calorimeter (PCFC) analysis did not show an improvement in
the epoxy composite flammability characteristics with the addition of desoxyanisoin; the
important flame retardant properties are summarized in Table 2.4 and Figure 2.14A.
Desoxyanisoin has a high vapor pressure and a low boiling point. As can be seen from
Figure 2.14B, the desoxyanisoin starts to boil off and looses 10 % of its weight as early
as 225oC. Thus, the desoxyanisoin actually boils off from the epoxy composite before the
epoxy matrix reaches its degradation temperature rendering no improvement in flame
retardant properties. However, modifying the desoxyanisoin molecular structure to
stabilize in the epoxy as it reaches its degradation temperature might result in more
favorable results. Such modification can be done by ether increasing the molecular
weight of the desoxyanisoin molecule or by putting reactive groups on the desoxyanisoin
molecule, thereby enabling it to become part of the epoxy network.
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Table 2.4: Compound flammability properties measued by PCFC.

Neat Desoxyanisoin

Neat Epoxy

10 vol. %
Desoxyanisoin

Heat Release
Capacity HRC
(J/(g-K))

590

491

530

Total Heat
Released (kJ/g)

29.8

23.3

24.4

PCFC Char Yield
(%)

1.2

7.1

6.6

Figure 2.14: 2.14A – PCFC Heat Release Rate vs. Temperature; 2.14B – TGA
analysis for neat desoxyanisoin.
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2.3.6 Frustrated Reinforcement Morphologies with Thermal Gradients
After an initial understanding of isothermal phase separation of desoxyanisoin in a
cross-linked epoxy matrix, various thermal gradients were used to investigate how these
thermal gradients would alter crystal morphology. Figure 2.15 shows examples of crystal
morphologies formed from a radially symmetric thermal gradient. No crystals are formed
immediately near the center (location of the heat source). In this region, the cross-linking
reaction happens so rapidly that there is no time for the crystals to grow and
desoxyanisoin diffuses away from this region. At some critical radial distance a
transitional region is observed. Figure 2.15A illustrates discontinuity in crystal growth
and local cracking of crystals, which appears as curvature. Similarly, Figure 2.15B

Figure 2.15: Micrographs of frustrated desoxyanisoin crystal growth with thermal
gradients. 2.15A – discontinuity in crystal growth and cracking of crystals, which
appears as curvature; 2.15B- discontinuity in crystal, which appears as a dendritic
structure with a number of crystals growing in close proximity.
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illustrates discontinuity in crystal growth caused by a different temperature gradient,
which appears as a dendritic structure with a number of crystals growing in close
proximity. Figure 2.16 illustrates yet another central temperature gradient applied to a
thicker film and shows the richness of morphologies that can be obtained. Further, far
away from the central heat source when the curing condition is almost isothermal,
dramatic differences in morphology are observed again and fiber-like crystal growth is
present. The control of crystal morphology is important for many fields and applications,
such as in the fabrication of nano-scale devices, in the uptake of lipophilic vitamins and
drugs, and in non-linear optics (NLO).77,78 Our results are consisted with work by
Lofgren et. al. who showed that with a substantial degree of supercooling, curved and
branched crystal morphologies can be produced.80 Similarly, Cheng et al. have reported
that the temperature and the solute concentration distribution determine the crystal
shape81. Further, when the curvature of the crystal is present, it can be shaped by either
the temperature or the concentration gradient.76

Figure 2.16: Micrograph of frustrated desoxyanisoin crystal growth in thermoset
composite
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2.4 Conclusion
A low molecular weight additive, desoxyanisoin, was investigated both as a potential
in situ reinforcement agent and as a flame retardant. In addition, this work focused on
crystal growth morphology under isothermal condition and various thermal gradients, in
order to frustrate crystal growth and alter the reinforcement morphology. Desoxyanisoin
is a crystallizable compound that is miscible in epoxy monomer at elevated temperatures,
but undergoes temperature induced phase separation and crystallizes on its own.
However, the kinetics is slow. During reaction with diamine curing agent desoxyanisoin
undergoes phase separation under quiescent conditions. Desoxyanisoin provides in-situ
highly anisotropic growth of straight fiber-like crystals during the isothermal cure of
epoxy thermosets. Crystals extend on the centimeter length scale, when suitable
polymerization conditions are met. Sharp temperature gradient curing condition resulted
in complex morphologies such as curved or branched crystals. The variety of
morphologies is formed due to the interplay between the curing reaction of epoxy
networks and TIPS/crystallization of desoxyanisoin. Utility of this LMW crystallizable
additive as a flame retardant is limited. Due to its low boiling point and high vapor
pressure, it sublimes out of the composite prior to epoxy matrix reaching decomposition
temperature. Further chemical modification of the desoxyanisoin molecule is necessary in
order to utilize it as a flame retardant.

Desoxyanisoin provided some thermoset

reinforcement at 10 volume present, but not at higher concentrations. As can be seen
from DSC and DMA analysis, there is a shift in the glass transition to lower temperature
when desoxyanisoin is incorporated into the epoxy-thermoset composite. This suggests
that some of desoxyanisoin stays missile in the epoxy matrix, which can lead to the
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deterioration in the mechanical properties especially at higher concentrations. The
improvement in mechanical properties and flame retardancy is not realized due to poor
interfacial properties between the desoxyanisoin fibers and the matrix. The desoxyanisoin
has to be further modified to have better adhesion with the epoxy matrix. Better adhesion
between desoxyanisoin crystals and the epoxy matrix will allow for better load transfer
from the matrix to fibers as well potentially provide better flame retardancy properties
because the desoxyanisoin crystals are not going to sublime out of the matrix before they
can form char.

2.5 Future Work
One of the extensions of this work would be chemically modifying the desoxyanisoin
molecule or the epoxy matrix to allow for better adhesion between the crystal fibers and
the matrix. This would allow for the mechanical load transfer as well as potentially
increase the flame retardancy properties of the composite material.

Some of the

modifications could be modifying the end groups of the desoxyanisoin molecule. For
example putting the reactive amine groups onto the desoxyanisoin molecule is such a
way that it can serve as a cross-linking agent for DGEBA. As another example the end
groups of the desoxyanisoin molecule could be modified to make the molecule more
thermally stable, usually benzene rings are very thermally stable. The downside of these
modifications is that they may change the crystallization nature of this molecule and may
not allow the desoxyanisoin molecule to crystallize in the cured epoxy. Another potential
chemical modification would be to attach reactive groups or bulky groups to the central
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oxygen on the molecule. This may allow for the molecule to still crystallize, but
potentially provide better adhesion with the epoxy matrix.
Another interesting direction in this project is controlling the direction and
architecture of the desoxyanisoin crystals in the epoxy matrix through controlling
nucleation and growth process by starting the nucleating sites only in targeted direction.
Figure 2.17 demonstrates the initial results of this approach though the incorporation of
defects such as scratched into the surface of the glass on which the epoxy is cures as well
as through the incorporation of carbon fiber into the epoxy matrix. Although, eventually
the crystal nucleate everywhere in the sample, the very first crystals nucleate around the
scratch or carbon fiber as shown in Figure 2.17. Once the crystals nucleate they grow
perpendicular to the direction of the scratch or carbon fiber. The real challenge in this
work is promoting this type of crystal growth without having desoxyanisoin crystals
nucleate anywhere else.

The ability to control the placement and directionality of

desoxyanisoin crystals would allow for application of this technology in crystalline fiber
reinforced coatings, microfluidic devices and in-situ engineering composites.
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Figure 2.17: Preliminary results showing that more desoxyanisoin crystals start to
nucleate around some kind of the defect in the mixture of DGEB with amine curing
agent. The defect can be ether a scratch on the glass or a single carbon fiber.
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CHAPTER 3
SYNTHESIS AND CHARACTERIZATION OF NEW ISOTACTIC
POLYPROPYLENE/POLYDIMETHYLSILOXANE THERMOPLASTIC
ELASTOMERS
This chapter describes synthesis of polypropylene/polydimethylsiloxane (iPP/PDMS)
thermoplastic elastomers (TPEs) and investigates the wt% composition effect on the
structure-property relationships. The approach is to obtain chemical cross-links between
iPP and PDMS by using di-functional vinyl terminated PDMS. Di-functional vinyl
terminated PDMS acts a co-agent of cross-linking that helps promote the recombination
reaction in iPP during reactive melt mixing in the presence of tert-butyl peroxide. The
network formation between iPP and PDMS is confirmed with Fourier transform infrared
spectroscopy (FTIR), Soxhelet extraction and parallel plate rheometry. The effect of the
composition wt% on the Mullins effect and other mechanical properties is studied by
employing rheometry, thermomechanical analyzer (TMA) and tensile and cyclic
hysteresis tests. It is shown that the crystallinity of iPP chemically cross-linked with
PDMS is reduced by fifty percent in comparison to neat iPP, yet iPP chains can still
crystallize and form physical cross-links in addition to chemical cross-links. Moreover,
the iPP/PDMS TPEs show typical elastomeric behavior during rheological analysis and
mechanical cyclic tests. Consequently, these two findings demonstrate that iPP/PDMS
networks behave like typical TPEs: systems that are melt processeable, but display an
elastomeric behavior. The flame retardancy properties of iPP/PDMS TPEs are
investigated with pyrolysis combustion flow calorimetry (PCFC) and thermogravimetric
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analysis (TGA). Through the incorporation of the PDMS into the network, the flame
retardancy properties are dramatically enhanced.

3.1 Introduction
Thermoplastic elastomers (TPEs) are polymeric materials that exhibit both rubberlike characteristics and thermoplastic processability.86 Due to their unique microstructure,
TPEs outperform traditionally cured elastomers in a variety of markets including the
automotive industry.87 Examples of TPEs include block copolymers, stereo-block
polymers, graft copolymers and blends.46 There are two types of TPE blends: cocontinues phase blends and dynamically vulcanized blends. In dynamically vulcanized
blends the semi-crystalline phase is continuous and surrounds the discontinuous crosslinked elastomeric phase.48 Polyolefinic TPEs are materials where both the thermoplastic
and the rubbery phase are of polyolefinic nature, such as isotactic polypropylene (iPP)
and ethylene-propylene diene monomer (EPDM) blends developed by Coran and Patel.47
Most successful dynamically vulcanized iPP/EPDM TPEs have been commercialized
under commercial names such as Santoprine, Vyram and Sarlink.88,89
The focus of this chapter is to fabricate iPP/polydimethylsiloxane (PDMS) TPEs, by
using an approach similar to the dynamic vulcanization whereas PDMS serves as an
EPDM replacement. The difference in this approach is that in addition to crosslinking the
elastomeric phase, additional cross-links with amorphous iPP are possible, thereby
making a network consisting of iPP and PDMS chains. Similar to the EPDM and iPP
system, the solubility parameters of iPP and PDMS are close to each other, which
suggests good thermodynamic interaction between iPP and PDMS.42,44,45,90 In addition,
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PDMS has good resistance to oxidation and good insulating properties.91 PDMS is
thermally stable and environmentally benign, which makes it a desirable candidate as a
non-halogenated flame retardant for iPP.59,92 Therefore TPEs based on iPP and PDMS are
expected to be more thermally stable and to have enhanced flame retardancy properties.
In addition, the glass transition of PDMS is significantly lower than the glass transition of
EPDM, making iPP/PDMS TPEs more usable at lower temperatures.
There are a number of interesting examples on cross-linking PDMS with
polyethylene (PE) in the prior literature and such materials are used commercially for
wire coatings and other insulating materials.64,65,70,71,93 However, the research on crosslinking PDMS with iPP is limited. Bulsari et al. showed that PDMS can be grafted onto
iPP backbone by hydrosilylation reaction during extrusion.94 Li et al. investigated
grafting of silane chains onto iPP backbone by reactive extrusion in the presence of the
peroxide and then water cross-linking the silane chains.

The authors showed that

extensive optimization of the extrusion processes is required in order to insure that iPP is
fully melted before the liquid solution of peroxide and silanes is injected.95
In contrast to neat polyethylene (PE), peroxidation of neat isotactic polypropylene
(iPP) induces extensive chain scission and typically leads to a decrease in molar mass.
iPP macro-radicals decay by recombination, disproportionation, and fragmentation.96 It
can be shown from the ratios of rate constants of disproportionation and recombination
that primary alkyl radicals preferably decay by recombination and tertiary alkyl radicals
preferably decay by disproportionation reaction. The probability of disproportionation
when going from primary to secondary to tertiary alkyl radicals is expressed by the ratio
1:5:25.97,98 At the same time, the transfer of the radical center to iPP is also dependent on
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the carbon substitution. The ratio of rate constants of the abstraction of hydrogen from
primary, secondary and tertiary carbon by the oxyl radical is 1:3:10.88 Thus, the
peroxidation reaction of neat iPP is dominated by the disproportionation of tertiary alkyl
radicals. Therefore, recombination occurs only as a side reaction in addition to
fragmentation. However, an iPP network can be obtained when using a large amount of
peroxide (2 to 8 pph) with an additional co-agent molecule that works as a cross-linker.
With the addition of a co-agent molecule the secondary and tertiary alkyl radicals are
preferentially cross-linked with the co-agent and are less likely to undergo
disproportionation and fragmentation. This allows for further iPP cross-linking by the
recombination reaction of primary carbons. Efficient co-agents possess two or more
active groups in the molecule so they can react with two or more iPP alkyl macroradicals, for example various vinyl and alkyl monomers.99 In our system, di-functional
vinyl terminated polydimethylsiloxane (PDMS) is used as a co-agent of cross-linking that
helps promote the recombination reaction in iPP. The focus of this work is to investigate
physical, mechanical and flame retardancy properties of iPP/PDMS TPEs prepared by
reactive melt mixing of iPP and PDMS with tert-butyl peroxide.

3.2 Materials and Methods

3.2.1 Materials
Isotactic Polypropylene (iPP), with melt flow index (MFI)=11 g/10 min. was obtained
from Braskem. The vinyl terminated polydimethylsiloxane monomer (PDMS) was
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obtained from Gelest (DMS V-42), the molecular weight of PDMS is 65 kg/mol. The
peroxide cross-linking initiator, tert-butyl peroxide, was obtained from Sigma-Aldrich.
Table 3.1 summarizes the structure of each constitutive.
Table 3.1: Compound chemical structure.
Isotactic polypropylene
(iPP)
Vinyl terminated polydimethysiloxane
(PDMS)

Tert-butyl peroxide

3.2.2 iPP/PDMS TPE Preparation
In this work inorganic/organic thermoplastic elastomers (TPEs) based on iPP and
PDMS materials were fabricated by reactive melt mixing in the presence of peroxides.
Di-functional vinyl terminated PDMS was used as a co-agent of cross-linking that helps
promote the recombination reaction with iPP. When vinyl terminated PDMS acts as an
additional cross-linker the tertiary carbons undergo cross-linking with PDMS before the
disproportionation reaction can occur. The formation of the network is further promoted
by the recombination reaction of primary alkyl macro-radicals. iPP/PDMS TPEs were
prepared by reactive melt mixing in the Brabender batch mixer (R.E.E. 50 ml capacity) in
the presence of tert-butyl peroxide. Initially iPP was added at 190 oC, 100 rpm and mixed
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for 5 minutes. After the iPP was fully melted, desired wt% of PDMS was added at 185
o

C, 100 rpm and mixed for 3 minutes. Upon homogeneous mixing of PDMS and iPP, 2

pph of tert-butyl peroxide was injected into the Bradender mixer. Materials were mixed
for additional 8 minutes (about 5 half-lives of peroxide) at 100 rpm and 185 oC, thereby
forming a network where the chemical cross-links can be obtained. Upon melt mixing
the samples were quenched in water and cryo-ground into fine powder. Samples were
dried in a vacuum oven at 100 oC for 1 hour. Samples were compression molded into 3
mm or 1.3 mm plaques at 190 oC, at a pressure of 3.5 MPa for 15 minutes and then water
cooled.
The cross-linking of PDMS with iPP was confirmed with several different methods
including: attenuated reflectance fourier transform infrared spectroscopy ( ATR FTIR)
with a Perkin Elmer Cetus Instruments Perkin-Elmer IR spectrophometer Model 843, in
the wavenumber range of 4000-200 cm-1, soxhelet extraction of un-reacted iPP chains
with p-xylene, and parallel plate rheometry with TA instruments AR2000 rheometer.
During the rheological studies, samples were placed between two parallel plates and the
network response was studied with a temperature ramp from 30 to 200 oC at heating rate
of 2 oC/min. and at a constant frequency of 1 Hz. In the case of frequency sweep
experiments, the frequency was varied from 0.01 Hz to 100 Hz at a constant temperature
of 190 oC.
The FTIR analysis was done in order to probe the presence of the vinyl groups in iPP
and PDMS before cross-linking reaction and the absence of the vinyl groups in the
iPP/PDMS network after the reaction to evidence cross-linking. For both solid state
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NMR and FTIR the signal strength is dependent on the molar concentration. FTIR was
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chosen due to higher sensitivity to terminal vinyl groups in comparison to solid state 13C
NMR. In solid state 13C NMR the signal to noise ratio drop is more pronounced with the
decrease in molar concentration, and the concentration of terminal vinyl groups is not
sufficient for a strong signal. In order to obtain the quantitative result, the time required
for the relaxation of carbon atoms in the magnetic field must be very long, which results
in an unfeasible delay between scans for this technique. On the other hand, FTIR is a
straightforward powerful technique that allows for distinguishing between functional
groups before and after the peroxidation cross-liking reaction.
In addition to FTIR, the cross-linking of PDMS with iPP was examined by soxhelet
extraction in p-xylene at 150 oC for 24 hours. P-xylene is a good solvent for iPP and it
dissolves neat iPP at 150 oC within one hour. In the iPP/PDMS TPEs the only iPP chains
that can be dissolved by p-xylene are those not chemically reacted with PDMS.
The effect of peroxidation reaction on the molecular weight of neat iPP was measured
by gel permeation chromatography (GPC) with polymer laboratories PL-GPC 220. The
mobile phase was 1,2,4-trichlorobenzene and the values obtained were referenced to a
universal polystyrene curve. The flow rate was 1 ml/min and the temperature was 180 oC.

3.2.3. Crystallinity and Morphological Characterization
Varying the content of the rubber phase allows for design of TPEs with a wide range
of morphologies and therefore a variety of mechanical and physical properties.
iPP/PDMS TPEs with 50/50 and 30/70 iPP to PDMS weigh ratios were prepared. iPP
crystallinity in these TPEs was studied with TA Instruments Q200 Differential Scanning
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Calorimeter (DSC) to determine if iPP can crystallize and from physical cross-links in
addition to chemical cross-links when it is in the network with PDMS. Two heating and
cooling cycles were applied to the samples in the temperature range of -70 to 200 oC with
a constant rate of 2 oC/min. The ability of the iPP chains that are chemically bounded to
PDMS to crystallize, thereby forming physical cross-links in addition to chemical crosslinks is what makes this system act as a TPE and display both thermoplastic and
elastomeric properties.
The morphology of iPP/PDMS TPEs was evaluated by performing an elemental
analysis on 50/50 wt. % and 30/70 wt. % compositions by combining scanning electron
microscopy (SEM) with energy dispersive X-Ray (EDX) on EFSEM Magellan 400. The
samples used for EDX analysis were cut with a razor blade to provide a smooth surface
for better EDX signal and were uncoated.

3.2.4 Rheological, Mechanical and Thermo-mechanical Properties Analysis
In the second set of experiments, the mechanical and elastomeric properties of these
TPEs were investigated by performing the tensile strength and hysteresis tests. Tensile
properties were evaluated according to ASTM D638 using Type I specimen on Instron
5800 universal testing machine at room temperature with the crosshead displacement rate
of 1 mm/min. Elastic modulus, tensile strength, and elongation at break were measured.
Successive loading and unloading cyclic tests were performed with a crosshead speed of
1 mm/min. These experiments were done at selected intervals of strain to beak. A plot of
irreversible work vs. total work constructed from cyclic tests was used to investigate the
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"Mullins" effect. This analysis was done bases on Backley et al. who has carried out
similar experiments on ten commercially available polyurethane based TPEs.100
The dimensional changes, coefficient of thermal expansion, and density were studied
using the film/fiber probe with TA instruments 400 TMA. These experiments were
conducted under a 0.01N constant load and at heating rate of 2 oC/min. over a
temperature range of 30 oC to 200 oC. Thermo-mechanical analysis was correlated with
DSC in terms of peaks associated with melting and crystallization transition of iPP. By
combining these two techniques the volume change associated with thermal transitions
was calculated to Equation 3.1.

T 180o C

V
 3   L (T )dT
V0
T  45o C

(3.1)

Where ∆V is the volume change associated with the thermal transition, Vo is the
original volume of the sample, T is temperature and αL is coefficient of linear thermal
expansion as a function of temperature. The density measurements of TPEs before and
after iPP melting transition were correlated with rheometry shear modulus measurements
of TPEs before and after iPP melting transition in order to estimate the number of crosslinks before and after melting of the iPP crystals.
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3.2.5 Flame Retardancy Analysis
During the final stages of this project the flame retardancy of iPP/PDMS TPEs was
analyzed with TA Instruments 500 thermogravimetric analyzer (TGA) at 10 oC/s and
pyrolysis combustion flow calorimetry (PCFC) at 1oC/min. Detailed PCFC set up is
reported elsewhere.83 There is a significant number of papers on using PDMS as a flame
retardant additive for polyolefins and other polymers.58,66 When PDMS is used as an
additive and is not incorporated into the network with iPP, some of it can leach out of the
system thereby decreasing the flame-retardancy of the iPP-PDMS composite. Thus,
cross-linking PDMS with iPP will have an additional advantage.

3.3 Results and Discussion

3.3.1 Cross-linking of iPP with PDMS
Herein, di-functional vinyl terminated polydimethylsiloxane (PDMS) is used as a coagent of cross-linking that helps promote a recombination reaction in iPP, thereby
promoting the cross-linking of iPP/PDMS network. Figure 3.1 shows the cross-linking
reaction between iPP and PDMS at 185 oC in the presence of tert-butyl peroxide. When
vinyl terminated PDMS is used as an additional cross-linker, the tertiary carbons in the
iPP backbone undergo cross-linking with vinyl groups on PDMS before the
disproportionation reaction can occur. Additionally, the formation of the network is
promoted by the recombination reaction of secondary and primary alkyl macro-radicals.
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The cross-linking of PDMS with iPP was confirmed with several different methods
including Fourier transform infrared spectroscopy (FTIR), Soxhelet extraction of unreacted iPP chains with p-xylene and parallel plate rheometry to demonstrate elastomeric
behavior of the network. Figure 3.2A presents FTIR spectra for neat iPP and for iPP
processed with the peroxide only, without the PDMS, and Figure 3.2B presents FTIR
spectra for vinyl terminated PDMS as well as for 50/50 and 30/70 wt. % iPP/PDMS
TPEs. The FTIR analysis was done in order to probe the presence of the vinyl groups in
iPP and PDMS before cross-linking reaction and the absence of the vinyl groups in the
iPP/PDMS network after the reaction to evidence cross-linking. Figure 3.2A
demonstrates that the FTIR spectrum for neat iPP does not show any bands characteristic
of vinyl groups. However, when neat iPP is melt processed with tert-butyl peroxide it
undergoes β-chain scission and fragmentation that results in terminal vinyl groups. As

Figure 3.1: Cross-linking reaction between iPP and PDMS.
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can be seen, in the FTIR spectra for peroxidized iPP two new bands characteristic of the
vinyl group (CH=CH) at 1649 cm-1 and 888 cm-1 appear. The FTIR spectrum of neat
unreacted PDMS shows a presence of a vinyl group as well. Figure 3.2B depicts that the
FTIR spectra for 50/50 and 30/70 wt. % iPP/PDMS TPEs does not show bands
characteristic of the vinyl group. This suggests that all the terminal vinyl groups on the
PDMS and all the terminal vinyl groups on the iPP that form due to β-scission are
consumed during the cross-linking reaction with tert-butyl peroxide. The vinyl groups are
consumed by either reaction of PDMS with itself, reaction of iPP with itself or reaction of
iPP with PDMS, thereby forming a network where ether of those cross-links is possible.
Yet, in a case of iPP chains, the cross-linking with another PDMS chain is much more
likely kinetically then the cross-linking with another iPP chain. The number of the
terminal vinyl groups in iPP due to β-chain session is a relatively small fraction in
comparison to other groups in the iPP, especially since these are long high molecular

Figure 3.2: ATR FTIR Spectra 3.2A - neat iPP and iPP processed with peroxide 32B
- neat PDMS,50/50 wt% iPP/PDMS TPE, and 30/70 wt% iPP/PDMS TPE.
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weight iPP chains. Table 3.2 summarizes the molecular weight of iPP before and after the
peroxidation and shows that even after the peroxidation with 2 pph of tert-butyl peroxide
the molecular weight of iPP is as high as 35 kg/mol. Similarly, the number of the terminal
vinyl groups in PDMS molecule is a relatively small fraction in comparison to other
PDMS groups; the molecular weight for vinyl terminated PDMS molecule is 65 kg/mol.
For both solid state 13C NMR and FTIR the signal strength is dependent on the molar
concentration. FTIR was chosen due to higher sensitivity to terminal vinyl groups in
comparison to solid state 13C NMR. In solid state 13C NMR the signal to noise ratio drop
is more pronounced with the decrease in molar concentration, and the concentration of
terminal vinyl groups is not sufficient for a strong signal. In order to obtain the
quantitative result, the time required for the relaxation of carbon atoms in the magnetic
field must be very long, which results in an unfeasible delay between scans for this
technique. On the other hand, FTIR is a straightforward powerful technique that allows
for distinguishing between functional groups before and after the peroxidation crossliking reaction. As show in Figure 3.2 the terminal vinyl groups are present in iPP and
PDMS before the cross-linking reaction, but disappear after the cross-linking reaction.
There are no other functional groups that interfere with the vinyl group bands, which
enable monitoring disappearance of vinyl group specific vibrations as the evidence of
cross-linking between iPP and PDMS.
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Table 3.2: High temperature GPC analysis on the molecular weight of iPP before and
after the peroxidation reaction.

Peroxide in iPP (pph)

Mn (Kg/mol)

Mw (Kg/mol)

PDI

0

98

556

5.7

2

35

89

2.5

In addition to FTIR, the cross-linking of PDMS with iPP was examined by soxhelet
extraction in p-xylene at 150 oC for 24 hours. P-xylene is a good solvent for iPP and it
dissolves neat iPP at 150 oC within one hour. In the iPP/PDMS TPEs the only iPP chains
that can be dissolved by p-xylene are those not chemically reacted with PDMS. Figures
3.3A and 3.3B present DSC heating and cooling curves on 50/50 and 30/70 wt%
iPP/PDMS TPEs as well as on the physical blend of 50/50 wt% iPP/PDMS after the
soxhelet extraction experiments. As expected, after the unreacted iPP chains have been
extracted from the physical blend of 50/50 wt% iPP/PDMS, no iPP is present and only
PDMS is left. This confirms that when iPP is melt processed with PDMS simply as a
physical blend, without the peroxide, no reaction takes place and no chemical crosslinking happens between iPP and PDMS. In contrast, the DSC analysis on the chemically
cross-linked 50/50 and 30/70 wt% iPP/PDMS TPEs from melt processing with tert-butyl
peroxide, shows that iPP is still present in the network after the unreacted iPP chains have
been extracted with p-xylene. This confirms that reactive melt mixing of iPP with PDMS
in the presence of the peroxide results in chemical cross-linking of iPP with PDMS. In
addition, the DSC analysis demonstrates that the iPP chains that are chemically cross-
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linked with PDMS can crystallize and form physical cross-links below the iPP melting
temperature. Thus, in iPP/PDMS TPEs physical cross-links due to iPP crystallites form in
addition to chemical cross-links. This characteristic is what makes this system behave as
a thermoplastic elastomer.
Figure 3.4 shows results from melt rheology studies on 50/50 wt% iPP/PDMS TPE
done with a parallel plate rheometer at 190 oC, which is above the melting transition for
iPP. At this temperature, iPP behaves as a typical melt demonstrating an increase in shear

Figure 3.3: DSC analysis 3.3A - heating and 3.3B - cooling curves for the 50/50 wt%
iPP/PDMS TPE, 30/70 wt% TPE, and 50/50 wt% iPP/PDMS physical blend with no crosslinking after the unreacted iPP chains were removed by soxhelet extraction.
modulus with increasing angular frequency. To the contrary, the shear modulus of neat
cross-linked PDMS is relatively independent of angular frequency which is characteristic
of an elastomer. Similarly to neat cross-linked PDMS, 50/50 wt% iPP/PDMS TPE
displays an elastomeric behavior. However, 50 percent of the network chains have been
replaced by iPP. The fact that even with 50 wt% iPP chains the system behaves as an
elastomer further demonstrates that iPP chains are chemically cross-linked with PDMS
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chains. If this were to be a simple physically compounded blend the shear modulus would
increase with angular frequency rather than stay constant. In addition, the modulus of the
iPP/PDMS TPE is reduced by a factor of ten in comparison to neat cross-linked PDMS.
Since the modulus is proportional to the cross-link density of the material, this
rheological behavior is an additional indication that in this network the highly crosslinked regions of PDMS must incorporate higher molecular weight chains of iPP.

Figure 3.4: Melt rheology of neat iPP, neat PDMS, and 50/50 wt% iPP/PDMS TPE
done with parallel plate rheometer at 190 oC.
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3.3.2 iPP/PDMS TPEs Crystallinity and Morphological Characterization
Figure 3.5 displays DSC heating and cooling curves for the iPP/PDMS TPEs and
Table 3.3 summarizes crystallinity, and crystallization and melting temperatures. As can
be seen, the melting and crystallization behavior of iPP is altered when it is cross-linked
with PDMS. There is a shift to lower melting and crystallization enthalpies and a

Figure 3.5: DSC analysis 3.5A - heating and 3.5B - cooling curves for the neat iPP, neat
PDMS, and 50/50 wt% iPP/PDMS TPE.

decrease in crystallinity by 50 percent, together with lower melting and crystallization
temperatures when compared to neat iPP. These DSC results suggest that iPP is less
crystalline when it is bounded to PDMS. In addition, Figure 3.5 demonstrates that there is
a doublet in the iPP melting endotherm when it is cross-linked with PDMS. This doublet
is associated with a bimodal distribution of crystal size; however, the crystalline form is
still α-phase. This melting behavior is typically observed in iPP with reduced molecular
weight.
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Table 3.3: Summary of crystallinity and crystallization and melting temperatures.

iPP

Tc (oC)

Tm (oC)

Xc (%)

115

162

62

111

151/159

26

50/50 wt%
iPP/PDMS

Figure 3.6 shows an elemental analysis on the 50/50 wt% and 30/70 wt%
compositions with energy dispersive X-Ray (EDX). These are uncoated samples and
under 5kV and 500 pA. The presence of oxygen and silicon atom signals in high
concentration corresponds to PDMS rich domains and the presence of carbon signals in

Figure 3.6: EDX analysis: carbon is shown in red, oxygen is shown in green, and silicon is
shown in blue 3.6A - 50/50 wt% iPP/PDMS TPE 3.6B - 30/70 wt% iPP/PDMS TPE.
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high concentration corresponds to iPP rich domains. As can be seen from Figure 6A, in
the case of 50/50 wt% composition a continuous morphology is observed for iPP with
PDMS domains on the order of 10 to 15 microns.

3.3.3 iPP/PDMS TPE Rheological, Mechanical and Thermo-mechanical Properties
One of the common characteristics of this system that makes it act as a thermoplastic
elastomer is the fact that in addition to chemical cross-links there are also physical crosslinks arising from the iPP crystallization. Above the melting temperature of iPP the
crystallites no longer act as physical cross-links. Thus, the material behaves softer than
PDMS because only chemical cross-links are present. When iPP chains crystallize, the
stiffness of the network will increase due to the presence of additional physical crosslinks. The physical cross-links are formed by the iPP crystalline chain links as well as the
introduction of crystallites. The effect of physical-cross links on the shear modulus, G,
can be demonstrated by making measurements with parallel plate torsional rheometer
over a range of temperatures. As can be seen from Figure 3.7, the shear storage modulus
of the network increases with temperature until the temperature reaches the onset of a
melting point for iPP which is a characteristic feature of a cross-linked elastomer. At the
melting temperature a sharp drop in shear storage modulus is observed. This is caused by
the loss of physical cross-links resulting from melting the iPP crystalline phase. After all
of the iPP crystals are melted, the shear modulus of the network steadily increases again.
However, when iPP is in the amorphous state and only chemical-cross links are present
the shear modulus of the network is significantly lower than when the physical crosslinks are present as well.
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In addition to investigating the effect of physical cross-links on the mechanical
properties and the elastomeric behavior of the 50/50 wt% iPP/PDMS TPE with rheology,
these characteristics have also been analyzed with thermo-mechanical analyzer. Figure 8
shows a linear thermal expansion response of neat iPP and iPP/PDMS network. During
initial heating, both the iPP/PDMS TPE and neat iPP expand linearly, but at different

Figure 3.7: Shear modulus of 50/50 wt% iPP/PDMS TPE measured with parallel plate
rheometer below iPP melting transition and above iPP melting transition.
rates. At higher temperatures the melting of the iPP crystals contributes to an additional
expansion. As can be seen from Figure 3.8A, there is a critical temperature at which the
networks break down due to the loss of all the physical cross-links which gives this
apparent decrease. In the case of iPP, after the critical temperature is reached and all the
crystals melt, the iPP melt flows out from under the probe of the TMA and the response
is lost. In neat iPP there are no chemical-cross links and after all the physical cross-links
are destroyed the network cannot be reestablished. In contrast, the iPP/PDMS shows a
different behavior. Once the iPP crystals melt and the physical cross-links are removed,
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the linear expansion response is re-established with a new slope (coefficient of thermal
expansion) arising from a new crosslink density. This re-establishment of a liner
expansion for 50/50 iPP/PDMS system is additional evidence that the iPP/PDMS system
contains chemical cross-links in addition to physical cross-links developed by iPP
crystallization. During cooling a densification of the materials is observed at a linear rate
(corresponding to a constant coefficient of thermal expansion). However, as can be seen

Figure 3.8: Linear thermal expansion 3.8A- heating 3.8B - cooling for the neat iPP and
50/50 wt% iPP/PDMS TPE.
from Figure 3.8B, a sharp additional densification is observed around the crystallization
temperature for iPP and thereby formation of physical cross-links. The extent of
densification is more pronounced for neat iPP resulting from the fact that neat iPP has
higher crystallinity than does the iPP/PDMS TPE.
Differentiating the dimension change yields the instantaneous coefficient of linear
thermal expansion as a function of temperature. Although TMA is not a conventional
technique for monitoring polymer crystallization and melting transitions, Figure 3.9
demonstrates that the TMA maxima (peaks) in the coefficient of linear thermal expansion
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correlate well with DSC heating endotherms and DSC cooling exotherms. This result
shows that TMA, a technique that measures macroscopic dimension changes, is sensitive
enough to capture subtle variations in thermal transitions that originate from molecular
rearrangement. Further, using TMA and DSC as two complimentary techniques allows

Figure 3.9: Coefficient of linear thermal expansion (a) heating (b) cooling for the neat iPP
and 50/50 wt% iPP/PDMS TPE.
calculating dimensional changes associated with melting and crystallization transitions.
Thus, the area under each peak corresponds to the dimension change associated with that
thermal transition. Assuming iPP/PDMS TPEs and neat iPP are isotropic, the coefficient
of linear thermal expansion as a function of temperature can be used to calculate the
volume change associated with melting and crystallization of iPP according to Equation
3.1.

T 180 o C

V
 3   L (T )dT
V0
T  45o C
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(3.1)

Where ∆V is the volume change associated with the thermal transition, Vo is the original
volume of the sample, T is temperature and  L is coefficient of linear thermal expansion
as a function of temperature. As can be seen from Table 3.4, the crystallinity of iPP
chemically cross-linked with PDMS drops by 50 %, and so does the volume change
associated with iPP crystallization transition.
Table 3.4: Enthalpy and volume change associated with iPP crystallization and melting
transition.
∆Hm (J/g)

∆Hc (J/g)

Xc (%)

Volume

Volume

Change

Change

Melting

Cooling

iPP

103

109

62

0.405

0.288

50/50

43

46

26

0.161

0.149

wt%
iPP/PDMS

In order to estimate the number of physical cross-links in iPP/PDMS TPE density,  ,
of iPP/PDMS TPEs was determined assuming constant sample mass from volume
calculations over a range of temperatures before and after iPP melting transition. By
taking shear modulus, G, and density values before and after iPP melting transition the
effect of physical cross-links on the network cross-link density can be estimated by
calculating the number-average molar mass of a network strand, Mc, before and after iPP
melting transition using Equation 3.2.
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Mc 

TR
G

(3.2)

Where T is temperature in K and R is the ideal gas constant in J/mol K. The ratio of
Mc after iPP melting transition, when only chemical cross-links are present to Mc before
iPP melting transition when both physical and chemical cross-links are present is 1/30.
This means that the cross-link density drops by the factor of 30 when iPP melts and all
the physical cross-links are removed. The mechanical properties of the system were
further analyzed with monotonic tensile tests and cyclic hysteresis tests on 50/50 and
30/70 wt% compositions in iPP/PDMS TPEs. As can be seen from Figure 3.10 the
monotonic tensile tests on 50/50 and 30/70 wt% iPP/PDMS TPEs show that the stiffness
of the material is dependent on composition ratios of iPP to PDMS. Thus, 50/50

Figure 3.10: Monotonic tensile tests on 50/50 wt% and 30/70 wt% iPP/PDMS
TPEs.
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iPP/PDMS wt% composition reaches higher stress before failure, but has lower
elongation in comparison to 30/70 wt% composition. Therefore, varying iPP/PDMS
weight ratio allows designing TPEs with fine-tuned mechanical properties. The cycling
tests on iPP/PDMS based TPEs were done in order to investigate the mechanical
reversibility of the system. Figure 3.10 shows that during the cyclic tests 50/50 wt% and
30/70 wt% compositions display similar behavior at low strains, but there is a deviation
at high strains. Although 30/70 wt% composition iPP/PDMS TPE behaves as a typical
elastomer at low and high strains, 50/50 wt% composition iPP/PDMS TPE displays a
deviation from elastomeric behavior at high strains. Cycling the material at different
strain rates, as shown in Figure 3.11, allows the analysis of the “Mullins” effect (stress
softening) by constructing a plot of irreversible work vs. total work. As can be seen from
Figure 3.11, both compositions exhibit the Mullins effect; however, it is more

Figure 3.11: Cyclic tests 3.11 - 50/50 wt% iPP/PDMS TPE 3.11B - 30/70 wt%
iPP/PDMS TPE.
pronounced in the case of 50/50 wt% TPE. This behavior, seen for both compositions, is
typical for cross-linked systems and suggests that the material is mechanically reversible
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and thermodynamically irreversible. Once the initial stress softening is removed, the
similarity between 50/50 wt% and 30/70 wt% iPP/PDMS TPEs at low strains is
reestablished.
Backley et al. have carried out cycling experiments on ten commercially available
polyurethane based TPEs in order to investigate the relationship between irreversible
work and total work in each material and correlate it to the degree of the heterogeneity
between a soft rubbery phase and a hard thermophastic phase. The authors concluded that
all TPEs had a linear relationship between the irreversible work and the total work, but
the slopes were depended on the degree of the heterogeneity.100 As can be seen from
Figure 3.12, similar to Backley et al., for both 50/50 and 30/70 wt% iPP/PDMS TPEs
there is a liner relationship between irreversible work and total work. Although there are
some compositional differences between 50/50 wt% and 30/70 wt% iPP/PDMS TPEs, a
liner relationship suggests that the "Mullins" effect has not been modified. Further, the
slopes for iPP/PDMS TPEs are higher than the slopes reported by Buckely et al. for
polyurethane based TPEs. This suggests that iPP/PDMS TPEs are more dissipative than
some commercial polyurethane based TPEs.
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Figure 3.12: Relationship between irreversible work and total work 3.12A - 50/50 wt%
iPP/PDMS TPE 3.12B - 30/70 wt% iPP/PDMS TPE.

3.3.4 iPP/PDMS TPE Flame Retardant Properties
There is a significant number of papers on using PDMS as a flame retardant additive
for polyolefins and other important commercial polymers.58,66 As an example, Lv et al.
showed that incorporation of 30 wt. % of PDMS as an additive into iPP/melamine
phosphate composite significantly improved flame retardancy at higher temperatures.
This way, the UL-94 reading went from NR for composites not containing PDMS to V-0
for composites where PDMS was incorporates as an additive.66 Yet, when PDMS is used
as an additive and is not incorporated into the network with iPP, some of it can leach out
of the system, thereby decreasing the flame-retardancy of the iPP/PDMS composites.
Cross-linking PDMS with iPP should have an additional improvement on flame
retardancy properties. Herein we investigate the effect of cross-linking of iPP with PDMS
on the flame-retardancy properties.
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It is well known that iPP undergoes thermal degradation by forming free radicals that
lead to chain scission. In addition, at temperatures above 450 oC iPP completely
decomposes and does not form char.

As can be seen from Figure 3.13, cross-linked

PDMS decomposes under nitrogen by forming various cyclic structures and does not
form ceramic residue. However, when decomposed in air environment PDMS forms
components such as silica that do form ceramic residue. Figure 3.14 presents the thermal

Figure 3.13: Neat PDMS thermal decomposition under nitrogen and under air.

decomposition curves for 50/50 and 30/70 wt% iPP/PDMS TPEs under nitrogen and air.
As can be seen, in nitrogen and in air environment both compositions are more thermally
stable at higher temperatures then neat iPP. The presence of PDMS allows free radicals
that are formed during iPP degradation to be transferred to a more stable state, thereby
slowing down the process of thermal degradation. When the materials are decomposed in
air, unlike in the case of neat iPP, both 50/50 and 30/70 wt% iPP/PDMS TPEs form char.
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In addition, the char yield is higher in the case of TPEs then in the case of neat crosslinked PDMS, even though 30 to 50 percent of PDMS chains have been replaced with
iPP. It is highly desirable to have a high char yield for the flame retardant materials,
because higher char yield typically blocks combustible gas release, prevents thermal
conductivity at the burling surface as well as minimizes heat release of the material. In
addition to allowing the free radicals to be transferred to a more stable state, PDMS forms
a silicic oxide layer upon thermal degradation, thereby forming char. This char layer acts
as a protective barrier coating on the surface of the composites and prevents further

Figure 3.14: TGA thermal decomposition curves 3.14A - under nitrogen 3.14B under air for
the neat iPP, neat PDMS, 50/50 wt% iPP/PDMS TPE and 30/70 wt% iPP/PDMS TPE.
thermal degradation of iPP.
The thermal stability tests on these iPP/PDMS TPEs were done before the unreacted
iPP chains have been extracted by soxhelet extraction. Peroxidation of iPP leads to chain
session and lowering of the molecular weight. It is expected that the unreacted chains of
iPP in iPP/PDMS TPEs are significantly lower molecular weight then the chains in neat
iPP. This explains the faster onset of thermal degradation in iPP/PDMS TPEs in
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comparison to neat iPP. If the unreacted chains in these TPEs were to be removed we
would expect even better thermal stability properties.
Pyrolysis-combustion flow calorimetry (PCFC) was used to evaluate the flame
retardancy characteristics of iPP/PDMS TPEs. PCFC is a technique that determines
flammability properties of materials and thermo-chemical data using controlled heating
and oxygen consumption calorimetry. Lyon et al. demonstrated that PCFC correlates well
with traditional fire tests such as cone calorimeter, limiting oxygen index (LOI), and UL94 and showed that PCFC is a rapid, quantitative predictor of material flammability82,83.
Figure 3.15 presents the PCFC thermal degradation curves and Table 3.5 summarizes
heat release capacity (HRC) and total heat release obtained for neat iPP, neat cross-linked
PDMS and iPP/PDMS TPEs. As can be seen from Figure 3.15 and Table 3.5 the HRC of
neat iPP is high because it burns readily, whereas the heat release capacity of PDMS is
low, since PDMS is a thermally stable material.
Table 3.5: PCFC flammability analysis data.
Material

HRC (J/g-K)

HR (KJ/g)

Char Yield

iPP

1196

43.3

0

PDMS

377

21.6

23

50/50 wt% iPP/PDMS

606

34.2

30

30/70 wt% iPP/PDMS

397

31.7

50
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Figure 3.15: PCFC thermal degradation analysis for the neat iPP, neat PDMS, 50/50 wt%
iPP/PDMS TPE, and 30/70 wt% iPP/PDMS TPE.

When iPP is cross-linked with PDMS the HRC is decreasing with increasing weight
percent of PDMS. For example, for 30/70 wt% iPP/PDMS TPE the HRC moves to 400
(J/g-K). Figure 3.16 A-C presents SEM images of the char formed during thermal
decomposition in air. As can be seen from Figure 3.16A the morphology of neat PDMS
char is consistent with the morphology of silica glass. Whereas, the morphology of 50/50
and 30/70 wt% iPP/PDMS TPEs is more complex. There are some domains that look
similar to neat PDMS, especially in the case of 30/70 wt% composition. Yet, there are
domains of other morphologies which could provide an explanation for improved flame
retardancy properties of iPP/PDMS TPE upon further analysis.
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Figure 3.16: SEM images of the char formed during thermal decomposition in air 3.16A neat PDMS 3.16B - 50/50 wt% iPP/PDMS TPE 3.16C - 30/70 wt% iPP/PDMS TPE.

3.4 Conclusion
It is shown that isotactic polypropylene/polydimethylsiloxane (iPP/PDMS) TPEs can
be fabricated by reactive melt mixing in the presence of tert-butyl peroxide. Using difunctional vinyl terminated PDMS as a co-agent of cross-linking for iPP helps promote
the recombination reaction during reactive melt mixing in the presence of the peroxide.
The network formation between iPP and PDMS is confirmed with ATR FTIR, soxhelet
extraction and parallel plate rheometry. The crystallinity of iPP chemically cross-linked
with PDMS is reduced by 50 percent in comparison to neat iPP, yet iPP chains can still
crystallize and form physical cross-links in addition to chemical cross-links. Moreover,
the iPP/PDMS TPEs show typical elastomeric behavior during rheological analysis and
mechanical cyclic tests. Consequently, these two findings demonstrate that iPP/PDMS
networks behave like typical TPEs: systems that are melt processeable, but display an
elastomeric behavior. In addition, it is demonstrated that TMA can be used just as DSC to
study the thermal crystallization and melting transitions in polymers. The TMA results
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correlate well with DSC measurements. By combining DSC analysis with TMA
coefficient of linear thermal expansion analysis, data measurements such as volume
change associated with thermal transitions can be made. Finally, it is shown that the
incorporation of PDMS into iPP dramatically enhances the flame retardancy properties.
As an example, TGA analysis in air shows that both 50/50 and 30/70 wt% compositions
of iPP/PDMS TPEs have higher char yield even then neat PDMS.

3.5 Future Work
In the last ten years the use of inorganic fillers to improve the mechanical and
physical properties of cross-linked PDMS has become a common practice in the
production of engineering materials.101 Filled elastomers are engineering materials with
enhanced mechanical properties including higher modulus, higher tensile strength and
greater tear resistance. Nano-silica filled PDMS elastomers have attracted significant
interest for various technological applications, ranging from sealants to automobile tire
tread compounds, as well as for fundamental research. The reinforcement effect in these
materials is attributed to the high modulus of silica particles as well as the interactions at
the polymer-filler interface that lead to altered chain dynamics.102,103 Further, when silica
is combined with PDMS there is an additional reinforcement due to hydrogen bonding
between silica and PDMS.101,104
An interesting future study will be to introduce fumed silica to iPP/PDMS TPEs as a
tertiary component. Yang et al. investigated the effect of the incorporation of fumed silica
on structure-property relationships of fumed silica/iPP/EPDM blends.

The authors

showed that when the filler-network structure is formed around the EPDM domains at
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carefully selected experimental conditions the Izod impact strength of the composites is
greatly improved.105 Prakashan et al. conducted a similar study, but replaced EPDM with
PDMS. The tertiary composite system under investigation consisted of fumed
silica/PDMS/iPP. Similarly to Yang et al., the authors showed that at the optimized
mixing sequence the ternary composites had improved impact strength and exhibited high
deformation under tensile and impact test conditions.91 Unlike the system considered by
Prarkashan et al. in iPP/PDMS TPE there are chemical cross-links between iPP chains
with PDMS chains and/or other iPP chains. Incorporation of fumed silica could affect the
cross-linking reaction during melt processing in addition of serving as a reinforcing
agent.
Dry fumed silica easily absorbs water from the environment and therefore can be
considered hydrated.106,107 Due to the presence of –OH groups on SiO2, we believe that
the cross-linking reaction between PDMS and silica can take place upon thermal
activation by silanolysis and hydrolysis followed by a condensation reaction similar to
the mechanisms for grafting of linear PDMS. chains onto a silicon oxide proposed by
Krumpfer and Lin.108,109 This reaction undergoes with no catalyst or byproduct and we
anticipate that the cross-linking proceeds by hydrolysis of Si-O-Si bond followed by a
condensation reaction with a silanol group and silanolysis of Si-O-Si bond by a silanol
group. The proposed reaction scheme is shown in Figure 3.17. Both of these reactions
are expected to take place simply on heating the material, with the hydrolysis reaction
happening faster than the silanolysis reaction. As can be seen, the formation of each
chemical bond results in consumption of the silanol end group either on the silica particle
or on the PDMS chain in one location and the appearance of the silanol end group in the
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other location. Because every silanol group can potentially be reactive, this network is
“living” and therefore self-healing upon thermal activation. Consequently the
incorporation of silica into iPP/PDMS TPEs could have a very interesting effect not only
due to dispersion and formation of a filler network as described by other authors, but also
due to the formation of the additional cross-links with an elastomeric phase itself.
Investigating whether fumed silica forms cross-links with PDMS phase during melt
processing of iPP/PDMS TPEs and how this additional cross-linking affects the processstructure-property relationships of these tertiary composites is an interesting future
continuation of this work.

Figure 3.17: Cross-linking mechanism between nano-silica and PDMS matrix.
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CHAPTER 4
SOLID-STATE PROCESSING OF SEMI-CRYSTALLINE POLYMERS
This dissertation chapter investigates solid-state deformation of semicrystalline polymers in order to improve the non-linear ductility. Solid-state deformation
below melting temperature and crystallization temperature of semi-crystalline polymers
imposes changes in the post yield behavior by a simple process of compression and shear
in the solid state at low temperature, low pressures and unconfined geometry. It is shown
that solid-state processing results in a change of crystalline phase from α-phase to the
mesomorphic phase caused by mechanically induced melting. The other effect of solid
state processing is lamella orientation, stacking and tilting as well as lamella
fragmentation and dissolution. These changes are discussed in relation to the strain rate,
temperature, and the extent of deformation used during solid-state processing
compressive treatment. The goal of this work is to explain these morphological changes
and relate them to the apparent ductility enhancement. Lastly, this work answers the
question of whether this treatment is permanent and demonstrates how annealing treated
semi-crystalline material at elevated temperatures and/or aging at room temperature over
a long time change the mechanical properties.
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4.1 Introduction

The intrinsic deformation behavior of polymers can be determined in a non-standard
compression test where the strain rate is kept constant by varying the cross-head speed. In
this test localization phenomena such as necking and crazing are absent. During this test,
the linear dependence of the strain hardening modulus on true stress and true strain and
other parameter such as elastic modulus, yield stress and strain softening are measured.
Strain softening is the drop from the yield stress to the rejuvenated stress. It has been
shown that the balance between strain softening and strain hardening responses can
greatly affect polymer apparent ductility and dictate the degree of strain localization. In
order to macroscopically delocalize strain, thereby improving toughness in polymers, the
drop in yield stress must be reduced or the strain hardening has to be enhanced.1
It is well known that parameters such as the degree of crystallinity, lamella thickness,
and spherulite size all influence the deformation behavior. The Young’s modulus of
semi-crystalline materials is thought to be related to the percent of crystalline phase and
amorphous phase. The yield stress and post yield stress drop are also proportional to the
lamella thickness and degree of crystallinity. While the yield stress, the post yield stress
drop and the Young’s modulus are affected by processing conditions, the strain hardening
modulus of semi-crystalline polymers is affected by intrinsic properties such as
entanglement density and molecular weight. In addition to varying thermal processing
history, another way to change the deformation behavior of semi-crystalline polymers is
through solid-state deformation of the material to strain softening. The mechanism of
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solid-state deformation

of semi-crystalline polymers below the melting

and

crystallization transition is investigated in this dissertation chapter.
Semi-crystalline polymer crystal structure can be altered by mechanical deformation
in the solid state19-23, for example solid-state extrusion and uniaxial compressive
treatment. Porter et al. demonstrated that during uniplanar deformation of isotactic
polypropylene (iPP) the lamella fragments are subjected to normal and shear stresses as
well as torque.25 Consequently, the rotation and tilting of the lamella as well as
fragmentation of the lamellar structure takes place. Since the entire spherulite has to
deform, the amorphous phase undergoes deformation as well. Porter argued that at very
high draw ratios, the lateral disorder may unravel the lamellae by successively pulling out
chains and the pulled out chains may recrystallize to form disordered planar mesophase at
high under-cooling.24,25,110 This disordered mesomorphic phase induces ductility and
improves the efficiency of the draw, thereby allowing to deform the material to very high
strains.24,25 Porter et al. and subsequently other researches demonstrated that at high
draw rations and high draw temperatures (just below the melting transition) a layered
structure is formed that has a significant effect on impact toughness26,27 and yield stress.
This way, it was demonstrated that a uniplanar deformation of iPP shows a remarkably
high impact strength24,28 as well as an increase in yield stress and Young’s modulus.
Huan et al. used pressure-induced flow processing to allow one-directional
deformation of iPP at 110 oC and 375 MPa, in order to cause an orientation of lamellae.
The toughness and tensile strength of the original iPP material was improved. The
authors demonstrated a connection between the improvement in mechanical properties
and the deformation of the spherulitic structure.27
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In a similar process, Li et al.

investigated solid-state extrusion of HDPE through a convergence-divergence slit die.
Their findings showed that the yield strength of solid-state extruded materials was
dramatically improved; however, the elongation at break was poor in comparison to melt
state extruded samples. The authors justified their finding by the preferential orientation
of lamella that was formed during the solid-state extrusion.20 Shaw at al. in 1973 and
subsequently Ward et al. in 1990 and Schroeder et al. in 2006 filed invention disclosures
demonstrating that by deforming semi-crystalline thermoplastic material via passage of
the material through a compressive die in a solid state, a process described in detail by Li
et al. and Porter et al., the mechanical properties can be enhanced.29-31 In 2012 the same
approach was patented for semi-crystalline floro-polymers by Hughes et al.32

The

commonality of these processes is that a semi-crystalline polymer is deformed at near
melt temperatures in the solid-state to high percentage of compressive deformation to
compressive strains above 100-200 %. In addition, these processes are done under a
constrained of confined geometry to have one directional flow. The processed material
has significantly higher yield stress and Young’s modulus than the unprocessed
equivalent material and typically a layered-oriented crystalline morphology that results in
enhanced fracture toughness.
By applying a different solid state processing method in 1963 McGlamery et al.
reported that the tensile strength of high density polyethylene (HDPE) can be
significantly improved by a cold rolling or calendaring process of material in the solid
state.33 During this biaxial cold rolling step a polymer sample is initially cold rolled in
longitudinal direction and then in a transverse direction at compressive strains of at least
60%. Due to this process, the final HDPE sheet has improved tensile strength in the
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transverse and longitudinal direction.33 Similarly, in 1989 Lo et al. filed an invention
disclosure demonstrating that by continuous forging of amorphous or semi-crystalline
polymer sheet to compressive strains of 50 % and higher above glass transition, but
below melting transition, biaxially-oriented material is produced. During this process, the
polymeric sheet simultaneously elongates in a longitudinal direction and spreads in a
lateral direction as the thickness is reduced. The tensile strength and toughness of the
material was significantly improved, however no physical explanation of the
phenomenon was provided.26
Although, many authors investigated solid state deformation of homo-polymers,
limited work has been reported on blends.34 Lai et al. and Chung et al. proposed
polyolefin blends with two melting temperatures. This approach allowed solid state
processing above the lower melting temperature of the blend and below the higher
melting temperature of the blend, thus allowing for wider cold processing temperature
range.34,35 Porter et al. investigated solid-state co-extrusion of the blends of the crystalline
and the amorphous polymers. The blends of the poly(ether ether ketone) and poly(ether
imide) (PEEK/PEI) were investigated. Although no mechanical tests were reported, the
authors showed that the glass transition of the amorphous drawn PEEK/PEI blends was
depressed and the densities were increased.28
The goal of this work is to explain the physical basis behind solid-state deformation
of semi-crystalline polymers using an approach similar to the approach first reported by
McGlamery et al. in 1963 for HDPE. The aim of this research is to demonstrate that the
toughness and nonlinear ductility of semi-crystalline polymers can be enhanced through
mechanical deformation as well as to characterize the changes in the morphological
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structure imposed by this treatment. In the solid-state process described in our work the
material is deformed by the process similar to compression to the strain softening regime
by application of engineering compressive strains in the range of 25-50% in an
unconfined geometry and at temperatures significantly lower than the polymer melting
and crystallization transition.
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4.2 Materials and Methods

4.2.1 Materials
Isotactic polypropylene (iPP) was supplied by Braskem in pellet form. As
received neat polymer has a melt flow index (MFI) of 11 g/10 min and density of 0.905
g/cm3. Polybutylene terephthalate (PBT) in pellet form was also supplied by Braskem.
Polyamide 6,6 was purchased from McMaster. Table 4.1 summarizes semi-crystalline
polymers used in this work.
Table 4.1: Semi-crystalline polymers used in this work.

0

Crystallization
Temperature
o
C
117

Melting
Temperature
o
C
166

34

66

188

227

30

49

235

254

Polymer

Crystallinity
%

Glass Transition
o
C

iPP

62

PBT
Polyamide 6,6
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4.2.2 Solid-State Deformation Treatment
In this work, a semi-crystalline polymer sample is subjected to a deformation
through the application of the compressive treatment in the solid state to engineering
compressive strains in the range of 25-50%. Assuming the material is incompressible
and the compression is in the Z-direction, the strain fields in the Y and X direction are
equal. The samples used in this work are either rectangular shape compressed in the melt
press or compression billets compressed between the Instron compression plates. Figure
4.1 presents the schematic drawing representing this compressive treatment.

Figure 4.1: Schematic drawing of compressive deformation set up.

4.2.3 Thermal Property Characterization
Thermal properties and the crystallinity of samples were evaluated with TA
Instruments differential scanning calorimetry (DSC) Q200. Two heating and cooling
cycles were applied to 5 mg of sample at a constant ramp rate of 10 oC/min. The DSC
was used to determine glass transition temperature (Tg), crystallization temperature (Tc)
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and melting temperature (Tm) of materials. The crystallinity (  c ) of samples was
calculated according to Equation 4.1.

c 

H m
H m0

(4.1)

Where H m the enthalpy of fusion of material is calculated from DSC data and
H m0 is the enthalpy of fusion of 100 % crystalline material. Thermal properties for each

material were evaluated before and after solid-state deformation.

4.2.4 Mechanical Property Characterization
Tensile specimens were cut according to an ASTM standard D638 type I
geometry and monotonic tensile tests were done on an Instron 5800 at a crosshead
displacement rate of 10 mm/min. Elastic modulus, tensile strength, and elongation at
break of samples before and after solid-state deformation were measured at various
temperatures. The rupture energy (Ur) was calculated by integrating the stress-strain
curves in order to characterize the ductile-brittle transition shift imposed by solid state
deformation according to Equation 4.2. Three samples were tested for each experimental
condition.
f

U r   

(4.2)

o

Where ɛf is strain at failure. Dynatup Impact testing was done in order to
characterize the ductile-brittle transition in materials at high strain rates and different
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stress states. These tests were conducted with a 1.27 cm diameter impact tester tip, with
mass of 2.38 kg at 4.1 m/s impact velocity. The total energy on impact was measured for
control samples and for samples after solid-state deformation at various test temperatures.
Five samples were tested for each experimental condition.

4.2.5 Morphology and Crystal Structure Characterization
In order to investigate the crystalline phase morphology only, the amorphous
phase was etched with a permanganic etch solution. The samples were cut with a
diamond saw at the desired surface and the surface was smoothed with 0.1 µm sand paper
Cut and smoothed samples were cleaned by sonication in isopropyl alcohol and etched in
a permanganic etch for 2 hours. The permanganic etch involved mixing 64.7 wt%
sulfuric acid, 32.3 wt% phosphoric acid, and 3 wt% potassium permanganate crystals.
After the permanganic etch, the samples were rinsed with distilled water followed by a
rinse in hydrogen peroxide and sonication in isopropyl alcohol. The morphology was
examined using scanning electron microscopy (SEM) (Magellan 400), optical
microscopy (Olympus BX51) and confocal microscopy (Leica).
The crystal structure of samples was investigated with wide angle X-ray
scattering (WAXS) and small angle x-ray scattering (SAXS) Riau S-Max3000 X-Ray
instrument with a Cu-Kα radiation source. WAXS analysis was done to assess if solidstate deformation causes a change in the crystal structure of individual crystallites,
whereas SAXS analysis was done to investigate if solid-state deformation causes a
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change in the lamella structure and orientation. The present crystallinity was estimated
from WAXS intensity (I) versus Bragg angle (2θ) plot by using Equation 4.3

Xc=Ac/(Aa+Ac)

(4.3)

Where, Xc is the percent crystallinity, Aa is the area of the amorphous halo and Ac is the
area under crystalline peaks after the baseline and the amorphous halo have been
subtracted.
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4.3 Results and Discussion

4.3.1 Solid-State Treatment
Whether a semi-crystalline polymer will have a brittle or a ductile failure can be
predicated from the intrinsic deformation behavior. The intrinsic deformation behavior
can be determined in a non-standard compression test where the localization phenomena
such as necking or crazing are absent. Figure 4.2 presents the results of the compression
test for isotactic polypropylene (iPP). The engineering compressive strain is shown on the
right Y-axis. During this test the engineering compressive strain rate is kept constant by
varying the cross-head speed. This test allows to measure the linear dependence of strainhardening modulus on true-stress (left Y-axis) and compression ratio, λ, (X-axis) as well
as the post yield drop. The post yield stress drop, or strain softening, is the drop from the
yield stress (σy) to the rejuvenated stress (σr) as depicted in Figure 1.1. The relationship
between the yield stress and the rejuvenated stress can be defined according to equation
4.4:

 y  K y  r

(4.4)

Where Ky is a multiplier that is determined experimentally. It has been shown that
the balance between the post yield stress drop and the strain hardening modulus (GR) can
greatly affect polymer apparent ductility and the degree of strain localization. Semicrystalline polymer fails ductally and forms a stable neck if the load transferred by the
neck equals the load needed to prompt yielding in the undeformed zone. Equation 4.5
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presents an expression for neck stability in terms of the relationship between the
rejuvenated stress and the strain hardening modulus first derived by Haward et al.111

r
GR

n 


1

n

K y  n  1

(4.5)

Where λn is the draw ratio in the neck.
In order to improve toughness of semi-crystalline polymers the post yield stress
drop has to be reduced or the strain hardening modulus has to be enhanced. While the
strain-hardening modulus of the material is dependent on the intrinsic properties such as
entanglement density and molecular weight, the yield stress and post-yield stress drop are
dependent on the processing conditions. In semi-crystalline polymers the yield stress and
the post yield stress drop are related to the degree of crystallinity and crystalline
morphology. The effect of solid-state processing or mechanical revitalization of semicrystalline polymers on the degree of crystallinity, semi-crystalline morphology and the
post yield behavior is investigated in this chapter.
In this solid-state processing treatment, a semi-crystalline polymer is subjected to
deformation through the application of a compressive treatment in the solid-state at low
temperatures (below the melting and crystallization transition), low pressures (below 4
tones.), and unconfined geometry. The material is compressed to engineering
compressive strains in the range of 25% to 50%. The engineering compressive strains are
indicated in Figure 4.2 on the monotonic compression curve. As can be seen from Figure
4.2, by an application of 25, 40 and 50 percent engineering compressive strain, the
sample is treated to strain softening regime.
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Figure 4.2. Solid-State deformation of iPP to strain softening regime through the
application of 25, 40 and 50 percent of engineering compressive strain.

4.3.2 Effect of Solid-State Treatment on Non-liner Ductility and Ductile-Brittle
Transition
Figure 4.3 and Table 4.2 demonstrate the effect of solid-state treatment to 50%
engineering compressive strain (revitalized compression ratio, λR, of 0.5) at room
temperature on the tensile behavior of iPP. In semi-crystalline polymers, the Young’s
modulus, yield stress and post yield stress drop are tied to the crystalline morphological
structure and percent crystallinity. Figure 4.3 shows that the process of solid-state
treatment imposes changes in the post yield behavior. After this solid-state treatment, the
yield stress and the post yield stress drop are significantly decreased. The reduction in the
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post yield stress drop causes a reduction in strain localization and, thus, an enhancement
in localized ductility.
Control iPP material fails in completely brittle fashion through void nucleation and
crazing. However, after solid-state treatment, the strain localization is reduced and can
be stabilized by strain hardening modulus; the material forms a stable neck and
undergoes ductile deformation, as demonstrated in Figure 4.3A. The rupture energy, Ur,
of the material is associated with toughness and can be determined by integration of
stress-strain curves. Table 4.2 shows that the rupture energy of iPP after solid-state
treatment is increased by several orders of magnitude. After this solid-state treatment or
mechanical revitalization there is also a reduction in the Young’s modulus, as

Figure 4.3: A—Control iPP and iPP material after solid-state treatment at room
temperature to 50% engineering compressive stain; B—iPP material after solidstate treatment tested immediately after treatment and a year later.
demonstrated in Table 4.2. Reduction in Young’s modulus, in addition to the reduction in
yield stress suggest that the crystalline phase is affected due to this treatment.
Figure 4.3B shows the tensile test result for the material tested a year after the solidstate treatment to 50% engineering compressive strain (λR=0.5) at room temperature.
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Govaert et al. demonstrated that by application of a similar treatment described herein,
the ductility enhancement can be achieved in amorphous polymers. However, the
enhancement is not permanent and it relaxes with time. In the case of semi-crystalline
polymer, the material still demonstrates an improvement in localized ductility even a year
later. There is no significant difference between the Young’s modulus of the sample
tested immediately after treatment and the sample tested a year later. However, the yield
stress for the sample tested a year later is significantly higher. Therefore, there is some
recovery of the crystalline phase morphology and/or crystallinity that is happening over
time. This recovery can be explained by mechanism of secondary crystallization and/or
crystalline phase transformation. The explanation of phase transformation that happens
due to mechanical revitalization is presented in section 4.3.4.
Table 4.2: Solid-state treatment of iPP to 50% engineering compressive strain at room
temperature.
Treatment
Condition

E
(GPa)

σy

σr

Ur

(MPa)

(MPa)

Control

1.76

39.3

7

(GJ/m )
30.7

λR=0.5, RT, tested
immediately after
treatment

1.14

27.9

3

2045.1

λR=0.5, RT, tested
one year after
treatment

1.23

36.4

12

1670.6
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Figure 4.4 presents the rupture energy measurements in tensile test as a function of
testing temperature for iPP material after solid-state treatment at room temperature to
50% engineering compressive strain. The ductile-brittle transition of the material after
solid-state treatment is shifted to lower temperatures.

The treated material has

significantly higher rupture energy then control material even at -10 oC, which is 10oC
below the glass transition temperature. Figure 4.5 presents the impact test results on the

Figure 4.4: Ductile-brittle transition in treated and control iPP investigated by
measuring rupture energy in tensile test at different test temperatures.

Figure 4.5: Samples after impact test: A. Treated sample to λR=0.75 at room
temperature. B. Control iPP sample that was not treated.
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control and mechanically revitalized iPP to 25% engineering compressive strain (λR =
7.5) at room temperature. Even though the treated material is 1 mm thicker than the
control, it fails ductilely at -10oC, whereas the failure of the control material is
completely brittle. Table 4.3 summarizes the impact test results. The total energy for
control and treated iPP is comparable when the impact test is conducted at room
temperature or at -20oC. However, at -10oC the total energy for the control material is
only 2.83J, whereas the total energy for the revitalized material is 18.3J. This result,
combined with the rupture energy measurements at different temperatures in tensile test
demonstrates that the ductile-brittle transition of iPP after solid-state treatment is shifted
to lower temperatures by at least 10oC. Therefore the ductility of iPP is enhanced not
only at room temperature but also at temperatures below 0oC.
Table 4.3: Impact test results, 1.27 cm diameter impact tester tip.

Impact Test Results 1.27 cm Diameter Impact Tester Tip
Test Temp.

Total Energy

(oC)

Impact Velocity
(m/s)

Control

RT

4.11

19.6

λR=0.75

RT

4.11

20.5

Control

-10

4.11

2.83

λR=0.75

-10

4.11

18.3

Control

-20

4.11

2.67

λR=0.75

-20

4.11

2.72

Sample

119

(J)

4.3.3 Effect of Temperature and Strain Rate during Solid-State Treatment on the
Mechanical Properties
The compression billet dimensions before and after compressive solid-state
treatment are schematically illustrated in Figure 4.6. During this treatment the material is
deformed to compression ratios (CR) λ1, λ2, and λ3 that can be expressed according to the
Equations 4.6 and 4.7.

Figure 4.6: Compression billet dimensions before and after solid-state treatment.

1 

hi
h0

 2  3 

(4.6)

Di
D0

(4.7)

Where λ1 is compression ratio in height, λ2 and λ3 are compression rations in diameter, hi
is the instantaneous height, h0 is the original height, Di is the instantaneous diameter and
D0 is the original diameter. During the solid-state deformation of iPP it can be assumed
that the material is incompressible and the density of the material does not change
significantly after the deformation. Thus, the relationship between compression ratios can
be expressed according to the Equation 4.8.
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12 3  1

(4.8)

It is possible to replace λ1 by λ, but that requires that the relationship between the
compression rations is expressed according to the equation 4.9.

 2  3 

1

(4.9)



The relationship between the true stress, σt, and λ can be expressed according to
the Equation 4.10.

1

 t  yGR (2  )


(4.10)

Where σy is the Y-axis intercept in true stress, GR is strain-hardening modulus, and
an expression ( 2 

1



) is green strain. At the point of the mechanical revitalization the

material is compressed to the revitalized compression ratio λR that is defined according to
the Equation 4.11.

R 

hR
ho

(4.11)

Where hR is the height of the material after the mechanical revitalization or solidstate treatment. Then, after the revitalization, the new dimensions of material in height,
hR, and in diameter, DR, can be expressed according to Equations 4.12 and 4.13.

hR   R h0
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(4.12)

DR 

Do

(4.13)

R

When the true stress, σt, for the mechanically revitalized material is mapped to
start at the coordinate origin, it is a function of the apparent compression ratio λ’, as
shown in the Equation 4.14, and this apparent compression ratio is defined according to
the Equation 4.15.

1

 t  yGR ( ' 2  )
'
'

h
hR

(4.14)

(4.15)

Combining Equation 4.15 with Equation 4.12 and Equation 4.6 allows to express
λ’ as a ratio of λ to λR, according to the Equation 4.16.

'


R

(4.16)

Then, the mapped response for the true stress, σt, can be expressed according to the
Equation 4.17.
   2 
 t  yGR    R

 R 





(4.17)

Figure 4.7A demonstrates the relationship between σt and λ for the control iPP
sample before the mechanical revitalization as well as the cycling response for the iPP
sample that is loaded to the compression ratios of λR=0.75, λR=0.6, and λR=0.5
respectively and then unloaded. Figure 4.7B demonstrates the mapped response for true
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stress, σt, as a function of the apparent compression ratio, λ’, for cycled sample after
loading to the compression ratio of λR=0.5. The mapped response for the cycled sample
with original dimensions of ho and Do, shows that the strain-hardening modulus of the
cycled sample is the same as the strain-hardening modulus of the revitalized sample to
λR=0.5 at room temperature and then tested afterword in the regular compression test at
the same conditions as a cycled sample with the new demotions of λR and hR. This data

Figure 4.7.: A – control sample and cycled sample at λ=0.25, 0.4, and 0.5; B –
mapped response of cycled sample after loading to λ=0.5; C – uniaxial compression
response for the mechanically revitalized samples at different temperatures; D –
uniaxial compression response for the mechanically revitalized samples at different
strain rates.
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demonstrates that the apparent increase in the stain-hardening modulus after mechanical
revitalization is the geometric response rather than the material response.
The relationship between σt and λ is also investigated experimentally after
various solid-state treatment conditions. The goal of these experiments is to investigate
the effect of different temperatures and strain rates on the extent of the mechanical
revitalization. During these tests iPP samples are mechanically revitalized to the λR=0.5
ether by keeping the strain rate constant at 0.001 s-1 and varying the treatment
temperature, Figure 4.7C, or by keeping the temperature constant at 20oC and varying the
strain rate, Figure 4.7D. After the solid-state treatment all the samples are tested in the
regular compression test at 0.001 s-1 and at 20oC with the new dimensions hR and DR. As
can be seen from Table 4.4 and Figures 4.7C and 4.7D, treating the samples at lower
temperatures and faster strain rates results in more pronounced extent of deformation. At
these conditions the drop in yield stress, σy, and the drop in Young’s modulus, E, are
more pronounced. Thus, the iPP sample compressed at 0.01 s-1 has lower Young’s
modulus and yield stress than the sample compressed at 0.0001 s-1 keeping other
conditions the same. Similarly, when the strain rate is kept constant, the sample treated at
-10oC has a significantly lower Young’s modulus and yield stress then the sample treated
at 130oC. At lower temperatures and higher strain rates the mobility of polymer chains is
restricted and the polymer chains experience more severe mechanical deformation. At
higher temperature and/or lower strain rates the polymer chains are more mobile and,
thus, the extent of the imposed mechanical revitalization is less pronounced.
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Table 4.4: Effect of temperature and strain rate on the extent of mechanical revitalization.

Temperature Strain Rate
o

-1

σR

GR

σy/GR

( C)

(s )

(MPa)

(MPa)

N/A

N/A

53.1

4.22

12.6

-10

0.001

46.7

8.86

5.27

20

0.001

51.5

13.5

3.81

130

0.001

60.1

19.3

3.11

20

0.01

49.1

9.61

5.11

20

0.0001

56.3

21.1

2.64

4.3.4 Effect of Solid-State Treatment on Crystallinity and Crystalline Phase
Morphology
Figure 4.8 and Table 4.5 summarize the DSC results for treated and control iPP.
After solid-state treatment to 50% engineering compressive strain, the crystallinity only
drops by a very small percent: from 56% for control iPP to 54% for treated iPP which is
not significant. As demonstrated in prior sections, in treated iPP material, the Young’s
modulus and the yield stress are lower than in control iPP material of the same thickness.
The Young’s modulus of the semi-crystalline material is associated with the ratio of the
crystalline to amorphous phase volume fraction, and the yield stress is also dependent
upon crystallinity. Semi-crystalline polymers with lower percent crystallinity are
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Figure 4.8: DSC results for control and treated iPP: A. first heating endotherms and
B. first cooling exotherms.
expected to have lower Young’s modulus and lower yield stress, because the amorphous
phase is softer than the crystalline phase. However, DSC results, demonstrate that the
crystallinity is unchanged.
Table 4.5: Summary of the DSC results for control and treated iPP

Xc (%)

Tm (oC)

ΔHc(J/g)

Tc (oC)

Control

56

168

113.6

117

40% comp. ,
RT

54

169

112.3

117
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Figure 4.9 presents wide angle X-Ray analysis for treated and control iPP. The
darkening between the diffraction nodes corresponding to (110) and (040) iPP reflections
is characteristic of the oriented mesophase112. The presence of the mesophase explains a
drop in the Elastic modulus and yield stress with nearly unchanged crystallinity seen in
DSC. The mesophase is unstable at temperatures above 60oC and converts back to the αphase, therefore only one melting endotherm is observed in the DSC. Although the
percent crystallinity calculated in WAXS and DSC for the control sample is the same, the
crystallinity calculated for the treated sample in WAXS is lower than in DSC. In the

Figure 4.9: WAXS analysis of treated and control iPP material: A. intensity (I)
versus Bragg angle (2θ) plot. B. WAXS pattern of control material. C. WAXS
pattern of treated material to CR=2 at room temperature – X-ray beam is
perpendicular to the compression force. D. WAXS pattern of treated material to
CR=2 at room temperature – X-ray beam is parallel to the compression force.
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direction perpendicular to the treatment force the crystallinity is 31% and in the direction
parallel to the treatment force the crystallinity is 39%. These results demonstrate that
some amount of the α-phase crystals are converted to the mesophase upon solid-state
treatment. It has been reported that the mesophase formation results in lower Elastic
modulus and lower yield stress. In addition, lamellae slippage on yielding during the
deformation in tensile tests of iPP with some percentage of mesophase requires smaller
shear stress than that for pure α-phase thereby allowing the material to yield at lower
stress. Therefore, the plastic resistance of crystals is reduced and the stress level
necessary for the destruction of the lamellae by fine and coarse slip during yielding is
decreased.
In a crystalline material, the discrete rings or spots on WAXS diffraction patterns
correspond to Bragg reflections from particular crystallographic planes within the crystals
and their orientation. As can be seen in Figure 4.9C, the crystallographic planes within
the crystals are oriented for treated iPP material. In the control iPP material, the pixel
concentration of the diffraction rings is constant which demonstrates that the crystal
morphology is isotropic. For treated iPP, there is a fluctuation in the pixel concentration
of the diffraction rings which demonstrates that the material is no longer isotropic. This
suggests that the individual diffraction planes of a unit cell of a single crystallite in
treated iPP are oriented.
Figure 4.10 depicts SAXS patterns for control and treated iPP that characterize
the lamellae orientation as a whole. In neat iPP, the lamellae are oriented homogeneously
as indicated by a circular pattern. The six peak pattern seen in the sample where the X-
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ray beam is aligned perpendicular to the applied force indicates that there is some limited
lamella stacking in the flow direction and significant lamella tilting.
Lamella within the spherulite cannot deform and reorient separately, because they
are linked by the segments of molecules in amorphous layers. Therefore, during solidstate processing treatment an entire spherulite has to deform. In order for the spherulite to
deform the amorphous chain segments have to deform and the lamellae have to rotate and
tilt. During this process, not all of the lamella can perfectly reorient and tilt and some of
the lamella undergoes fragmentation and dissolution by fine and coarse slip.

This

fragmentation and dissolution causes chain packing disorder for some of the lamella
segments. In addition, several researchers have reported that when the stress acting on
the crystallites reaches a value at which crystals are no longer stable, stress-induced
mechanical melting can take place, followed by recrystallization into a mesomorphic
phase. These observations are consistent with our results as shown by the presence of the
mesophase in WAXS analysis and lower yield stress and Young’s modulus.

Figure 4.10: SAXS pattern of iPP: A. Control material; B. Treated material – X-ray beam is
perpendicular to the compressive force direction. C. Treated material—X-ray beam is parallel
to the compressive force direction.

129

In the next set of experiments the crystal-phase of the material was exposed by
performing chemical etching studies where the amorphous phase is etched out, as shown
in the SEM images in Figures 4.11 and 4.12. The etching studies show that the
morphology changes from spherulitic in the control material to oblate-spheroid in the
treated material. The spherulites look unchanged in a direction parallel to the applied
force, whereas they appear as elongated ovals in the direction perpendicular to the
applied force. Therefore, the spherulites are compressed in this process. These results
provide an additional proof that the lamella stacks must tilt, rotate and orient in order to
rearrange into this new oblate-spheroid morphology.

Figure 4.11: SEM of A. Control material etched surface; B. Treated material etched surface.
The spherulites are deformed and elongated in the treated material which causes lamellae
tilting and orientation.
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Figure 4.12: Dark field optical microscopy of A. Control material etched surface; B. Treated
material etched surface in the direction perpendicular to the applied force; C. Treated
material etched surface in the direction parallel to the applied force.
Figure 4.13 presents the phase mode AFM images for the etched surfaces of the
control and the mechanically revitalized samples. On larger scale both samples show
spherulitic morphology. However, upon further magnification on a much smaller scale, a
disordered nodular morphology characteristic of the mesophase is seen in the revitalized
iPP sample, whereas the control iPP sample shows lamella order.
The dimensions of spherulites were calculated based on the average measurement
of 25 spherulites in optical microscopy. The original dimensions of the spherulites in the
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control iPP material are 45 by 45 microns. After compressive deformation to λR=0.5, the
spherulites shrink in the diameter in the direction of the applied force by 15 microns and
stretch in the diameter perpendicular to the compressive force by 14 microns. The new
average spherulite dimensions after solid-state treatment are 30 by 59 microns. Using
Equation 4.11 it is calculated that the actual spherulites are compressed by λR=0.6

Figure 4.13: Phase mode AFM A and B Treated iPP material at different
magnifications; C and D control iPP material at different magnifications
Assuming affine deformation Equation 4.9 is used to predict how much the spherulite
will stretch at λR=0.6. This result comes to 11.5. This value does not match the actual
spherulite stretching by 14 microns, but it is very close, therefore suggesting that the
deformation experienced by spherulites is almost affine.

132

The next set of experiments was targeted at the investigation of how the presence
of disorder in the lamella packing and mesophase formation due to mechanical
revitalization affects the deformation behavior of the iPP material. Figure 4.14 and Figure
4.15 demonstrate the crack propagation in control and treated iPP material. Both samples
are pre-cracked and etched for 24 hours to remove the amorphous phase. After etching,
the crack is propagated with a screw driver and the deformation of crystal-structure is

Figure 4.14: Crack propagation studies in the control iPP sample.
analyzed. Figure 4.13 shows that the crack propagates easily through the control sample
and the lamellae segments simply break as the crack propagates further. On the contrary,
the crack propagation is difficult in the revitalized sample (λR=0.5, 20oC) as shown in
Figure 4.14. In the revitalized sample a pear-like morphology is formed at the crack tip
and the crystalline phase is able to get pulled into the deformation zone. Therefore, the
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presence of the mesophase makes it is easier for the lamellae to shear and deform around
the deformation zone to prevent the crack from further propagation.

Figure 4.15: Crack propagation studies in the treated iPP sample.

4.3.5 Effect of Solid-State Treatment Temperature on Mesophase Stability
It has been reported that the upper stability limit for the mesophase is 120oC.
Whereas at 60oC mesophase crystals convert to α-phase crystals, the disordered
morphology does not rearrange into the ordered lamella morphology until 120oC. In order
to investigate the effect of solid-state treatment at different temperatures in context of the
mesophase, solid-sate treatment of iPP samples was done in the temperature range of
20oC-140oC. Table 4.6 summarizes the effect of solid-state treatment at different
temperatures on the tensile response. Samples treated at room temperature and 60oC
have lower yield stress and lower Young’s modulus than iPP samples treated at higher
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temperatures. When the material is treated at 100oC the rupture energy is comparable to
the samples that were treated at room temperature and 60oC, but the Young’s modulus
and yield stress are slightly higher. Further, the samples treated at room temperature and
60oC have less post yield stress drop than the sample treated at 100oC. When the
treatment temperature is raised higher to 120oC, a threshold for the mesophase stability,
the decrease in rupture energy is observed. Further at 140oC, 20oC above the threshold for
mesophase stability, the rupture energy is dramatically reduced and the yield stress and
Young’s modulus increase to the values close to that of the control sample. Thus, when
the solid-state treatment is done at 140oC the ductility enhancement is not present
because the mesophase does not form.
Table 4.6: Tensile results for solid-state treatment of iPP at different temperatures.

Treatment
Temperature

E

σy

Ur

(GPa)

(MPa)

(GJ/m3)

Control

1.76

39.3

30.7

RT

1.14

27.9

2045.1

60

1.40

27.9

2171.9

100

1.41

28.3

2103.4

120

1.40

30.9

1647.9

140

1.67

37.1

52.3

o

( C)
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Figure 4.16 and Table 4.6 presents the DSC results for the iPP materials treated to
50% compressive strain at different temperatures. As can be seen, there is no significant
change in the crystallinity when the material is treated in the temperature range from
20oC to 100oC; however, the crystallinity is higher when the material is treated at 140oC.
This result suggests that the material treated at 140oC is also being annealed.
Table 4.7: DSC results for iPP samples treated to λR=0.5 at different temperatures.

Xc (%)

Tm (oC)

ΔHc(J/g)

Tc (oC)

Control

56

168

113

117

λR=0.5, 20oC

54

169

112

117

λR=0.5, 60 oC

57

168

110

118

λR=0.5, 100 oC

58

167

114

118

λR=0.5, 140 oC

63

170

115

109

The mesophase crystals are stable at temperature below 60oC, and the treatment
of polymer within this temperature range clearly results in the best ductility enhancement.
Although, mesophase crystals rearrange into α-phase crystals above 60oC, the disordered
nodular morphology of the mesophase is present up to 120oC and therefore the ductility
enhancement in this temperature range is possible as well. Once the solid-state treatment
is done above 120oC, the mesophase morphology is no longer present. Even though the
fragmentation and the dissolution of the lamellae can still happen at this temperature, the
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disordered crystals may be able to rearrange back into the lamellae morphology. This
phenomenon results in loss in ductility.

Figure 4.16: DSC results for iPP samples treated to λR=0.5 at different temperatures: A. First
heating endotherms. B. First cooling exotherms.

4.3.6 Effect of Annealing on Mesophase Stability and Mechanical Properties
Figure 4.17 presents the tensile test results on the samples that were treated to
50% compressive strain (λR=0.5) and then annealed. When the samples are annealed for
one hour at 100oC, below the mesophase stability threshold the materials are still ductile.
However, when the samples are annealed at 140oC, all of the ductility is lost and the
material behaves in a brittle fashion. Figure 4.18 shows that the material that was
annealed at 140oC shows the same crystal and lamella orientation and tilting as the
material that was treated but not annealed. Yet no mesophase is present since the
darkening between the diffraction nodes demonstrated in Figure 4.8 is absent. This result
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confirms that the higher-order organization in the morphology does not change upon
annealing. However, the mesophase disorder is lost at temperatures above 140oC, which
results in the decrease of ductility.
The effect of annealing has also been investigated with compression tests. The

Figure 4.17: Stress-strain curves of iPP tested immediately after solid-state treatment and after
annealing at 100oC and 140oC for one hour.

Figure 4.18: SAXS and WAXS pattern of iPP sample after solid-state treatment to λR=0.5
at room temperature and annealing for one hour at 140oC.
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Figure 4.19: Effect of annealing on the solid-state deformed samples.
The effect of annealing has also been investigated with compression tests. The
compression billets were treated to 50% engineering compressive strain at room
temperature and then annealed at various temperatures. As can be seen from Figure 4.18,
the Young’s modulus and yield stress increase with increasing annealing temperature and
time. This result further demonstrated that during annealing at elevated temperatures for
extensive amount of time the mesophase crystals convert into the α-phase crystals and the
disordered nodular morphology rearranges into the lamella crystalline phase morphology.
These changes in the crystalline phase result in loss of ductility.

Figure 4.19

demonstrates the recovery of material dimensions upon annealing, these are the same
samples as the samples used for compression test in Figure 4.18. The mechanically
revitalized samples relax after annealing and recover in the direction parallel to the
compressive force by about 50 % and in the direction perpendicular to the compressive
force by about 12 %.
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Figure 4.20: Recovery of the dimensions of the material after solid-state deformation due
to annealing.
4.4 Conclusion
In this work a semi-crystalline polymer is subjected to a deformation through the
application of the compressive treatment in the solid state to engineering compressive
strains in the range of 25-50 %. This treatment imposes changes in the post yield
behavior by a simple process of compression and shear in the solid state at low
temperature, low pressures and unconfined geometry. During this treatment the
spherulites get compressed and the spherulite shape changes to the prolate-spheroid.
Thus, the deformation of the entire spherulite takes place that results in the deformation
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of the amorphous chain segments and crystalline chain segments. The crystalline chain
segments are deformed by rotation and tilting of the lamellae as well as fragmentation
and dissolution of the lamellae by fine and coarse slip. In addition, due to mechanical
melting, some of the α-phase crystals are converted into the mesophase disordered
crystals. These deformations result in a more efficient load transfer between the
amorphous and the crystalline phase during future deformation of the material. As the
result, it takes less activation energy for the lamellae to shear upon deformation and the
non-liner ductility is enhanced. In addition, the ductile-brittle transition is shifted by
10oC. The effect of mechanical revitalization is more prominent at lower temperatures
and higher strain rates because the extent of deformation at these conditions is more
pronounced. In glassy polymers the imposed ductility due to the compressive treatment
relaxes with time. On the contrary, the imposed ductility of semi-crystalline polymers due
to solid-state compressive treatment is permanent as shown by aging the material for a
year at room temperature. However, annealing the material at elevated temperatures
results in loss of the mesophase and other crystalline defects and the reestablishment of
lamella morphology and, thus, loss of ductility.

4.5 Future Work
An interesting extension of this work would be to investigate how applicable this
treatment is to other semi-crystalline polymers. In addition to polyolefins, two other
important classes of polymers are polyamides and polyesters. Figure 4.21 shows the
effect of this treatment on polybutylene-therephalate (PBT) and Figure 4.22 shows the
effect of this treatment on Polyamide 6,6. In the case of the PBT material, the yield stress
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and Elastic modulus are reduced and the ductility of the material is enhanced. The
preliminary results on Polyamide 6,6 demonstrate that the compressive treatment of
polyamides results in the ductility improvement as well. In the case of Polyamide 6,6
most samples follow a similar trend to iPP and PBT, but the sample with the best
ductility improvement does not show a reduction in the yield stress. Polyamide 6,6 is
very sensitive to humidity and more detailed investigation of the effect of solid-state
deformation on Polyamide 6,6 after the samples have been conditioned at 50 % relative
humidity is necessary.
Another interesting aspect of this work would be to perform the solid-state
deformation treatments on the polymer blends and polymer composites. Using a blend of
two compatible semi-crystalline materials would be very interesting, as well as using the
blend of two amorphous materials. For example Noryl – a blend of polyphenylene oxide
(PPO) and polystyrene (PS).
Further although this work included investigation of the effect of temperature and
strain-rate on the compressive deformation, the extent of the compressive strain has not
been investigated in great detail. Figure 4.23 and Table 4.7 present the preliminary results
on the effect of the extent of the engineering compressive strain. It appears that treating
the material to the strain softening regime causes an improvement in the ductility.
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Figure 4.21: Effect of solid-state treatment on PBT.
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Figure 4.22: Effect of solid-state treatment on Nylon 6,6.

Table 4.8: Effect of compressive strain during solid state treatment on the ductility of
material.

Sample

Thickness (mm)

Rupture Energy (GJ/m3)

Control

3.1

30.7

Control

3.7

32.4

Control

4.4

30.2

Treated (50 % comp.)

3.1

2072.8

Treated (35 % comp. )

3.7

2406.0

Treated (25 % comp.)

4.4

541.5
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Figure 4.23: Effect of compressive strain during solid state treatment on the
ductility of material.
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CHAPTER 5
SUMMARY
This dissertation work describes the investigation of unconventional methods to
improve mechanical and physical properties of commercial polymers, such as stiffness,
toughness, and flame retardancy. Due to their low stiffness and/or toughness, homopolymers have to be modified before they can be used as engineering plastics. In addition
to improving toughness and stiffness, sometimes it is desirable to improve properties
other than mechanical behavior, for example processability or flame retardancy. In this
work, polymer properties are enhanced either by using unique processing methods, such
as solid-state deformation, or by using multifunctional additives that can simultaneously
provide a number of property enhancements. The three main research areas described
herein are self-reinforced glassy thermosets, melt-processeable organic-inorganic
thermoplastic elastomers and semi-crystalline thermoplastics with improved ductility due
to a unique solid-state process treatment. The focus of this work is to develop a
fundamental understanding in structure-process-property relationships for each of these
systems.
In Chapter 2, a new method to reinforce thermoset materials is described. Various
thermosets, including epoxies, are typically used in systems with fibers or other additives
to improve stiffness. However, due to chopped fibers or other additives, such systems are
difficult to process due to increased viscosity. This work investigates the potential of
using crystalline flame retardants for in situ-thermoset reinforcement. The approach
involves introducing reinforcement in thermosetting polymers through low molecular

146

weight (LMW) crystallizable additives. The focus of this chapter is on the investigation
of LMW additive desoxyanisoin, a precursor to a flame-retardant molecule promoted to
form char, in its crystalline form as a self-reinforcing agent for epoxy thermosets.
It is shown that the desoxyanisoin molecule can repeatedly crystallize in its neat state
and when it is in solution with DGEBA. This is an important property because many
LMW additives do not crystallize, but rather stay trapped as a glass. A single
desoxyanisoin crystal fiber has higher modulus and higher failure stress then neat
DGEBA and, thus, can work as an effective reinforcement agent. Taking advantage of the
competition between epoxy cross-linking reaction and desoxyanisoin crystallization
allows the design of desoxyanisoin/epoxy thermoset composites with a rich variety of
crystallization morphologies. However, the mechanical properties of the composite are
limited due to poor load transfer between the epoxy matrix and desoxyanisoin crystals.
Thermal properties are also limited due to the desoxyanisoin compound subliming out of
the matrix and boiling off before it can provide any char formation and contribute to
flame retardancy.
The improvement in mechanical properties and flame retardancy is not realized due to
poor interfacial properties between the desoxyanisoin fibers and the matrix. The
desoxyanisoin has to be further modified to have better adhesion with the epoxy matrix.
Improved adhesion between desoxyanisoin crystals and the epoxy matrix will allow for
better load transfer from the matrix to fibers and also provide better flame retardancy
properties, by preventing desoxyanisoin crystals from subliming out of the matrix before
they can form char.
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Chapter 3 describes synthesis of isotactic polypropylene/polydimethylsiloxane
(iPP/PDMS) thermoplastic elastomers (TPEs) and investigates the wt% composition
effect on the structure-property relationships. The approach is to obtain chemical crosslinks between iPP and PDMS by using di-functional vinyl terminated PDMS.

Di-

functional vinyl terminated PDMS acts a co-agent of cross-linking that helps promote the
recombination reaction in iPP during reactive melt mixing in the presence of tert-butyl
peroxide. The network formation between iPP and PDMS is confirmed with Fourier
transform infrared spectroscopy ( ATR FTIR), soxhelet extraction and parallel plate
rheometry.
The effect of the composition wt% on the Mullins effect and other mechanical
properties is studied by employing rheometry, thermomechanical analyzer (TMA) and
tensile and cyclic hysteresis tests. It is shown that the crystallinity of iPP chemically
cross-linked with PDMS is reduced by fifty percent in comparison to neat iPP, yet iPP
chains can still crystallize and form physical cross-links in addition to chemical crosslinks. Moreover, the iPP/PDMS TPEs show typical elastomeric behavior during
rheological analysis and mechanical cyclic tests. Consequently, these two findings
demonstrate that iPP/PDMS networks behave like typical TPEs: systems that are melt
processeable, but display an elastomeric behavior.
In addition, it is demonstrated that TMA can be used just as DSC to study the thermal
crystallization and melting transitions in polymers. The TMA results correlate well with
DSC measurements. The volume change associated with thermal transitions can be
estimated by combining the DSC analysis of thermal transition with TMA coefficient of
linear thermal expansion measurements. Lastly, it is demonstrated that the flame
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retardancy properties of iPP/PDMS TPEs are investigated with pyrolysis combustion
flow calorimetry (PCFC) and thermogravimetric analysis (TGA). Through the
incorporation of the PDMS into the network, the flame retardancy properties are
dramatically enhanced.
Chapter 4 investigates solid-state deformation of semi-crystalline polymers in
order to improve the non-linear ductility. A semi-crystalline polymer is subjected to a
deformation through the application of the compressive treatment in the solid state to
engineering compressive strains in the range of 25-50 %. Solid-state treatment below
melting temperature and crystallization temperature imposes changes in the post yield
behavior by a simple process of compression and shear in the solid state at low
temperature, low pressures and unconfined geometry.

During this treatment the

spherulites are compressed and the spherulite shape changes to the prolate-spheroid.
Thus, the deformation of the entire spherulite results in the deformation of the amorphous
chain segments and crystalline chain segments. The crystalline chain segments are
deformed by rotation and tilting of the lamellae as well as fragmentation and dissolution
of the lamellae by fine and coarse slip. In addition, due to mechanical melting, some of
the α-phase crystals are converted into the mesophase disordered crystals. These
deformations result in a more efficient load transfer between the amorphous and the
crystalline phase during future deformation of the material. As the result, it takes less
activation energy for the lamellae to shear upon deformation and the non-linear ductility
is enhanced. In addition, the ductile-brittle transition is shifted by 10oC.
The effect of mechanical revitalization is more prominent at lower temperatures
and higher strain rates because the extent of deformation at these conditions is more
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pronounced. Even though, there is some recovery in yield stress and post yield stress drop
after ageing the material for a year at room temperature, the material is still ductile.
However, annealing the material at elevated temperatures results in loss of the mesophase
and re-establishment of lamellar morphology. Therefore, after annealing above the
mesophase stability threshold, all of the ductility enhancement is lost.
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