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ABSTRACT

ANINVESTIGATION OFEQUIBIAXIAL HYDROSTATICDEFORMATION
OF ISOTACTIC POLYPROPYLENE:

PROCESSMECHANICS,ORDER-DISORDERTRANSITION,
CRYSTALTEXTUREANDDEFORMATIONMECHANISM

September 1987

Ravi Saraf, B.Tech, HT, Kanpur

M.S., University of Massachusetts

Ph.D., University of Massachusetts

Directed by: Professor Roger S. Porter

This thesis studies the development of crystal texture and deformation mech-

anisms of isotactic polypropylene (i-PP) in the solid state. The strain field is

hydrostatic, equibiaxial as produced by uniaxial compression.

The central issue addressed is the deformation-induced order-disorder phe-

nomenon. The disordered phase, referred to as the smectic modification of i-PP is

stable below 70 °C and its formation is used to probe the deformation mechanism

and its kinetics. The biaxial field induces a particular orientation of the smectic phase

with respect to the crystal to reveal unique information on the deformation mech-

anism of i-PP, and the structure (and formation) of the smectic phase.

The deformation mechanism of i-PP is explained by a decrystallization-

recrystallization process. For deformation at high strain rales and low temperature,

the recrystallized phase is the smectic phase which further participates in the defor-

vi



mation process inducing ductility. Thus the deformation undergoes two activated

processes: crystal-to-smectic and smectic-to-crystal. Ductility can be enhanced by
diminishing the second process. This principle of enhanced ductility induced by a

crystal-to-crystal transition, can be generalized to other semicrystalline polymers to

maximize crystal orientation for a given draw ratio.

The crystal orientation (as measured by WAXS) on compression drawn i-PP

revealed a double texture: (i) Fiber texture and (ii) Planar texture. The Planar tex-

ture converts to Fiber texture as the deformation proceeds. The reason for the two

textures is explained in terms of major slip system: (OkO), <001>. From this texture

analysis a classification of semicrystalline polymers is proposed, based on their slip

systems. The proposal states a criteria (and testing method) for selection of

polymers for applications requiring biaxial orientation.

A theoretical model is developed to simulate the stress-strain behavior of i-PP

on uniaxial compression. The model assumes a rigid plastic behaviour of i-PP with

Bauschinger effect. This one parameter theory fits the experimental curve (within

5%) up to compression ratios > 7x and temperature range from 30 to 130°C. Yield

stress in compression and tension is obtained in a single experiment from such a fit.

The dependence of yield stress and the ratio of the two yield stress on draw temper-

ature is consistent with the order-disorder phenomenon and the deformation mech-

anism
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Figure 1
: (a) The 'disk-like' sample is compressed along the

-z-direction from thickness h(t) at time t to h(t') at time t'. The

z = 0 plane is stationary, (b) As the sample is compressed

from thickness h(t) to h(t'), the volume element translates

from r to r'

Figure 2: The sample for WAXS(in Fig. 3) and birefringence

measurement is cut diametrically from a biaxially deformed disk

(Fig. 1). The strip is 1.0 mmwide for WAXS.For

birefringence measurement the sample is prepared by

microtoming an ~ 35/xm thick strip along the r-axis. For WAXS,
the X-ray beam was passed parallel to z- and 0- axis. The beam

is incident on a region away from the center. For birefringence,

the light was incident on the r-z plane

Figure 3: WAXSpattern for the X-ray beam parallel (a) to z-

axis and (b) to 0-axis, as indicated in Fig. 2. The compression

temperature, TDR = 140°C, and compression ratio was

24.7 (i.e., the biaxial draw is ~5 x 5). The compression

speed was 0.635 cm/min
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Figure 4: Orientation function triangle diagram for the b- and c- axis

for uniaxially drawn i-PP. The subscript on the axis label

indicates the orientation direction of that axis with respect to

the draw direction. For example, ax implies the locus of point(s)

on the triangle where a-axis is perfectly perpendicular to the draw

direction. The data shown are: (o) i-PP drawn at 110°C (14),

() melt spun fiber (14), ( ) cold drawn i-PP (15),

( ) extrapolated data from Samuels (16) 1

1

Figure 5: (a) Molecular and (b) crystal structure of i-PP as

proposed by Natta and Corradini (17). (c) The a - b unit cell

projection for <x2-crystal. The left- and right- hand helices are

indicated by the arrow. Up and down directions of the helix (as

defined by the location of the methyl group) are indicated by

U and D, respectively 15

Figure 6: WAXSscan of undeformed, isotropic i-PP in the

smectic phase structure ( ) and a2-crystal form

( )• The first broad peak for the smectic phase is

due to the disorder inter chain packing and the second peak

arises due to inter-chain registration 19

Figure 7: The WAXSof as molded sheet of i-PP. The relative

intensities of various peaks indicate a powder pattern, i.e., the

crystals are randomly oriented. (This was independently

checked on Statton camera). The (111) and (041) peaks are

not as sharp as the pattern in Fig. 6. This indicates an a- 1 -crystal

structure 22

Figure 8: DSCthermogram of as molded i-PP. The scan rate is

20 K/ min. The heat of melting is 22.1 cal/gm and the nominal

melting temperature is 166° C 24

xiii



Figure 9: (a) The compression assembly cage indicating the

location of the sample, load cell, and LVDT. (b) An enlargement

of the sample-area. The thermocouples in the top and bottom

plungers are connected to separate PID temperature controllers.

The thermocouple inserted in the sample measures the sample

temperature. The eight slots in the pre-deformed i-PP sample

reduce the 'hoop
7

stress caused by the squeezed out polymer,

(c) A schematic of the sample after deformation. The central

region under the plunger has uniform thickness (as shown in the

edge view), while the squeezed out polymer is of non-uniform

thickness. Also to note are the spread out notches

Figure 10: The deflection (hj of the machine caused by elastic

deformation of various components, such as load cell, plungers,

support plates, etc., plotted as a function of load, F

Figure 1 1 : F versus h, curve for i-PP deformed at TDR = 50°C and

W= 0.254 cm/min. and H = 0.547 cm. This behavior is

typical for all draw temperatures and ram speed studied. F vs

h,,, is drawn for comparison

Figure 12: (a) The natural coordinates for the deformation

process, z = 0 is stationary and the top surface z = h(t) moves

in the -z-direction at a speed W. (b) The stress state on the

shaded volume element shown in Fig. 12a. The stresses on the

r- and 6 —surfaces are positive (i.e., tensile) and on the z-surface

is negative (i.e., compressive), (c) Mass flow across a volume

element of thickness, dz, and radius, r. w and w + dw is the

outflux and influx velocity at surfaces z and z + dz respectively,

u is the outflux velocity across the r-surface
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Figure 13: (a) 'Low load': r w versus r for no surface shear. The

shear stress at the wall is given by a frictional stress r 9 = y.p,

(equation (3.12)). Note that the frictional stress is always below

the yield stress, r m or t„,° (b) 'High load': For no

Bauschinger effect (i.e. k = 0), r m is independent of pressure,

P» nence %is constant with r ( ). The Bauschinger effect

increases r m with ph> thus x m increases monotonically as r

decreases ( ). The thin curve is the frictional stress,

tip versus r. The frictional stress up exceeds the yield stress

r m at r or r ' for non-zero or zero k-value respectively. Hence, the

thick lines (solid and dashed) are the resultant t w versus r for k = 0

and k ^ 0 respectively. Note, f' > f is always true

Figure 14: Curve-A shows P versus CRfor i-PP deformed at

TDR = 90°C at W= 0.635 cm/min. Curve-B and -B' are

theoretical curves (based on equation (3.29)) for different values

of nx- Curve-C is calculated using from equation (3.27)

Figure 15: (a) k-value versus TDR for W= 0.635 cm/min. The

k-value = \k\ from equation (3.30). (b) ac /a, versus

T

DR for

W= 0.635 in./min. The ratio oja, is obtained by substituting

for k in equation (3.9). The later may more explicitly written as:

°c _ 1 - k
°t

"
1 + k

- a, versus TDR for W= 0.635 in./ min. The difference

<xc
- a, is calculated by solving for ac and a, The absolute

values of the two yield stresses are computed by solving equation

(3.9)
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Figure 16: ( ) is the experimental curve for

TDR = 30°C and W= 0.635 cm/min. and curve ( -
)

is calculated from equation (3.29) for nX = 0.141

Figure 17: Displacement of a single slip system on uniaxial

tension or compression. On uniaxial tension the slip direction

<h'k'l' > orients towards the draw direction. For uniaxial

compression, and slip plane, (h"k"l") orient perpendicular

to the compression direction

Figure 18: Crystal textures of uniaxially compressed i-PP in

solid state. Compression axis is the z-axis and the equibiaxially

stretched plane is the r - 0 plane also denoted by MDj and MD2 ,

respectively

Figure 19: The monoclinic unit cell (i.e., «2-crystal) of i-PP in,

(a) real, and (b) reciprocal space. The relative size of the axes

in the two spaces are drawn to scale. (See Appendix D for the

unit cell dimension in the two spaces)

Figure 20: Crystal orientation of any (hkl) plane is defined with

respect to the plane normal R(hkl) For equibiaxial deformation,

the orientation is independent of \p, i.e., the orientation is

random around the z-axis (see Figs. 3 and 18) ,

Figure 21: The WAXSoptics for pole density measurement of

any (hkl) reflection. The sample is symmetrical with respect to

the source and the detector. The source and the detector are

fixed at Bragg angle, 20 B (or 20). Thus, the scattering vector is

fixed along the Y-axis, (a) In the reflection mode, the sample

is tilted from a = 90 °C to lower values, (b) In the transmission

mode, the sample is rotated from a = 0°C to higher values. The

tilt angle a, corresponds to the angle of Fig. 20 ,

Figure 22: Measured absorption parameter as a function of

incident intensity for a typical i-PP sample
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Figure 23: Normalized area factor as a function of tilt angle, a

(defined in Fig. 21). The area factor is measured for (1 10),

(040), (130), and (111) reflections in both the, (a) reflection

and (b) transmission mode

Figure 24: The pole density distribution on an orientation

sphere of radius,
| R(hkl)

|
(a) In planar texture, the c-axis

orientation along the r-0 plane, leading to a family of circles

scribed due to random orientation of R(hkl) around the c-axis.

The latitudes enclosing this family of circles at
<f>

= tt/2 ± a^as

the maximum pole density, (b) In the fiber texture, b-axis

aligns parallel to the Z-axis and R(hkl) precesses around the

b-axis. The latitudes for maximum pole density are $ = a 2 and

ir -a 2 Note, a, and a2 are a
p

and a
f

respectively

Figure 25: Normalized pole density distribution for

compression-drawn i-PP at 60 °C and annealed at 140° C for

120 min. The compression ratio and speed is, 8.03 (i.e., 2.83

x 2.83) and 0.254 cm/min respectively. The reflections for

measurement are: (a) (110), (b) (040), (c) (130), (d) (111),

and (e) (060). The pole density maxima for planar and fiber

textures are in agreement with the angles calculated (in

Appendix D) and tabulated in Table 4.1

Figure 26: Co-ordinate axes defining crystal orientation in the

reciprocal space (for any (hkl) reflection). The unique axis, Aj is

defined with respect to angles w and y. The R(hkl) is defined

in two ways: (i) with respect to the spherical angles and \p;

and (ii) with respect to the unique axis, by angle, (i and a
s

. The

angle, a, between axis and R(hkl) is constant for a given

reflection. Thus, the angels in (ii) representation (for a given

w) are ft and y
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Figure 27: For perfect Fiber texture, the unique axis, n. is along

the Z-axis and the
| R(hkl)

1 0 (at an angle, a,) scribes a uniform

pole density circle, C0 When the unique axis is misaligned at an

angle tt/2 - w
f

the uniform density circle shifts to C„ which

intersects C0 at two points, P and P7
. Since the orientation has

cylindrical symmetry around the Z-axis, the unique axis (n,)

precesses on a circle, C leading to a family of C, circles

Figure 28: For perfect Planar texture, the unique axis, n,, orients

parallel to the X-Y plane and the
|
R(hkl)

1 0 (90° to the unique

axis) forms a uniform pole density, C0 . As processes around

the Z-axis, R(hkl) forms a family of longitudes passing through

the pole, N. Thus the pole density is maximum at N due to

Planar texture. When the unique axis is misaligned at an angle,

<o
p , R(hkl) forms a circle, C, As the unique axis, n,, processes

around the Z-axis a family of C, circles is produced. To note

is that, no circle in the C, family will cross the pole, N. Thus

the pole density at N is only due to the crystal oriented in a

perfect Planar texture

Figure 29: A plot of FPR ratio versus Compression ratio for

i-PP deformed at 140°C at a speed of 0.254 cm/min. The ratio

FPR is defined in equation (4.12). The reflection used for this

measurement was (110)

Figure 30: The movement of slip plane, P at an angle 8

with respect to the reference plane, P7 The plane P' is at an angle

w and y, with respect to the x-y plane. Oncompression the slip

direction, D. orients in along x-y direction at an angle y with

respect to the y-axis. The slip plane tends towards the x-y plane

but, 8 may not completely reduce to zero
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Figure 31
:
FPRversus Compression Ratio for i-PP deformed

at 60°C at a speed of 0.254 cm/min. The reflection for

measurement was (110)

Figure 32: WAXSscan for i-PP deformed to a compression

ratio of ~3 x 3 at 60°C and a speed of 0.0254 cm/min. The

(110) and (040) reflections are broad and overlap (see Fig. 21)

for the scan along the z-axis. The two reflections are separate

for a scan perpendicular to the z-axis. The scan for an isotropic

(as molded sample) is given for reference. 2-Theta is the Bragg

angle, 20 B

Figure 33: WAXSfor the sample in Fig. 32 after annealing for

120 min. at 140°C. Note, the (110) and (040) reflections

sharpen and separate on annealing.

Figure 34: Effect of annealing on the normalized pole density

distribution. There is a large increase in the Fiber texture on

annealing i-PP deformed at 60°C. The Planar texture density

is almost unchanged

Figure 35: FPRversus Compression ratio for after annealing

(at 140°C for 120 min.) the compression-drawn i-PP at 60°C.

The trend of the curve is similar to Fig. 29

Figure 36: Intensity (I) versus 2-Theta (i.e. 20 B ) scan for i-PP

drawn at 0.254 cm/ min. and temperatures indicated. The scans

along the z-axis, corresponds to the equator of Fig. 3b. The

(110) and (040) peaks for TDR < 80°C are broad and overlap.

The peak locations for (1 10) is shifted to higher angles and for

(040) is moved to lower angles. The two peaks are sharp (and

at correct angle) for TDR> 70°C This indicates a threshold

temperature of 70°C for order-disorder transition
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Figure 37: Normalized DSCthermogram (at 20 K/min. scan

rate) for i-PP deformed at 60°C to compression ratio of 12.4

(3.5 X 3.5) at a speed of 0.0254 cm/min. I-Heating: The

(correct) base line (
) obtained by

extrapolating thermogram from 500 K shows an exotherm

prior to the melting endotherm. An alternative base line

(showing the broad peak as endotherm) extrapolated from

470 K is not correct. (See text for further explanation).

H-Heating: On subsequent slow cooling ( 40 K/min.)

from the melt state to 250 K and reheating, the exotherm

does not reappear

Figure 38: Normalized DSCthermogram (at 20 K/min. scan

rate) for i-PP deformed at 0.254 cm/min. compression speed

and indicated draw temperatures. The absence of an exotherm

for i-PP deformed at TDR > 70°C indicates the threshold

temperature for the smectic phase formation

Figure 39: Total heat of transition (including both the melting

endotherm and exotherm shown in Fig. 38) as a function of

compression ratio and draw temperature. The compression speed

for all the experiments was 0.254 cm/min

Figure 40a: A typical lamella in a quenched melt, semicrystal-

line, flexible chain polymer. The lamella is at an angle, y with

respect to the compression direction. The lamellae formed have

non-adjacent re-entry of the chains with occasional migration

to adjacent lamellae (tie molecules). The chains terminating

with a dot (o) re-enter a lamella in the not shown third

dimension
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Figure 40b: A 1.6X magnification of the box area shown in Fig.

41a. The compressive force, F is resolved in two components:

a = F- cos y/A (the normal stress) and a = F- sin y/A (the shear

stress). A is the area of the crystal plane ((hkO)) the forces are

acting on. Pj and P2 are the planes where the lamella can shear.

Note that the region between the shear planes is connected to

adjacent lamellae by tie molecules and knots (i.e., trapped

entangled loops)

Figure 40c: Simplified view of the lamella fragments during

shear (along planes P! and P2 ). The fragments are subjected to

normal and shear stresses (determined by the tilt angle, y), and

torque that tends to rotate the lamella fragments causing

reduction of the shear stress. The morphological changes shown

are chain slip and lamella tilt. The unraveling of lamella and

lateral chain packing disorder is shown in the next sketch

Figure 40d: The later stages of lamella shear, the shear planes

tend to become perpendicular to the compression direction.

. The lamellae fragments orient perpendicular to the compression

direction. The chains close to the shear plane are pulled out.

The chain in the lamella fragment between the parent lamella

(fragment) may be highly disordered. Such an inter-chain

packing disorder may arise due to surface energy effects and

dynamic effects (i.e., pulling of the lamella chains via tie

molecules). The arrows on the tie molecules indicates the

direction of stretching

Figure 41: Effect of annealing (at 110°C for 120 min.) on i-PP

compressed at a speed of 0.254 cm/min. The normalized DSC

thermograms are obtained at a scan rate of 20 K/ min. Note, the

small endotherm is invariant at 398 K for TDR < 1 10°C
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Figure 42: Normalized DSCthermogram (20 K/min. scan rate)

for i-PP compressed at 90°C (compression speed of 0.254

cm/min.), and annealed at the indicated temperatures. Note,

the small exotherm increases to higher temperatures as the

annealing temperature is increased 170
Figure 43: Effect of annealing on undeformed, melt quenched

i-PP at indicated temperatures. The normalized DSCwas

measured at 20 K/min. scan rate and the annealing time was

120 min

Figure 44: log(a c ) versus 1/T DR for compression speeds:

(a) 0.0254 cm/min., and (b) 0.254 cm/min. The critical

temperature increases by ~30°C for a 10-fold increase in the

compression speed 175

Figure 45: Solid state deformation of i-PP is described as a

double activated process. Process-(i) is crystal -* smectic

(decrystallization), and process-(ii) is smectic -* crystal

(2-D crystallization). The former process controls the

deformation kinetics, since it has a higher activation

energy (see text for the reason) 191

Figure 46: Sample-1 is compressed at 60°C to a ratio of 10.5

and subsequently annealed at 140° C for 120 min. Sample-2

was compressed at 140° C to a draw ratio of 12.1. The

compression speed is 0.254 cm/min. for both the samples,

(a) (040) and (b) (110), normalized pole density distribution

for sample-1 (o) and sample-2 (0), respectively 195

Figure 47: Ewald construction for b-axis orientation along

the Z-axis. See text for details 210
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CHAPTER-I

INTRODUCTION

1-1 OPENINGREMARKS

It is well known that the mechanical properties (i.e., tensile modulus and

strength) of semicrystalline polymers are strong functions of the crystalline content

and the crystal orientation. The crystal orientation or crystal texture in more general

terms, may be altered by deforming the polymer below the melting temperature (i.e.,

in the solid state). Thus, an understanding of crystal texture development due to de-

formation is useful in tailoring mechanical properties by solid forming processes. The

simplest solid forming process (to improve tensile modulus) is uniaxial extension of

isotropic (i.e., randomly oriented), semicrytalline polymer, to induce chain orien-

tation and extension in the draw direction. The highest reported increase in tensile

modulus are ~100 and ~40 times the initial modulus for polyethylene (PE) and

isotactic polypropylene (i-PP), respectively (1,2). However, the large chain exten-

sion and orientation causes a concomitant decrease in modulus in the lateral direction

and increase in creep along the draw direction. These deficiency can be overcome

by extension in two directions to enhance modulus in more than one direction and

prevent chain slippage (since the chain extended morphology in the two directions

will not be mutually exclusive). Of course, the maximum modulus attained by biaxial

deformation would be lower than that achieved by uniaxial deformation.

The mechanical properties on biaxial deformation will depend on chain orien-

tation and extension in the two directions. However, since the chain axis of the

crystal will have a tendency to orient in two directions, the net orientation of the

crystal is not obvious (3). The purpose of this study is to understand the mechanism
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of crystal texture development on simultaneous, equibiaxial deformation of semi-
crystalline polymers in the solid state. Furthermore, the texture development on
biaxial deformation is related to the corresponding behavior on uniaxial deformation.

Thus, a criterion to select semicrystalline polymers that may be appropriate for

biaxial orientation based on their behavior on uniaxial deformation is proposed.

1-2 DISSERTATION GOALS

The general goal of this investigation can be represented in terms of the

questions given below:

• (i) On uniaxial deformation of semicrystalline polymers, the crystals orient with

the chain axis along the draw direction. On biaxial deformation, the chain axis

of the crystal can orient in more than one direction. The question then is: How
will the crystals orient when the polymer is stretched in two directions?

• (ii) It is a well documented fact that, when subjected to any (general) strain fielu

the crystals deform by local shearing exhibiting ductility. The shearing occurs

on well defined crystallographic planes and directions referred to as slip systems

(4). In polymers the major shear (or slip) direction is along the chain axis. The

shear process is called the c-slip mechanism (5) because, in most polymers the

chain axis in the crystal is co-incident with the c-axis. Furthermore, the c-slip

process causes lamellar unraveling where the conformationally ordered chain

segments from the crystals are pulled out (8). Given these features, the questions

then are: How is high ductility induced in semicrystalline polymers? What is the

role of the pulled-out chain segments in causing plasticity in semicrystalline

polymers?

The polymer chosen for the study was i-PP for reasons explained later in this

Chapter. In the light of above questions, the research goals specific to i-PP are:
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• (i) Examination of the crystal texture development in i-PP on equibiaxial defor-

mation.

• (ii) Characterization of the order-disorder transition observed in i-PP on solid

state deformation.

• (iii) Employment of the disordered phase (called the smectic phase) as a probe

to understand the deformation mechanism. The particular features of the defor-

mation mechanism investigation are: (a) The formation of smectic phase and its

role in the deformation process, (b) Reasons for the observed crystal texture.

1-3 THEEQUIBIAXIAL DEFORMATIONPROCESS

The simultaneous, equibiaxial strain field was simulated by uniaxial com-

pression. Fig. 1 schematically indicates the equibiaxial deformation field used in this

study. When a cylindrically shaped polymer disk is compressed from thickness z to

z the volume element V moves from r to r. Conservation of mass (i.e., continuity)

causes this volume element to be confined in the same sector as shown in Fig. 1 . This

causes the volume element to stretch in the 0-direction. The thickness reduction

from z to z causes an extension in the r-direction. Thus, a biaxial deformation along

the r- and

9 - directions is achieved. Furthermore, if the polymer is incompressible the defor-

mation is equibiaxial. The density on deformation in i-PP approximately is constant,

since there is no significant strain-induced crystallization (9). Thus an equibiaxial

deformation field for i-PP is expected. This will be demonstrated by wide angle x-ray

scattering (WAXS) in Chapter IV (see Fig. 2 and 3).

Apart from the simplicity of the process, uniaxial compression has some distinct

advantages over other conventional multiaxial processes such as tenter-framing, film

blowing, tubular extrusion, etc. The advantages are listed below:



Figure 1: (a) The 'disk-like' sample is compressed along the -z-direction from thick-

ness h(t) at time t to h(t') at time t'. The z = 0 plane is stationary, (b) As the sample

is compressed from thickness h(t) to h(t'), the volume element translates from r to
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Biaxial deformation field for

uniaxial compression

(a)

z=h(t)

z «h(t')

z =0

Figure 1
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Figure 2: The sample for WAXS(in Fig. 3) and birefringence measurement is cut

dimetrically from a biaxially deformed disk (Fig. 1). The strip is 1.0 mmwide for

WAXS. For birefringence measurement the sample is prepared by micrtoming an ~

35/im thick strip along the r-axis. For WAXS, the X-ray beam was passed parallel

to z- and 0- axis. The beam is incident on a region away from the center. For

birefringence, the light was incident on the r-z plane.
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Figure 3: WAXSpattern for the X-ray beam parallel (a) to z- axis and (b) to

0-axis, as indicated in Fig. 2. The compression temperature, TDR = 140°C and com-

pression ration was 24.7 (i.e. biaxial draw is ~5 X 5). The compression speed was

0.635 cm/min.
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• The uniaxial compression process can provide an ideal biaxial deformation field

as demonstrated for i-PP by WAXS(see Fig. 3). This is contrasted with tubular
extrusion (10) and film production by the mandrel process (11) in which the
crystal orientation in the transverse and machine directions need not be equal.

• The equibiaxial deformation strain field and orientation are uniform over the
entire polymer surface under the plunger in uniaxial compression. This feature

makes the process superior to blow molding and bubble blowing where a true

equibiaxial field is only on the pole of the spherical bubble (12).

• The draw ratio of equibiaxial deformation can be regulated by extent of com-
pression, i.e„ compression ratio. This makes the process more versatile than

tenter-framing (13) where the draw ratio is limited by frame design and size.

1-4 THEPOLYMERFORSTUDY

The motive for selecting i-PP was based on its orientation behavior on uniaxial

deformation. Fig. 4 shows a diagram of the orientation function triangle for b- and

c- axis orientation in i-PP on uniaxial deformation (14-16). The melt spun fiber

demonstrates a bx -orientation process followed by a c„ -orientation, where bx and c,

imply, b-axis orientation perpendicular to draw axis and c-axis orientation parallel

to draw axis, respectively. On simultaneous equibiaxial deformation along machine

direction- 1 (MD-1) and machine direction-2 (MD-2), the c-axis can orient along

either of the two draw directions. Since the b-axis is perpendicular to the c-axis, the

b-axis will orient perpendicular to MD-1 and MD-2. Therefore, the b-axis will orient

normal to the plane defined by MD-1 and MD-2. The conjecture is, that the orien-

tation of b-axis (perpendicular to MD-1 X MD-2 plane) will facilitate the c-axis

orientation parallel to the 'draw plane'. The 'draw plane' is defined as the plane par-
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Figure 4- Orientation function triangle diagram for the b- and c- axis for umax.ally

drawn i-PP. The subscript on the axis lable indicates the orientation direction of that

axis with respect to the draw direction. For example, ax implies the locus of pomt(s)

on the triangle where a-axis is perfectly perpendicular to the draw direction. The data

shown are: (o) i-PP drawn at 110'C (14), () melt spun fiber (14), ( )
cold

drawn i-PP (15), ( > extrapolated data from Samuels (16). •



Orientation Function for Uniaxially

Drawn Isotactic Polypropylene

Figure 4
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allel to MD-1 and MD-2. Thus i-PP should be an appropriate polymer for biaxial

deformation.

1-5 ORGANIZATIONOFTHEDISSERTATION

Chapter H describes the sample preparation and equipment used to characterize

the biaxially deformed samples. More specific details on the experimental conditions

are mentioned in the following Chapters where required. The optics used for WAXS
is described later in Chapter IV. In Chapter TH, a model for calculating the load

versus displacement measured during the compression process is developed. From
the model, a quantitative measure of yield stress in both compression and tension (in

one experiment) is possible. The role of hydrostatic pressure on deformation is also

quantified by the model. The crystal texture obtained on equibiaxial deformation of

i-PP is discussed in Chapter IV. The textures developed are quantified (using WAXS
technique) to understand the deformation mechanism of the crystal. The order-

disorder transition observed on deformation of i-PP at 'low' temperatures is dis-

cussed in detail in Chapter V. A mechanism for the formation of disordered phase

is proposed to explain the experimental observations. Furthermore, the disordered

phase is used as a probe to understand the lamellae unravelling process on draw. The

mechanism for the development of crystal texture (proposed in Chapter IV) and the

information obtained from the studies on deformation-induced phase transition are

unified to propose a sequence of events that lead to the plasticity of i-PP crystals on

deformation, in Chapter VI. A criterion to select semicrystalline polymers for biaxial

deformation and generalization of crystal-to-crystal transition in polymers is also

discussed in Chapter VI.
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1-6 BACKGROUND:CRYSTALSTRUCTURESOFi-PP

Isotactic polypropylene (i-PP) shows polymorphism. The three crystal struc-

tures are designated by «, ft and y modifications. The crystal structures for the three

modifications are monoclinic (for a-crystal) (17,18), hexagonal (for j3-crystal)

(19,20) and trigonal (for Y-crystal) (21). The chain conformation in all the three

crystal habits is a 3/1 helix with a pitch of 6.5 A. The crystal structure of the i-PP

in this investigation is a-crystal, which is the conventional crystal form.

Fig. 5 shows the a-crystal unit cell in two projections (17). The structure shown
is the most stable form of a-crystal, also referred to as a2 structure (22). However,

the direction of the (helical) chains in the structure usuaUy obtained is statistically

random (17,18). The up and down direction is defined with respect to the methyl

group location (17,18). Such a directionaUy disordered crystal is called the al

structure (23). The corresponding crystallographic symmetry for a2 and al is P2j/c

and C2/c respectively (22). The difference between the two can be observed by

WAXSat large angles (corresponding to spacings lower than 2.7 A) (22). In this

investigation, since the samples are prepared by large undercooling, the crystal

modification is always al. Since no other crystal form is present, a 1 -crystal will be

subsequently referred to as simply crystal or a-crystal.

The other structure of interest is the disordered phase of i-PP. On fast

quenching of isotactic polypropylene (i-PP) from melt to temperatures below 0°C,

a disordered, metastable phase is formed, referred to as the metastable 'smectic

modification' (17). The formation of the 'smectic modification' instead of the con-

ventional a-crystal (monoclinic), has been a subject of study since its discovery. The

'smectic modification' will be referred to subsequently as simply the smectic phase:

This phase also consists of i-PP chains in a 3/1 helix conformation (17,24,25).

However, the lateral packing of the 3/1 helices is highly disordered. This feature is

evident from the WAXSscans which show only two peaks, as opposed to five peaks
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Figure 5: (a) Molecular and (b) crystal structure of i-PP as proposed by Natta and

Corradini (17). (c) The a - b unit cell projection for a2-crystal. The left- and right-

hand helices are indicated by the arrow. Up and down directions of the helix (as de-

fined by the location of the methyl group) are indicated by U and D, respectively.
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Figure 5
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for the a-crystal (see Fig. 6). The smectic phase has also been referred to as a
quenched phase (26), a paracrystal (27,28), a condis-glass (29), or simply a glass

(30). Such a wide variety of descriptions clearly indicates a poor understanding of
the structure of the smectic phase.
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Figure 6: WAXSscan of undeformed, isotropic i-PP in the smectic phase structure

( ) and a2-crystal form ( ). The first broad peak for the

smectic phase is due to the disorder inter chain packing and the second peak arises

due to inter-chain registration.



Unoriented Isotactic Polypropylene

2x9
Bragg

Figure 6



CHAPTER-II

EXPERIMENTAL

The experimental procedure to prepare equibiaxiaUy deformed i-PP samples and
the characterization techniques are outlined in this chapter. The sample preparation

involves two steps: (a) molding of a thick sheet; followed by, (b) uniaxial com-
pression of the sheet. The equibiaxiaUy deformed sample was characterized by two
methods: (a) differential scanning calorimetry (DSC), and (b) wide angle x-ray

scattering ( WAXS).

//-/ SAMPLEPREPARATION

Il-la Sheet Molding: i-PP of molecular weight, ~2.9 x 105 polydispersity,

Mw/M n ~2 was molded into a ~5.6 mmthick sheet. The molding was done under

vacuum (~0.1 mmHg) at a temperature of 220°C. The mold was subsequently

quenched in ice water mixture yielding a white, opaque, semicrystalline i-PP sheet.

No degradation or air bubbles resulted from this molding process.

WAXS indicated that, the crystal modification was all monoclinic (i.e.,

a-form) (see Fig. 7). The sharp (110) and (040) peaks in Fig. 7 indicate that the only

crystal habit present in the molded sheet is a-crystal. The (111) and (041) peaks in

the annealed sample (see Fig. 6) are better resolved than for the as molded sheet.

This indicates that the initial morphology of the crystals in the molded sheet is al

structure. The WAXSpattern indicates a random orientation of the crystals as in-

ferred from the isointensity Debye Scherrer rings. The heat of fusion measured on

Perkin Elmer DSC-2 was ~22.1 cal/gm., corresponding to ~50% crystallinity. Fig.

8 shows a thermogram of as molded i-PP.

21
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Figure 7: The WAXSof as molded sheet of i-PP. The relative intensities of various
peaks indicate a powder pattern, Le., the crystals are randomly oriented. (This was
independently checked on Statton camera). The (111) and (041) peaks are not as
sharp as the pattern in Fig. 6. This indicates an a-l^rystal structure.
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WAXS Scan of Isotactic Polypropylene

( molded ) Sheet

2x9
Bragg

Figure 7
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Figure 8: DSCthermogram of as molded i-PP. The scan rate is 20 K/min. The heat

of melting is 22.1 cal/gm and the nominal melting temperature is 166°C.





26

1Mb Uniaxial Compression Process: The molded sheets were uniaxially compressed
in a specially designed compression die. The die was placed in a Riehel press with a
constant ram speed. The temperature of the sample was maintained constant during
the deformation process. The compression speeds used in this study were 0.0254.

0.254 and 0.635 cm/min. The compression-draw temperatures (T DR) ranged from
30°C to 140°C in increments of 10°C. The specific conditions for various studies,

viz, process mechanics, crystal textural measurement, and deformation-induced

order-disorder are stated in the respective chapters.

The compression die shown in Fig. 9 consists of two 1 " diameter plungers made
of hardened tool steel (RC 58/60). The two plungers are aligned axiaUy by a set of

alignment rings and steel plates supported by guide pins. The lower steel plate is fixed

on the guide pins; the top is allowed to move freely. For stiffness, the tool steel

plungers are supported on stainless steel plates referred to as support plates in Fig.

9. The steel plungers are separately heated and thermostated using thermocouples TT

and TB (see Fig. 9) and PID (Proportional-Integral-Differential) controllers, within

~1°C accuracy from the set point. The relative displacement (h
t ) of the plungers is

measured by an LVDT installed on the top steel plate (see Fig. 9). The total force (F)

on the plunger is measured by a load cell located above the top stainless steel support

plate.

The sample (cut from molded sheets) of initial thickness -0.56 cm is placed

between the two plungers. The sample is pre-notched at eight sites to ensure uniform

flow (see Fig. 9b). The rationale for eight slots is based on Meissner's process (31)

in which a sample is pulled from eight directions to give an equibiaxial deformation

in the enclosed octagonal region. Two highly-polished stainless steel plates are used

to eliminate the friction caused by non-uniform surface roughness (see Fig. 9b). The

sample and the two plungers are enclosed in a glass wool jacket. The process is
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Figure 9: (a) The compression assembly cage indicating the location of the sample,

load cell, and LVDT. (b) An enlargement of the sample-area. The thermocouples in

the top and bottom plungers are connected to separate PID temperature contollers.

The thermocouple inserted in the sample measures the sample temperature. The eight

slots in the pre-deformed i-PP sample reduce the 'hoop' stress caused by the

squeezed out polymer, (c) A schematic of the sample after deformation. The central

region under the plunger has uniform thickness (as shown in the edge view), while

the squeezed out polymer is of non-uniform thickness. Also to note are the spread

out notches.
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initiated when the two plunger temperatures at TT and TB (controlled by separate
MD controllers) and the sample temperature at TDR (measured by a digital

thermometer) equilibrate at the set point temperature. Although the deformation is

carried out under seemingly isothermal conditions, the rise in the sample temperature
is within 1°C as measured by the thermocouple in the sample (see Fig. 9b). As the

process progresses, the i-PP is squeezed out of the volume enclosed between the

plungers. Thus the volume of the material under compression decreases with time.

Furthermore, due to the (eight) notches in the pre-deformed sample, the squeezed
out material does not generate hoop stresses (see Fig. 9c). Hence, it is reasonable to

neglect the polymer squeezed out in the stress analysis of the process.

By ninning a blank (i.e., no sample) one can quantitatively measure deflection

of the metal assembly. Fig. 10 shows the deflection plot (F vs hj of the assembly

(without the sample) under load. It should be mentioned that the assembly deflection

curve is reproducible on loading and unloading, implying elastic deformation. Thus,

the load versus displacement behavior may be corrected for elastic deflection caused

by the assembly. This is done by subtracting h
t
(F) - hJF) = h for a given load, F.

H-lc Annealing: The i-PP samples, compression-drawn at TDR = 60°C were subse-

quently annealed in a silcone oil balh at 140°C for 120 min. Textural investigations

were carried out on the annealed and unannealed samples. Since the annealing tem-

perature is more the 25 °C below the nominal melting point, the shrinkage during

annealing was not significant. Thus the sample was kept unconstrained during

annealing.
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Figure 10: The deflection (hj of the machine caused by elastic deformation of var-

ious components, such as load cell, plungers, support plates, etc., plotted as a func-

tion of load, F.
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11-2 EQUIPMENTSPECIFIC ATIONS

II-2a Thermal Analysis: A Perkin Elmer DSC-2 was used for thermal analysis. All

the characterizations were carried out at a scan rate of 20 K/min. and the temper-

ature range was 220 K to 520 K, unless specified otherwise. The low temperature

was achieved by isopropanol and dry ice mixture.

H-2b Orientation Measurement: WAXS: Textural measurements were carried out

on a Siemens D-500 Diffractometer with a four-circle Hubber attachment. The x-ray

source was Cu Kot with a nickel filter. The beam was slit-collimated with two slits (of

0.3° each) between the sample and the source and 0.3° and 0.15° slits before the

detector. The beam size incident on the sample was ~ 15 mmX 1.5 mm. The D-500

was interfaced with a PDP 11/34 computer for driving the stepping motors (of the

Hubber circle), and data acquisition and analysis.

A rectangular sample (9.53 X 3.18 mm) was cut from the biaxially deformed

disc and mounted on a sample holder. The sample was cut such that, the longer side

of the rectangle was along the 0-axis and the shorter side parallel to the r-axis. The

sample for textural examination was obtained from the area closer to the circumfer-

ence of the biaxially deformed disc. Since the sample is biaxially oriented, the orien-

tation measurement were performed in both reflection and transmission. Details of

the optics will be described in the Chapter IV.

II-2c Compression Press: The Riehel press used for compression is a screw driven

machine with continuously varying ram speed range from 0.13 to 63.5 mm/min. The

maximum compressive load achieved is 2.9 x 10 5 Newton. The ram has a universal

ball-and-socket joint to ensure uniform pressure on the compression die assembly.



CHAPTER-III

MECHANICSOFUNIAXIAL COMPRESSION

///-/ INTRODUCTION

Commonly used biaxial processes are tubular extrusion (32), tentering (33),

blow molding (34), and mandrel processes (35). Octagonal stretching (36) and

forging (37) are less common methods to impart biaxial orientation. For tubular

extrusion, blow molding and mandrel processes, the principal stresses are along the

machine direction and 'hoop' direction (referred to as the transverse direction). The

geometry of such processes is usually cylindrical. In the tentering and octagonal

processes, a flat film is 'directly' stretched in two (or more) directions parallel to the

film surface.

Although biaxial deformation processes are well established in commercial ap-

plications, their understanding is less complete compared to uniaxial processes. Two

reasons for the absence of such studies are lack of control over the process variables

and the spatially inhomogeneous deformation field in the polymer. Uniaxial com-

pression process for this study has controlled and uniform equibiaxial deformation

strain field (as will be apparent in this Chapter). The strain field expected by uniaxial

compression of i-PP should be equibiaxial as mentioned in Chapter I. If the defor-

mation is perfect equibiaxial, the crystal orientation should be random when viewed

from the compression direction (z-axis) and highly oriented when viewed from the

edge (see Fig. 2). Fig. 3 shows a typical WAXSpattern which is in accordance with

the above description. The hydrostatic pressure (defined as the trace of the stress

tensor) is always negative, implying a positive pressure on the volume element as it

is deformed. The proof of the sign of the hydrostatic pressure will be explicitly shown
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later in the sub-section m.3. Thus the process is equibiaxial, hydrostatic deforma-

tion.

The rheology on uniaxial compression in polymers is predominantly on melts.

Stefan (38) solved an analytical solution to squeezing flow assuming the liquid to be

Newtonian. The fluid mechanics for power law fluid was solved by Scott (39). A
better solution for polymer melt flow under uniaxial compression was obtained by

assuming an elastic liquid model (40). The flow simulated in the above mentioned

studies are not pure equibiaxial flow (as is the case for this study) because of no slip

condition at the wall. However, equibiaxial flow for melts has been simulated by

squeezing using lubrication at the walls (41).

The uniaxial compression of a solid has also been modeled for metals. The

analysis on metals assumes rigid-plastic solid (42) and visco-plastic solid (44). In the

solid under consideration for both the studies, the Bauschinger effect is neglected.

In polymer for high compression ratio (as obtained in this study), the Bauchinger

effect is significant. Thus, the commonly used analysis for metal-working is not di-

rectly applicable to polymers. Furthermore, due to Bauschinger effect, the effect of

hydrostatic pressure on deformation is an important consideration. It can be shown

that (as proved in this study), the uniaxial compression of solids simulates an

equibiaxial strain field if the frictional flow at the wall is below the shear stress to

yield the material.

In this Chapter, a systematic variation in process temperature, TDR (from 30 to

130°C) at ram speed of 0.625 cm/rnin. is studied. The stress-strain data corrected

for machine compliance has been compared to a theoretical model. The model as-

sumes a rigid-plastic behavior with hydrostatic pressure effect. The shear stress at the

wall caused by metal-polymer contact is coulombic friction. As the compressive force

(and, hence, the hydrostatic pressure) increases, the frictional shear stress (in the

central portion of the compressed sample) exceeds the maximum shear stress (also

changing with hydrostatic pressure), causing the material to yield on the surface



35

(referred to as 'stiction'). The friction to 'stiction' transition is continuous on the

stress-strain curve but, is explicitly observed as a Wunder an optical microscope

with crossed-polars. The model quantifies the onset of 'stiction' and gives a thresh-

old friction coefficient (depending on material properties) below which the polymer

will not shear at the wall.

The static friction coefficient between metal-polymer is the only empirically

chosen parameter to fit the stress-strain data (within 5% deviation) up to com-

pression ratios higher than 700%. A quantitative measurement of the Bauschinger

effect is obtained by simultaneous measurement of yield stress under compression

and tension in a single experiment.

111-2 MECHANICSOFUNIAXIAL COMPRESSION:THEORY

Fig. 1 1 shows a typical F versus h
t

curve generated from load cell and LVDT
response. Hie initial part (0-A) is the elastic region, followed by a plateau corre-

sponding to a yield stress. After B the load curve rises rapidly. The sudden increase

in the load may be attributed to the change in mass of the polymer between the

plungers as the process progresses.

Fig. 1 1 suggests that the elastic deformation region is small compared to the

plastic deformation region. Thus, it can be qualitatively argued that the deformation

is essentially plastic. Hence, the constitutive equation describing the material behav-

ior is a yield criteria.

Fig. 12a shows the natural coordinates of the deformation geometry. The origin

is on the lower block which is stationary and the upper block (i.e., the ram) moves

down with a constant speed of W(see Fig. 12c). Since the elastic deflection of the

assembly can be accounted for, the compression die can be considered rigid for the

analysis. Thus the ram displacement is given by H-h(t) where H is the initial thick-

ness and h(t) is thickness at a given time, t.
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Figure 11: F versus h, curve for i-PP deformed at TDR = 50°C and W= 0.254

cm/mh, and H = 0.547 cm. This behavior is typical for all draw temperatures and

ram speed studied. F vs h. is drawn for comparison.
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Figure 12a: The natural coordinates for the deformation process, z = 0 is stationary

and the top surface z = h(t) moves in the -z-direction at a speed W.

Figure 12b: The stress state on the shaded volume element shown in Fig. 12a. The

stresses on the r- and 0 - surfaces are positive (i.e., tensile) and on the z-surface is

negative (i.e., compressive).
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Figure 12
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Figure 12c: Mass flow across a volume element of thickness, dz, and radius, r. w anc

w + dw is the outflux and influx velocity at surfaces z and z + dz respectively, u i

the outflux velocity across the r-surface.



41



42

m-2a Model Assumptions: The model assumptions are as follows:

i) There is a finite friction between the ram surface and the polymer surface in con-

tact with the ram. This may be characterized by the friction coefficient, p.

ii) Shear deformation near the wall may be expected, causing a 'skin effect' near the

walls. However, this skin is thin, as will be shown later, relative to the sample

thickness. Thus the shear flow near the wall causing the skin will be neglected in the

calculations below.

iii) The inertial effects during the deformation are neglected. This will be shown

quantitatively later in the derivation.

iv) As indicated earlier, i-PP is describable as a 'rigid-plastic
7

.

v) The i-PP is considered incompressible. The merit of this assumption will be justi-

fied qualitatively later.

It should be noted that because of the 'rigid-plastic' behavior, the material is a

rigid body for stress states below the level subscribed by the yield criterion. This

implies that, if the shear stress (due to friction) is below the shear yield stress, the

polymer will not shear at the wall. This is 'plug flow' deformation. For higher shear

stress at the wall (caused by increase in load) the polymer begins to shear at the wall

causing a thin 'skin' to form. The above described 'plug flow' (i.e., no shear strain)

to 'skin' formation process will be quantified and discussed in detail later (in Fig. 13).

Based on the above assumptions, the kinematics of the deformation, using a

mass balance, quantitatively demonstrates its equibiaxial nature. This is followed by

force or momentum balance to obtain the model equation describing the process

mechanics. The resulting equation will be solved using an appropriate yield criterion.
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ffl-2b Kinematics: Let u, v, and w be the velocities in the r-, 0-, and z- directions

respectively (see Fig. 12). Since there is symmetry in the ^-direction, v=0.

A Mass balance, assuming incompressiblity, on volume element shown in Fig.

12c gives,

u{2vrdz) - w(irr
2

) + (w + dw)(irr
Z

) = 0

, dw 2u (3.1)

dz r

Since shear flow is neglected u # u(z) and by the 0-symmetry, u # u(0). Thus,

u = u(r). Therefore, integrating equation (3.1) leads to:

2uzw = —+ c(r)

where c(r) is an undetermined function. The appropriate boundary conditions are:

w = 0, atz = 0 Vr

w = W, atz = h(t) Vr
(3,2)

The latter condition is for a moving boundary, but a quasistatic assumption is made

implying static condition at any given time, t. At slow ram speeds the above as-

sumption holds well. The experimental problem under consideration satisfies this

condition. Therefore,

Wr
u =

2h

From equations (3.1) and (3.2), the true strain rates of deformation of the volume

element (shown in Fig. 12b) are given by (44):
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du W n

u W ^
*« = -=

2fr
>0

dw W ,~ -
er = _=-_ <0 (3.3)

Yrz = —+ —= 0
du dw
dz dr

y r e - Yfe - 0

It should be noted that e,+ c, + ez = 0is consistent with the incompressiblity con-

dition. k r = e e implies equibiaxial deformation. However, the deformation may not

necessarily be equibiaxial if the polymer is compressible. Therefore, the WAXSpat-

terns which indicate equibiaxial deformation may indirectly indicate

incompressiblity. It may also be noted that the strain rates, k r and e„, are not constant

as the deformation progresses.

m-2c Force Balance: Consider a volume element with normal stresses on a„ and az

acting as shown in Fig. 12b. For 'plug flow
7

, i.e., no shear flow, the shear stresses in

the bulk are zero; but with shear stresses at the walls due to friction. By force bal-

ance in the r-direction one obtains,

(a r + da r )(r + dr)hdd - a/hdd - IrjdQdr - 2o
t

sin( ^- \hdr - phdd-hf/lr = 0

where r w is shear stress at the wall and the acceleration =f r
= uu = 3rW2 /2h 2

. For

equibiaxial deformation, a r
= a, = a. This may be partially justified by the Levy-von

Mises criteria (44),
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where A = (o, + <x, + a,)/3. Since e, = k
g , by the above equation, a r

= <r,. Neglecting

the higher order terms and equating the stresses in the r- and 0- directions, the force

balance equation becomes:

hda - (2t w - phf r )dr = 0

In the experiment, p ~ 10 7 N/m2
, p ~ 10" 1

, A ~ 10" 3
, p ~ 10" 3 kg/m 3

,

and / r - 10- 3 mMThus, T„~/ip~10 fi N/m2 and pft/; - 10" 3 N/m" 3
, therefore the

inertial term can be neglected. This justifies prior assumption (iii). The neglect of the

inertial term also justifies the quasi-static assumption mentioned earlier. Such an

assumption leads to a so-called 'Creeping Flow' problem.

The force balance equation becomes:

, da
h IF " 2t

»
= 0 (3 - 4)

Since the polymer is free to flow as it comes out of the ram, the following boundary

condition is imposed:

<r = 0 atr = * (3.5)

DI-2d Yield Criteria: Rigid Plastic with Hydrostatic Pressure Dependence: To solve

equation (3.4), a relationship between a and p must be established. This will be given

by a yield criterion. The criterion for yielding may be controlled by maximum shear

stress and/ or maximum shear strain energy. The rationalization of a critical shear

stress can be made by considering a 'c-slip' mechanism for deformation (7). Since

in the uniaxial compression deformation experiment high loads are attained, the yield

criterion proposed here should have significant hydrostatic pressure dependence on

yielding.
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o r -o
t
-o and az = -p. The hydrostatic pressure is given by ph =

( a, + a, +
oz )/3 = (2a - p)/3. Thus, the octahedral stress r^, and the maximum shear stress r m
are given by:

1
,Tm = W+ p)

2 2, v2
(3.6)

Toct = y (* +P>

The hydrostatic pressure effect may be included by using a modified Guest-Tresca
criterion or von Mises criterion (45). The two linear criteria are given by:

r m - To + MoP/r

*oet - V + M0>A (3 ' 7)

where, t c ,
/i c ,

t/, and /x 0
' are material constants.

From equations (3.6) and (3.7) it can be shown that both the modified Guest-

Tresca criterion and von Mises criterion lead to the same result (see Appendix A):

(a +p) =a 0 +k(2a - p) (3.8)

where,

2o
t
ac

°o = " > 0

t \ (3.9)
(o

(
- ac )

k = —1 —< 0

The quantities ac and a, are yield stresses for pure uniaxial compression and

tension, respectively. The above equation implies that, at ac
= o, (i.e., no

Bauschinger effect), the hydrostatic pressure will have no effect on the deformation

force. This is consistent with intuition provided the polymer does not change in

crystallinity and density.
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m-2e Surface Shear Stress, r w:: As mentioned earlier r w is the shear force on the
walls due to metal-polymer friction, as the polymer slides over the metallic plunger.
If m is the static friction coefficient between the polymer and the metal, then r w =
MP- Therefore, equation (3.4) becomes:

da 2y.p

~dr h~

Substituting for a from equation (3.8) gives

dr

where,

dp 2/i X
= —p

1 - 2k ^ ,

p = Cexp( _
) (3>n)

Since x > 0, p is maximum at r = 0 and decays monotonicaUy. Consequently, the

frictional force or shear stress at the wall also decreases monotonicaUy. However, the

shear stress cannot exceed the maximum shear stress, t
, i.e.,

HP V fip < 7 m

m

Combining the above equality with equation (3.11) suggests that

{HP, for r >

t„„ for r <

tip, for r > r (coulombic friction)

r (stiction)
(3.12)
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where f is some critical radius at which Mp(r') = r m. At the onset of deformation the

load is low and the shear stress, t„, is always lower than t„, therefore r* < 0. Later
in the process, at higher loads, in the region around the center (r = 0) Mp exceeds
r m.

Thus, one may define 'low load' as loads where the frictional stress, Mp is always
less than the maximum shear stress, r m for all r. 'High load' may occur when the

frictional force Mp in some region (r < r) becomes higher than the maximum shear

stress in that region. Fig. 13 shows the shear stress distribution f or 'low' and 'high'

load situation. The maximum shear stress may be give n by combining equations

(3.6b) and (3.8) as

= y[*o + £(2a-/7)] (3.i3)

where, (2a - p) = 3ph . Thus the maximum shear stress, r m, increases monotonically

with hydrostatic pressure, causing a lower value of f when compared to r*', for no

hydrostatic pressure dependence (i.e., k = 0). Fig. 13 qualitatively shows this effect.

The repercussion of hydrostatic pressure dependence on the process is discussed in

the next Section.

Since a(r=R) = 0 (see equation (3.5)), by equation (3.8) the boundary condi-

tion for p becomes

p(R) = (314)
(1 +k) K }

Combining the boundary condition with equation (3.11) leads to,

a 2,i X iR-r)

"
=

7TT« e
* '

r>- r (3 ' 15)

On substituting for p from equation (3.15) in equation (3.8) one obtains
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Figure 13: (a) 'Low load': t„ versus r for no surface shear. The shear stress at the

wall is given by a frictional stress, r w = up (equation (3.12)). Note that the frictional

stress is always below the yield stress, r m or r m° (b) 'High load': For no Pauschinger

effect (i.e. k = 0), r m is independent of pressure, ph , hence r m is constant with r

(_ ). The Bauschinger effect increases r m with ph , thus r m increases

monotonically as r decreasas ( )• The thin curve is the frictional stress, «>

versus r. The frictional stress u> exceeds the yield stress r m at r or r '
for non-zero or

zero k-value respectively. Hence, the thick lines (solid and dashed) are the resultant

r w versus r for k = 0 and k # 0 respectively. Note, r' > r is always true.
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Shear stress at the wall for

'low
1

and 'high
1

load

A

Figure 13
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o =
{I -2k)

Cl ~ e
* 1 r ^ r * (3-16)

Since at r = r\ np(r') = rmby equations (3.13), (3.15), and (3.16)

2MX
0 3k

(l+k) (3.17)

Further analysis of equation (3.17) (see Appendix B) shows the limits of

the friction coefficient can be obtained (for k > -1) as follows:

-3k
11 - 2d -2k) »

r £0 (alwa y s)

(no shear strain at all r)

M > y , r > J? (always)

(shear strain at all r)

-3k ^ 1
< M < —

, 0 < r < #

(3.18)

2(1 -2/c) " 2

(intermediate)

Comparison of equations (3.18a) and (3.18b) show that the inequalities are con-

sistent when -3k/2(l - 2k) < \ -> k > -1. From the definition of k (equation

(3.9b)) this condition is always satisfied. It is interesting to note that when the fric-

tion coefficient is below a certain value (given by equation (3.18a)), the material will

never shear at the wall. The two extreme cases may be fluids and solids (rigid in

compression). In the former case the shear yield stress is very low causing the mate-

rial to always shear at the wall. In the latter situation, k = -1, thus, the material will

never shear (provided there is no abrasion due to friction and n < 0.5.

III-2f General Equation and Solution: Combining equations (3.4), (3.5), (3.12),

(3.13), (3.14), and (3.17) the equation to be solved is:
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da 2t w

~dr h~

where,

{W> r <r<R
Tm> 0>r>r*

r m = {<> + P) o
(

2 =^ + Y (2a ~ p)

r =R + In 2mx +
3k

]
+ 1 J

The boundary conditions are

a = 0 at r = R
or

P =
1 +k atr = R

For r > r\ p(r) and a(r) are given by equations (3.15) and (3.16). For the case of

r < r\ equations (3.4), (3.12) and (3.13) lead to

(3.19)

where,

C = 3k

h(l +k)
< 0 (3.20)

and K is an undetermined constant. Since p(r) is continuous at r = r\ equations

(3.15) and (3.19) would, therefore, lead to
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K =
,2mx(*- r )

1 + k 3k
-Cr

(3.21)

By equation (3.17),

K =

1 +2/x X
(A: —13k )

- 1

-Cr

3k
(3.21

;

)

OI-2f-(i) Asymptotic Solution: From equation (3.9), it is obvious that k e (-1,0]. In

this Sub-section, p(r) behavior is derived for two extreme cases, i.e.,

for/= 0 (no Bauschinger effect), and

for / -*• - 1 (no shear at the wall).

At k=0, equations (3.4), (3.12), (3.13) and (3.8) lead to

da_

dr

dp_

dr
for r < r

(3.22)

Furthermore, equations (3.4), (3.12), and (3.8) and boundary conditions (3.5) and

(3.14) give

do_

dr
= p,p for r > r
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2ti(R-r)

!P = °o e h

r W-r) (3.23)
° = °o\ 1 -e h

where,

= R + -~ ln(2/x) (3 .24)

by equation (3.17). By comparing equations (3.22) and (3.23) at r = r, the unde-

termined constant, K7
, can be obtained as

tt* 1 r 2^ 1

At the other extreme, as k -* -1, the condition given by equation (3.18a) is

always satisfied. Therefore, no shear at the walls. Thus, p(r) and tx(r) are given by

equations (3.15) and (3.16).

m-2f-(ii) Force versus Thickness Behavior:: The total force to deform, F, is given

by

(3.26)

Upon substituting for p(r) from equations (3.15) and (3.19) into equation (3.26)

and integrating one obtains
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P =

where,

(friction term)

(stiction term)

(3.27)

h

Note that for r, < 0 and no shear condition (i.e., inequality (3.18a)), P may be ob-

tained by equation (3.27) by substituting f = 0. For the all-shear-at-the-wall case,

i.e., r* > R, P is given by equation (3.27) for r' = R. However, at k = 0, P is obtained

by substituting p(r) from equations (3.22) and (3.23) into (3.26) to give

+ 2
R

(1 + r e )

2m
- (l +iU (3.28)

It may be noted that in equations (3.27) and (3.28), P versus 1/h rather than P

versus h may be a more appropriate plot.

Ill- 3 RESULT ANDDISCUSSION

This Section compares the predictions of equation (3.27) for the total load, P,

versus thickness, h, with experiment. The comparison gives an estimation of yield

stresses in both compression and tension. This is followed by a discussion on the re-

sults so obtained.
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m-3a Theory-Experiment Fit: The fit of theory-experiment, (P versus 1/h), is based
on a proper choice of two parameters, Mxand k. However, a systematic analysis re-

duces the two parameter theory to a one parameter fit. The algorithm for this pro-

cedure is based upon the choice of an apparent friction coefficient, MXf and is

described below.

i) Since the initial part of the process has no stiction (as seen in Fig. 13), equation

(3.27) leads to

p= 7rrFi^ e,, '- (,+/g
] (3 - 29)

e

where, ojd+k) is the stress at the plateau (and, hence, is experimentally deter-

mined). R, h, and P are also directly measured. Thus, equation (3.29) has only one

fitting parameter nx-

ii) At some h = h" the load calculated by equation (3.29) is higher than the measured

load (see Fig. 14). From this point onwards the polymer shears at the wall. The

shearing region, r < r\ causes a lower overall shear stress than if there were no

yielding at the wall (see Fig. 13). Thus, the total force, F, with the shearing (or

yielding) at the wall, will be lower than F, if there were no shearing.

iii) The critical point h' is the onset of shearing. Thus, at h = h', f = 0. Solving for

k from equation (3.17) gives

exp
j

-2/xx \ - 2px

k = - (3.30)

3 - exp
j

-2/ix ~
| + 2/xx

In equation (3.30) jux and h' are known, k can thus be determined.

iv) Using equation (3.10) and the k-value obtained above, x can be determined.

From /ix and x obtained in steps-i and -iv, /i can be calculated. Furthermore, from



57

aQ / (k+1) and k, the quantity o 0 can be obtained.

v) Based on /i, k, and aQ computed above and equation (3.27), the full theoretical

curve can be calculated.

Fig. 14 demonstrates the above algorithm for P versus 1/h data obtained by
uniaxial compression at

TDR = 90°C and W= 0.635 cm/min. The compression ratio, CR, is defined as the

ratio of initial thickness, H, to h. Curve-A is the data corrected for machine de-

flection. Curves-B and -B' are obtained by equation (3.29) for different values of Mx
(step-i). From the best fit (i.e., curve-B) a value of Mx = 0.127 is obtained. From the

deviation point between curves-A and -B,

K = 0.13 cm is determined (step-ii). Substituting these values for /i X and h\ in

equation (3.30), k = -5.37 x 10 2
is calculated (step-iii). From k, Mx and <x 0 /(k+l),

X = 1.170, ii = 0.109 and a„ = 0.85 1 6 x 10 7 Pa (step-iv). Substituting the values

obtained above in equation (3.27), curve-C is obtained (step-v). Note that the fit

by curve-C is improved considerably to much higher CRcompared with curve-B.

Furthermore, curve-C deviates on the 'lower' side of curve- A. Other reasons for such

a deviation may be induced anisotropy due to crystal orientation and a significant

increase in strain rate (since e ~ 1/h).

Table 3.1 summarizes the values of the fitting parameter (fix), the extent of fit

(to 5%deviation), and the calculated yield stresses. A systematic study as a function

of draw temperature was carried out for a ram speed of 0.635 cm/min. The two extra

speeds of 0.025 and 0.254 cm/min. were chosen to further test the validity of the

method. The k, (a c /a,), and (a
c

- a,) obtained from the above fitting procedure (at

various TDR) is shown in Fig. 15. The temperature dependence on (<j c
- a,) and

{a J a,) seems to agree qualitatively with studies done on PC (46) and i-PP (47).

However, the data by Duckett and Zihlif show a mininium in (c c /a,) near 35 °C,

whereas by this study, a minimum near 70°C is observed. The discrepancy may be

related to differences in sample (i.e., additives for processibilily and molecular
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Figure 14: Curve-A shows P versus CR for i-PP deformed at TDR = 90°C at W=

0.635 cm/min. Curve-B and -B' are theoretical curves (based on equation (3.29))

for different values of mx- Curve-C is calculated using from equation (3.27).
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TABLE 3.1

Compressive and Tensile Yield Stress of 1-PP as a Function of Temperature

H<«> Tnp CR* oc x 10-7 (b)
otx 10"' (b)

0.635 30 0.141 8.2 3.8 3.262 0.11
0.635 40 0.155 7.2 3.2 2.8275 0.13
0.025 40 0.16 7.4 2.6

0.635 50 - - - -

0.254 50 0.136 8.8 2.9 2.70 0.12

0.635 60 0.164 7.9 2.32 2.06 0.15

0.254 60 0.135 9.1 2.2 2.0 0.12

0.025 60 0.146 7.4 1.8 1.586 0.12

0.635 70 0.132 9.9 2.0 1.793 0.11

0.635 80 0.126 10.00 2.2 1.96 0.11

0.025 80 0.152 6.0 1.50 1.374 0.13

0.635 90 0.127 10.0 1.8 1.616 0.11

0.635 100 0.12 10.3 1.4 1.26 0.10

0.254 100 0.118 10.8 1.2 1.08 0.10

0.635 no 0.15 8.0 1.0 0.887 0.13

0.635 120 0.14 9.3 0.9 0.74 6 0.11

0.635 130 0.157 9.2 0.6 0.513 0.13

* maximum compression ratio until where the data fits

* calculated from equations (3.8) and (3.9)

(a) 1n cm/minute

(b) 1n Pascals
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Figure 15a: k-value versus TDR for W= 0.635 cm/min. The k-value = \k\ from
equation (3.30).
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Figure 15b: ac /a, versus TDR for W= 0.635 in./min. The ratio a
c /a, is obtained by

substituting for k in equation (3.9). The later may more explicitly written as:

°c 1 - k
a

t 1 + k
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Figure 15c: ac - a, versus TDR for W= 0.635 in./min. The difference ac
- a, is calcu-

lated by solving for ac and a, The absolute values of the two yield stresse are com-

puted by solving equation (3.9).
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weight), sample preparation methods (i.e., crystaUinity), and testing conditions (i.e.,

strain rate and sample geometry).

m-3b Justification of Assumptions in the Model: In general, the yield surface during

deformation changes shape due to strain hardening, induced anisotropy, and to

change in strain rate. Various theories in the literature have been proposed to model

strain hardening (48), anisotropy (44,49), and strain rate (50) dependence on

yielding behavior. These effects are not considered here, however. This position may

be justified by citing the literature. Strain hardening does not seem to play an im-

portant role for uniaxial extension of i-PP and HDPE(3.17). The latter two vari-

ables, viz, anisotropy during the deformation and strain rate dependence may be

important. They are discussed next.

Duckett, Ward, and Zihlif (51) observed that ac ,
parallel to the fiber axis, does

not change with uniaxial extension ratio. Furthermore, ac , for uniaxially oriented fi-

ber is fairly isotropic (52), i.e., the compression yield stresses parallel and perpen-

dicular to the fiber axis (also the chain orientation axis) are approximately equal. In

this study, the orientation has fiber symmetry with the c-axis perpendicular to the

compression direction, i.e., parallel to the i-6 plane, as will be shown in Chapter IV.

Thus, a c will be largely unaffected (similar to oriented fiber) by the induced

anisotropy. Since the chains orient in the r-0 plane, as the orientation increases with

compression, a, will increase. However, since the chain orientation is parallel to a

unique plane (rather than along a unique direction) and the orientation is random in

the plane, the increase in a, may not be large. Thus the increase in anisotropy during

the deformation will not have a significant effect on the stress-strain curve.

The effect of strain rate on the mechanical behavior of uniaxial compression (of

i-PP) is manifested by the strain rate dependence on the k-value. The k-value is the

magnitude of k obtained by the procedure described in Sub-section IH-3a. At con-
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slant temperature, k may depend on strain rate and mechanical anisotropy. From
equation (3.9),

d{ -k)/dk 2
(3.31)d(a c /a

t
)/de ^ + ^2-]

Since (o c /o) ratio increases with strain rate (47), equation (3.29) implies that the

magnitude of k will also increase with e. For uniaxial compression, e ~ 1/h (equation

(3.3)), therefore k will become more negative with CR. For i-PP (47), the increase

in (<J c /<0 is about 10% over one decade increase in strain rate at 22 °C. Since

{o c /a,) > 1, the increase in -k would be ~5%. As argued before, the anisotropy in-

duced by the biaxial deformation causes an increases in the tensile yield stress, while

the compressive yield stress may remain unchanged. Thus, the ratio (a c /a,) may de-

crease with compression ratio (CR). Perhaps the two opposing effects (i.e., k and

induced anisotropy) on {a J a,) may cancel. Nevertheless, the constancy of k-value

with increasing CRseems a reasonable assumption in light of agreement between the

theory and experiment.

IH-3c Shear-at-the-wall: Model-Experiment Comparison: To note is that the P ver-

sus 1/h data at low temperatures show no surface shear until high loads. This may

be demonstrated with the load curve for TDR = 30° C at W= 0.635 cm/min. (see

Fig. 16). This fact may be confirmed by observing the deformed sample under

crossed polars in an optical microscope. These observations made under the optical

microscope require color, hence are not presented here. A thin section (~40 fim) had

been microtomed parallel to the r-z plane, as shown in Fig. 2, for microscopy. The

section is deep blue in color, indicating high birefringence. There is a small red skin

on the edges of the cut sample, centered at r = 0 (the center of the deformed disc

shown in Fig. 2). The red skin formed at the polymer-metal interface is due to the

shear flow at the wall discussed earlier. For a sample deformed at 30°C to a com-
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Figure 16: ( .—) i s the experimental curve for TDR = 30° C and W
0.635 cm/min. and curve ( ) i s calculated from equation (3.29) for Mx
0.141
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pression ratio of ~8.2, the skin is ~2.2 mil deep in the z-direction. The corresponding

maximum skin to sample thickness (h) ratio is 0.067. Thus 86.6% of the section had

extensional flow in the skin region. From the length of the skin in r-direction, the

ratio r/R = 0.029 is obtained. For deformation at 60° C to a compression ratio of

~7.4, the maximum skin to sample thickness ratio is -0.12 and r'/R = 0.131. The

optical microscopy demonstrates that the shear surface initiates at the center. On
comparing the microscopic data for the two draw temperatures, the shearing at the

wall for higher draw temperatures is found to be higher, as predicted by the theory.

The cross-polar-optical-microscopy also indicates that at larger r (away from the

center) an absence of skin, indicating a friction-to-stiction transition, also in agree-

ment with the modeL

HI-3d Effect of Hydrostatic Pressure on Solid State Deformation: Physically, the

k-value may be related to the 'effectiveness' of hydrostatic pressure on deformation

behavior. From equation (3.8) it is apparent that r m (or O is modified by the

amount k(2a - p), where (2a - p) is proportional to hydrostatic pressure. Since both

k and (2a - p) are negative (see Appendix C), as (-k) increases the yield surface is

'inflated
7

. Thus, hydrostatic pressure causes 'stiffening' of the material by an amount

proportional to the k-value.

On the other hand, for the case of 'free biaxial drawing',

(jj = a2 = a and a3 = 0. The modified Guest-Tresca criterion or von Mises criterion

(equations (3.6) and (3.7)) gives

27 m = <j = o0 + k(2a)

Here, a > 0 and k < 0. Thus, unlike the hydrostatic deformation, in free drawing as

(-k) increases the effective

r m decreases. This may also be considered as dilation, i.e., hydrostatic pressure is

inflating the material volume. From a mechanics point of view, this may be consid-
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ered to be a major difference between the two processes. Furthermore, the higher the

k-value the larger is the difference between the hydrostatic deformation and free

drawing.

As suggested earlier (50), the hydrostatic effect is manifested in terms of the

ratio {a J a,). This is consistent with the above argument made about the k-value

since, k = [l - (cr c /a,)]/[l + (a c /a,)]. However, comparison of Fig. 15a and 15b

demonstrates that k is a more sensitive parameter than (a c /a t ). Thus it may be more

useful to plot k versus TDR rather than Oc /a,) versus TDR.

The k-values obtained (by different methods) for PC (46), poly(methyl

methacryiate) (53) and polyethylene terephthalate (54) at 25 °C seem to be of the

same magnitude as the values obtained in this study. The values for the above

polymers are all approximately 0.07. The k-values for poly chlorotrifluoroe thy lene

and polytetrafluoroe thy lene (PTFE) are approximately 0.06 and 0.027 respectively

(55). A low k-value for PTFEmay suggest that the effect of hydrostatic pressure on

deformation may not be significant. Therefore, hydrostatic drawing will not be ad-

vantageous in comparison to 'free drawing' for PTFE, to obtain higher draw ratio.

Thus k-value (obtained from uniaxial compression data or individual compression

and tensile testing) is a quantitative index to determine the significance of

hydrostatic pressure on deformation.

m-3e Conjectures and Improvements:: The minimum at ~70°C may be attributed

to a crystal-to-smectic phase transformation induced by deformation (56).

Nakamura et al. (57) and in this investigation (see Chapter V), smectic phase for-

mation has been observed on hydrostatic uniaxial and biaxial deformation of i-PP

below 70 °C respectively. The disordered structure (i.e., smectic phase) seems to

arise from the crystals, causing the polymer to 'soften' because of its loose structure,

as discussed in Chapter V.
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The minimum in Fig. 15b may also be attributed to the glass transition, T of

i-PP. As a first approximation dJ/dP ~ Aa/A/3 (58). For most polymers (Table

11-m in (58)), the ratio A«/A0 ~ 10" 2 K/atm.. the present work pressures may be

of the order of 10 8 Pa, implying an elevation in T
g

by about 20 ± 10 K. Thus T
g

may
approach 70°C. However, the author feels that, T^is a less likely reason than the

crystal-to-smectic transition, for the minima in Fig. 15a and 15b to occur.

As pointed out earlier, the strain rate, e ~ W/h. Since, in compression, h = H -

Wt, k increases as the process progresses. It may be interesting to program the ram

speed such that the strain rate remains constant. Let e D be the desired strain rate

given by W0 /H, where Wc and H are the initial speed and thickness respectively.

Then for a constant strain rate, eOJ the ram speed at time, t will be given by

W=W0 /[l +/(W 0 //i)]. The other process modification may be as follows:

Equations (3.15) and (3.19) suggest that the load, p, is distributed with respect to

r. This decrease in p as r increases is a consequence of non-zero metal-polymer fric-

tion. Thus, the load distribution can be made more uniform (or 'flatter') by reducing

the friction coefficient. This may be achieved by using a lubricant or

'co-compression'.

111-4 CONCLUSION

The following conclusions may be drawn from this study:

i) A Rigid-Plastic Model with hydrostatic pressure effect adequately describes

the solid state deformation of i-PP. The model can be used to predict the

stress-strain curves for deformation temperatures in the range 30-1 30°C.

ii) The method measures the yield stress under both compression and tension

simultaneously.

iii) The model quantifies the coulombic friction versus stiction behavior between

polymer and metal.
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iv) The friction-to-stiction transition predicted by the model agrees with the

birefringence observations.

v) A threshold friction coefficient exists for non-zero k-value (see equation

(3.18)) below which the material deforms in pure extensional flow field. For

i-PP, this condition is valid up to significantly high pressures and compression

ratios at TDR = 30°C, as calculated by the theory and confirmed by

birefringence.

vi) The minimum in k-value and aja, correlates with the crystal-to-smectic

transition of i-PP as will be shown in Chapter V.



CHAPTER.IV

CRYSTALTEXTUREONUNIAXIAL COMPRESSION

IV -I INTRODUCTION

To understand the development of crystal textures during deformation of

semicrystalline polymers, it is essential to determine the shear movements in the

crystal at microscopic levels. Due to long-range periodic order in crystals, the shear-

ing process occurs at well defined crystallographic planes referred to as slip or glide

planes. The direction of shear is called the slip or glide direction. The combination

of a particular slip or glide plane with a slip or glide direction is referred to as slip or

glide system.

The slip plane is usually the strongest bonded plane, and the slip direction is

always the strongest bonded direction (59,60). In metals the strongest bonded plane

is the plane with the highest density of atoms per unit area, since only one type of

bonding occurs (i.e. metal bond). Similarly, the slip direction is always the closest

packed direction in the slip plane. For example, in FCC structure metals (such as

aluminum, copper, gold, nickel, silver, etc.), the slip system is (111) and <110>

(60), where (111) and <110> are the highest density plane and direction, respec-

tively. However in iron with BCCstructure, the slip planes at room temperatures are

(110) (the highest density plane), (112) and (123). The slip along the latter two

planes is not so frequent. The slip direction is always <TTl>, the densest direction

for all the three slip planes. Since all the planes, (110), (112), and (123) (61) con-

tain the slip direction <111>, the shear process is called 'pencil slip' (61,62). This

may be thought to be a very likely process in semicrystalline polymers, especially the

75
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rigid rod polymers or liquid crystalline polymers and other flexible polymer crystals,

where the interchain packing is pseudo-hexagonal.
i

The concepts for detennining the slip systems can be generalized to polymers;

however, the prediction is different than that in metals for several reasons: There is

more than one type of bonding (e.g., covalent bond along the chain, van der Waals

interaction between chains, hydrogen bond among special linkages as in nylons, and

other geometrical interactions due to molecular shape); thus, the highest-packing

density plane (or direction) may not be the strongest bonded plane and hence not the

slip plane (or direction). A semicrystalline polymer is a two phase system where part

of the chain resides in a disordered region (or amorphous phase.) This may relax the

slip conditions, giving rise to more possible slip systems than would be expected by

crystallographic symmetry and energetics. The crystalline structure of polymers is

more complex than that of metals, forcing more stringent symmetry laws that have

to be satisfied in order to maintain the crystal symmetry after a microscopic move-

ment. For example, shear along planes that will tend to bend or break the covalent

bonds (in the chain) would be energetically unfavorable. However, since polymer

crystals are surrounded by amorphous phase, the crystal possesses a free surface. The

free surface will tend to relax the the number of slip systems required to deform the

crystal in any general strain field (59).

In spite of the complications mentioned above, a few generalizations on slip

mechanisms are possible: In most of the cases, the strongest direction in a polymer

crystal is along the chain axis, since the latter is covalently bonded. Thus, the major

shear or slip direction would be along the chain axis. This is also called the c-slip

mechanism, as mentioned in Chapter I. In polymers with specific interactions, for

example hydrogen bonding in nylons, the plane containing the hydrogen bond will

be the major slip plane. Geometric considerations, for example the lath-like shape

of PET, will cause slip along the plane parallel to the benzene ring. In polyolefins,

where the only interaction between the chains is van der Waals, the plane (containing
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the chain axis) with the highest density may be a viable slip plane. Slip may prefer-

entially occur along the fold plane in solution grown single crystals, because the ad-

jacent chains are connected in the plane. Martensitic transition, kinking, and twining

are other important considerations that may relax the stress (and strain) generated

due to deformation in the crystal (59,63). However, these mechanisms account for

only small amounts of plastic deformation.

The crystal orientation due to the crystal shearing corresponding to various slip

systems is considered. In Fig. 17, it is easy to visualize that, during a uniaxial exten-

sion, the slip direction will rotate towards the draw direction. A more rigorous proof

can be given by projecting the macroscopic stress onto the slip plane and in the slip

direction, then rotating the plane to minimize the stress (46,59,64). This is the rea-

son for chain axis orientation of crystals in the draw direction on uniaxial deforma-

tion. On uniaxial compression, the slip plane tends to orient perpendicular to the

compression direction. In plane strain deformation, a combination of the two defor-

mation modes (i.e., extension and compression) is produced. In this case, the slip

direction would orient in the positive strain (i.e. stretching) direction and the slip

plane would orient perpendicular to the negative strain direction. The texture gets

complex (than mentioned above) due to conjugate slip. For example, in a FCC

crystal with slip system (1 1 1)< 101 > , the duplex slip (( 111) <011 >) results in the

rotation of the tension axis (which initially was < 101 > ) to the stable position of

<1 12 > (65). Since rolling produces a quasi plane strain field (44,66), the resultant

textures are complex in this operation. The orientation becomes more complex if

there are more than one slip system present for uniaxial tension, compression, or

plane strain deformation.

In general, for plastic deformation of crystals in any strain field by the slip

mechanism (which is the major mechanism for large deformations) requires five in-

dependent slip systems (67-69). As mentioned above, the chain connectivity of

polymers restricts the number of possible slip systems. Thus the plasticity of polymer
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Figure 17: Displacement of a single slip system on uniaxial tension or compression.

On uniaxial tension the slip direction <h'k'l'> orients towards the draw direction.

For uniaxial compression, and slip plane, (h"k'T) orient perpendicular to the com-

pression direction.
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Figure 17
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crystals must be smaller than that of metals. However, the large free surface (due to

the amorphous phase) reduces the number of independent slip system required (59).

Thus, the high plasticity in semicrystalline polymers is due to their two-phase nature.

As previously stated, the major slip direction is usually along the chain axis.

Thus, uniaxial extension will give no additional information on the slip system, ex-

cept to confirm the above assumption. For uniaxial compression, the slip plane can

be specified, since the latter will lie perpendicular to the compression axis. Since, the

slip direction is a long the chain axis, the complete slip system is deterrnined. Plane

strain will also give information on the complete slip system. Apart from the conju-

gate slips, the crystal texture generated by rolling may be further complicated for the

following reasons: The residual stresses cause the core and the skin to be in different

stress fields (i.e. skin may be in tension and core in compression or vice versa), de-

pending on the relative size of the sheet thickness and roll diameter (70). Moreover,

the orientation of the slip direction in the rolling direction is easy, but for the slip

plane to rotate in the roll plane, another slip direction is required. The second slip

direction should be in the slip plane and preferably perpendicular to the major slip

direction (71). Rolling is also known to produce doubly-oriented textures (72-74).

The factors mentioned above make the crystal texture due to rolling rich in infor-

mation, but the analysis is complex. Thus, uniaxial compression is a good method for

understanding the slip mechanisms in semicrystalline polymers.

In this Chapter the various textures on uniaxial deformation of i-PP are re-

ported. The WAXSmethod for quantitative measurement of the textures is de-

scribed. From the geometry of the two textures, an equation to quantify the relative

amounts of the textures is developed. The last Section of the Chapter discusses the

mechanism of, and experimental evidence for, the formation of these two textures.
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IV -2 CRYSTALORIENTATION: DOUBLETEXTURE

In this Section the crystal texture obtained on uniaxial compression is discussed.

The experimental proof for two textures based on WAXSis given. This is followed
by a description of the experimental method of quantitatively measuring the texture

on Siemens D-500 diffractometer. Finally, a (theoretical) procedure to quantify the

relative amounts of the resultant textures is derived.

IV-2a Evidence for Double Texture: Fig. 2 shows a sample cut along the radial di-

rection of uniaxiaUy compressed i-PP. In Fig. 3 are the corresponding WAXSpattern

for the x-ray beam incident parallel to the z- and 9 -axis, respectively. The area ex-

amined is close to the edge of the sample (similar to the area shown in Fig. 2). The
pattern in Fig. 3a is obtained with the beam parallel to the compression axis (i.e.,

z-axis). Isointensity rings in the pattern signify random orientation around the com-

pression axis. For the beam incident on the same sample area but along the 0-a'js,

sharp reflections are observed. This implies that the sample is oriented. Thus i-PP

is oriented with a fiber symmetry along the compression axis.

The innermost ring in Fig. 3b, corresponding to (110) planes, has 6 spots. The

two spots along the z-axis correspond to c-axis (i.e., chain axis) orientation along

the r - 6 plane. This is consistent with the (040) reflection along the z-axis in Fig.

3b. The (130) reflection is not clear in the pattern since it is close to the (040) re-

flection (which also lies on the z-axis). However, the off z-axis (130) reflection is

quite sharp. The four off z-axis (110) and (130) reflections are due to another tex-

ture described in the next Sub-section.

The qualitative observation via Statton photographs indicate that the first tex-

ture consists of crystals with their chain axes parallel to the r - 0 plane. Since all

three (hkO) reflections (i.e. (110), (040) and (130)) are observed along the z-axis

(in Fig. 3b), this suggests the a- and b- axes are random around the c-axis. Moreover,
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the orientation of this texture should be randomly oriented around the z-axis (see
Fig. 3a). Thus, the c-axis oriented towards the r - 0 plane, is randomly oriented
about the compression axis. This texture is called the 'Planar texture', since the
unique axis (the c-axis) is oriented with respect to a plane (the r- 0 plane). He
texture is schematically shown in Fig. 18.

The two observations from the Statton x-ray pattern (Fig. 3b) that indicate the
presence of a second texture are: (i) both (110) and (130) have four more spots at

72.4° and 46° from the z-axis respectively, (ii) (040) has only two spots along the
z-axis. This suggests that in the second texture, the b-axis is parallel to z-axis, and the

a- and c- axes are randomly oriented around the b-axis (because the texture should
maintain fiber symmetry, as indicated in Fig. 3a). This texture is called the 'Fiber

texture', since the unique axis (the b-axis) is parallel to the axis of cylindrical sym-
metry. Fig. 18 shows both the textures described above.

To analyze the consistency of the proposed crystal texture, it is important to see

the geometry of the crystal. Fig. 19a shows the unit cell of i-PP reported by

Corrodini et al. (17). Fig. 19b shows the corresponding unit cell in the reciprocal

space. The (hkl) planes are labelled by their normal vectors. For example, (040)

planes are a family of planes parallel to a*-c plane, and are 4b* A-1 apart, or b/4 A
apart in real space. Thus, the normal vector corresponding to this plane would be

R(040) = 4b*. In general the normal vector to any (hkl) plane would be given by R(hkl)

= ha* + kb* + lc\ Thus, the azimuthal location of various (hkl) reflections can be

obtained by calculating the angle between R(hkl) and the c-axis (corresponding to

the Planar texture) or b-axis (corresponding to the Fiber texture).

The list of calculated angles for various (hkl) planes is given in Table 4.1. Also

tabulated are the azimuthal angles where the intensity maxima (for various (hkl) re-

flections) will occur on a flat-film WAXSpattern for the two textures. The azimuthal

angle, fi, is defined with respect to the z-axis (i.e. p = 0° along the z-axis and n =

90° along the r-axis or 0-axis in Fig. 3b). The corresponding azimuthal angles for
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Figure 18: Crystal textures of uniaxially compressed i-PP in solid state. Compression

axis is the z-axis and the equibiaxially stretched plane is the r - 0 plane also denoted

by MD, and MD2 , respectively.
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Crystal Textures in Equibiaxially Deformed
i - Polypropylene

il ND//Z

b ( a and c random

)

Fiber Texture: b//Z ( the compression axis)

a,c random around Z

a,c//r-0 plane

Planar Texture: c//r~Q plane

c random around Z- axis

o»b random around c~ ~ ~

Figure 18
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Figure 19: The monoclinic unit cell (i.e., a2-crystal) of i-PP in, (a) real, and (b) re-

ciprocal space. The relative size of the axes in the two spaces are drawn to scale. (See

Appendix D for the unit cell dimension in the two spaces).
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intensity maxima based on the two textures may be calculated by a Ewald con-
struction (as shown in Appendix D). The azimuthal angle between the r - 0 plane
and (110) and (130) reflections measured from Fig. 3b are 72.4° and 46° respec-
tively. This is consistent with the calculated angles predicted by the Fiber texture.

Similar observations can be made for other (hid) planes. The next step would be to

measure quantitatively the two textures and to estimate their relative amounts.

IV-2b Crystal Pole Density Distribution: Measurement

IV-2b-i WAXSOptics: As mentioned above, a crystallographic plane is labelled by
its normal vector R(hkl). The relative number of planes in a given direction (with

respect to the lab-frame) is thus defined by a normalized pole density function

(PDF), P(h u)(spherical angles) ranging from 0 to 1. Since the number of (hkl) planes

in a given direction is proportional to the intensity of the (hkl) peak in that direction,

PDFis proportional to the relative intensity (after appropriate corrections mentioned

in the next sub-section) distribution. Thus WAXSis appropriate for measuring PDF
for crystals. A mapping of the function in various two-dimensional projections (of a

three-dimensional texture) is called a Pole Figure (75).

In WAXS, from the relative intensity in various directions (with respect to

sample axes) for any (hkl) reflection, the orientation distribution function (or PDF)

(with respect to the lab-frame) of that particular plane can be obtained. In uniaxially

compressed i-PP sample, the lab-frame (or sample frame) consists of the r-, 0-, and

z- axes, as shown in Fig. 20. In a general pole figure routine, a relative intensity

distribution of a given (hkl) with respect to
<f> and 4> angles is performed. However,

equibiaxially deformed i-PP has fiber symmetry around the z-axis; thus, it is suffi-

cient to measure the intensity distribution as a function of <b only. For example, if the

relative intensity of the (040) plane as a function of d> is measured, the orientation

distribution function of the b-axis can be obtained, since the R(040), b-axis and
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Figure 20: Crystal orientation of any (hkl) plane is defined with respect to the plane

normal R(hkl) For equibiaxial deformation, the orientation is independent of ^, i.e.,

the orientation is random around the z-axis (see Figs. 3 and 18)
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b'-axis are parallel. Thus, the crystal texture is described by P„ MThe method of
measurement is described next.

To obtain the pole density distribution function, the measurement should be
made of relative intensity (for a given (hkl)) as a function of The measurement
consists of two parts: (i) Reflection mode, and (ii) Transmission mode. Let N and T
be the vectors along the z-axis and parallel to r - B plane respectively (as shown in

Fig. 21). Let X, Y, and Z be the coordinate system of the lab-frame. The source and
the detector lie in the X-Y frame. The location of the source and the detector is fixed,

such that the angle between the incident beam <£) and measured diffracted beam
(s) is 20, where 20 is the Bragg angle (also denoted as 20 B ) for the particular (hkl)

plane the orientation function is measured for. Moreover, the position of the incident

and the scattered beam is symmetrical, i.e., both the incident and scattered beams
make an angle 0 (or 0 B) with the X-axis. Thus s -s 0 is along the Y-axis. From the von
Laue condition or Ewald sphere construction it is clear that the intensity measured

on the detector corresponds to those (hkl) planes whose normals are parallel lo the

Y-axis. In the reflection mode, at a = 0°
, N is coincident with the Y-axis. Thus only

the (hkl) planes parallel to r - 0 plane are observed. The orientation distribution

function from a = 0° to higher values is obtained by tilting the sample around the

X-axis. However, the geometrical constraints restrict large tilts (or high a's), because

of distortion. In this study, the highest a for measurement was 45°. To scan higher

angles, the transmission mode is appropriate. At a = 90°, T is along the Y-axis.

Thus, (hkl) planes perpendicular to the r - 0 plane are observed. In contrast to re-

flection, in transmission mode, scanning from a = 90° to lower values is accom-

plished by tilting the sample around the Z-axis. The lowest a achieved in this study

was 25°. The region from 45° to 25° was used to scale the intensity from the two

modes of optics (i.e., reflection and transmission).
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Figure 21: The WAXSoptics for pole density measurement of any (hkl) reflection.

The sample is symmetrical with respect to the source and the detector. The source

and the detector are fixed at Bragg angle, 20 B (or 20). Thus, the scattering vector is

fixed along the Y-axis, (a) In the reflection mode, the sample is tilted from a = 90°C

to lower values, (b) In the transmission mode, the sample is rotated from a = 0°C

to higher values. The tilt angle a, corresponds to the <f>
angle of Fig. 20.
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IV-2b-u Data Correction: Incident Area and Path Length Correction: The relative
intensity for a given (hkl) reflection measured by the above mentioned method re-
quires three corrections: background, path iength of the x-ray in the sample, and
change in incident area on tilting the sample. The path length the x-ray beam travels

will change as the sample is tilted. The background is obtained by scanning the empty
sample holder. The correction is simply the subtraction of this 'blank-run' from the

'sample-run'. The other two corrections are discussed next.

The change in path length with tilt can be corrected for by multiplying the in-

tensity (measured) by a factor, A, (for reflection mode) or A, (for transmission

mode). The two factors are given by,

. 1 ~ exp[ -2m/ sin 0]A
t

1 - expL -2m/ sin 0 cos a]

[ - sin(0 + a)/ sin(9 - a)] - 1

exp[ -m/ sin(0 + a)] - exp[m/ sin(0 - a)]
mexp( —m/cos 0)

cos 0

where, a, depends on the sense of rotation. In Fig. 21, a is positive and negative for

reflection and transmission modes respectively. The only undeterrnined parameter in

the above equation is the mass absorption coefficient times the thickness, m.

The absorption parameter, m is experimentally determined by measuring the

transmission of the x-ray beam normal to the sample surface. It is important to note

that the the accuracy of measurement of mis very sensitive to the incident x-ray in-

tensity. For example, Fig. 22 shows a plot of measured mvs incident intensity of the

x-ray of a typical i-PP sample. Since, the solid state detector has a Poisson's statistics,

a cumulative count of 20,000 is regarded adequate. From Fig. 22 it is obvious that

the error for mat 40,000 counts is close to 25%. Thus an accurate measurement of

m is achieved by obtaining a mvs incident intensity plot that has a plateau at high
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Figure 22: Measured absorption parmeter as a function of incident intensity for a

typical i-PP sample.
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values of incident intensity. This measurement was performed on all the samples
tested.

The WAXSdiffractometer has slit collimation. Thus, the amount of area illu-

minated by x-rays changes as the sample is tilted. The correction was experimentally

measured by tilting an unoriented sample of i-PP. The isotropic sample was prepared

by annealing for 48 hours at 160 °C. To insure complete relaxation of any residual

stresses (and orientation), the sample was made thin (~0.5 mm). Then a rectangular

piece (of dimension equal to that of samples used for textural analysis) was cut from

the isotropic, i-PP sheet.

The area correction was performed by the change in intensity for various (hkl)

reflections (see Fig. 23). The change in intensity should be corrected for the path

length described above. The change in area due to tilt in the transmission mode is

not significant (see Fig. 23a). This is obvious from the optics (see Fig. 21). Since the

slit is along the Z-axis, a rotation about the Z-axis (Fig. 21b) will not change the il-

luminated area. However, the area factor is significant for the reflection mode as

shown in Fig. 23b.

The area, path length, and back ground corrected data for any (hkl) reflection

can thus be obtained. The relative intensity, as a function of a, is normalized to unity.

Since the intensity at any a is proportional to the pole density of (hkl) at that a, the

normalized plot is a pole density distribution, p (m (spherical angles) for the (hkl) re-

flection.

IV-2b-iii Pole Density Distribution for Double Texture: The pole density distribution

for the two textures can be modeled as follows: Consider an orientation sphere in the

reciprocal space as shown in Fig. 24. The radius of the sphere is equal to the magni-

tude of
|

R(hkl) | . For random orientation, the R(hkl) is randomly oriented in the

space, giving a constant density over the sphere surface. In the Planar texture, the

chain axis is parallel to the r —0 plane and R(hkl) is randomly oriented around this
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Figure 23: Normalized area factor as a function of tilt angle, a (defined in Fig. 21).

The area factor is measured for (110), (040), (130), and (111) reflections in both

the, (a) reflection and (b) transmission mode.
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Figure 24: The pole density distribution on an orientation sphere of radius,
|
R(hkl)

|

(a) In planar texture, the c-axis orientation along the r-0 plane, leading to a family

of circles scribed due to random orientation of R(hkl) around the c-axis. The lati-

tudes enclosing this family of circles at <j> = jt/2 ± a, has the maximum pole density.

(b) In the fiber texture, b-axis alignes parallel to the Z-axis and R(hkl) precesses

around the b-axis. The latitudes for maximum pole density are
<f>

= a 2 and it - a 2

Note, aj and <x 2 are a
p

and a
f

respectively.
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axis. Thus, for a given c-axis on the r - 6 plane, R(hkl) will scribe a uniform density
circle on the sphere (as shown in Fig. 24a). Moreover, since the chain is randomly
oriented around the z-axis, a family of circles between * = 90° - a

p
to 90° + a will

form on the orientation sphere surface, where «
p

is the angle between the cham'axis
and R(hkl). Furthermore, since the a- and b- axes are randomly oriented around the
c-axis, each circle will have uniform pole density. It is shown later in this chapter that
the maximum pole density will be observed at * = 90° - «

p and 90° + «
p
for the

Planar texture. In the Fiber texture, the b-axis is oriented along the z-axis and
R(hkl)orients randomly around b-axis. This will scribe a uniform density circle at *
= and 180° - «„ where, a, is the angle between the b-axis and R(hkl) (Fig. 24b).
Since uniaxially-compressed i-PP has both textures, maxima at two latitudes must
be observed, in each of the two hemispheres.

TTie latitude angle,
<t> of Fig. 24 and polar angle, a shown in Fig. 20 are identical,

since both the angles are defined with respect to the z-axis. Furthermore, angle a of
Fig. 21 is also identical to

<t> since it is defined with respect to z-axis. Thus, the pole

density distribution, obtained by WAXSas a function of tilt angle, should have

maxima at two a's: (i) 90° - a
p , and (ii) Table 4.1 tabulates latitudes for various

(hkl) planes. Fig. 25 shows the pole density distribution function of i-PP deformed
at 60°C and annealed at 140°Cto a compression ratio of 14.0 (i.e. the draw ratio in

the r - B plane is 3.74 X 3.74). Poles (110), (130) and (111) have two maxima
consistent with Table 4.1 for the two textures. (040) and (060) have only one max-

imum at 0°, which is in accordance with the two textures. Thus, the quantitative

measurement of the pole density distribution function proves the existence of the

double texture.

IV-2c Crystal Pole Density Distribution: Theory: The two distinct peaks in the pole

density distribution function for (110), (130), and (111) reflections suggest the

possibility of measuring the relative amounts of the two textures. Fig. 26 shows an
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Figure 25: Normalized pole density distribution for compression-drawn i-PP at

60°C and annealed at 140°C for 120 min. The compression ratio and speed is, 8.03

(i.e., 2.83 x 2.83) and 0.254 cm/min respectively. The reflections for measurement

are: (a) (110), (b) (040), (c) (130), (d) (111), and (e) (060). The pole density

maxima for planar and fiber textures are in agreement with the angles calculated (in

Appendix D) and tabulated in Table 4.1.
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onentation sphere for a given R(hkl) reflection in the reciprocal space. The radius
of the sphere is, R =

| R(hkl)
| . Let S, be a unit vector paraUel to the unique axis

For Planar or Fiber texture, fi, is along the c-axis (i=p) or b-axis (i=f), respectively
Let the orientation of n.be along OC(as shown in Fig. 26). The angle between n, and
the X-Y plane is „. Since the directionality is maintained in real space to reciprocal
space transformation, X-, Y-, and Z- axis (in the reciprocal space) are parallel to r-,

0-, and z- axis (in real space) respectively.

The crystals are randomly oriented around their respective unique axes for both
textures. Thus, the texture may be uniquely defined by the orientation distribution
function, i» of the unique axis. For Fiber and Planar textures, j = 1 and 2 re-
spectively. For a given

!» ,
the pole density distribution function of any R(hkl) reflection would be given

by (see Appendix E)

dn(4) fj(w)- cos co- sin a
{

[ sin( ai + <o) —cos cos <*> + sin( ai - co)]*

where,
<f> is the latitude (see Fig. 26), a, is the angle between

A
n, and R(hkl), and dA = R*. sin <fy is the elemental area on the orientation

sphere surface. Thus, the total pole density at a given * (since the cylindrical sym-
metry around Z-axis implies no $ dependence), is given by integration over all pos-

sible orientations of that contribute to pole density at From Appendix E, the

total pole density distribution function is given by,

dN{<b) r-r + («,-*) d—"i f .
( , +/^ (4-2)

Since the intensity, I(<f>) is proportional to the total number of poles in the solid angle

AQS(£,^) = AA,AR 2
, 1(<b) is given by,
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Figure 26: Co-ordinate axes defining crystal orientation in the reciprocal space (for

any (hkl) reflection). The unique axis, ^ is defined with respect to angles w and y.

The R(hkl) is defined in two ways: (i) with respect to the spherical angles <j> and ^;

and (ii) with respect to the unique axis, by angle, j8 and a
;
The angle, a, between rij

axis and R(hkl) is constant for a given reflection. Thus, the angels in (ii) represen-

tation (for a given w) are 0 and y.
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Representation of Preferred Orientation

Figure 26
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dA R

or,

m==K~dA~^ As (4.3)

where, AS2
S and AA, are the solid angle and corresponding area (on the orientation

sphere) sampled in the WAXSexperiment. K (or K') is a proportionality constant.

The sampling size depends on instrumental parameters, such as: beam size and
collimation, monochromaticity of the beam, and detector (i.e., solid state or photo-

graphic film). In the photographic film method, integrated intensity is measured.

Thus,

AA, (or A£2S) is further modified by the Lorentz correction factor depending on the

optics of the camera. Substituting equation (4.2) in (4.3) with proper limits yields

(see Appendix E),

1(f) = *AA
SJ I do - 2 ! (4A)—- («j +*) L sm w - cos(aj + $) ]*[ cos(a: - <£) - sin <o]

/j

Equation (4.4) is a Voltera Integral equation of the I-kind, where, I(<£)is known and

fj(w) is to be determined. The equation can be solved numerically to obtain f.(«).

Thus for a random orientation around the unique axis and fiber symmetry about the

z-axis, equation (4.4) prescribes a method to experimentally determine the orien-

tation distribution function of the unique axis.

There are several other methods described in the literature for the type of tex-

ture described above. Stein (76) has given a general expression to obtain the average
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orientation function (or Herman's orientation function) for all the three crystal axes.
This method is limited only to polymers which exhibit reflection along the unique
axis. Wilchinsky (77) generalized the above method to obtain the average orien-
tation function of the unique axis from any (hkl) reflection. He further generalized
this method for any crystal symmetry and general orientation distribution (78). This
method is also limited to obtaining only the average orientation function. The meth-
ods to obtain complete distribution function of chain axis from one (or more) (hkl)

reflection(s) is referred to as pole inversion techniques (79,80). In these methods,
the orientation distribution function of the crystal is expressed in terms of general-

ized spherical harmonic functions and the measured intensity distribution is ex-

panded as a series of spherical harmonic functions (81,82). The coefficients are

determined by orthogonal property of the basis functions and the symmetry of the

orientation distribution. The method was further extended to obtain an average

orientation function for a general pole figure (83). Bower obtained average orien-

tation distribution function by polarized Raman scattering and polarized

fluorescence (84). In principle the complete orientation function can be obtained by

the above mentioned technique of pole inversion using series expansion; in practice,

the analysis has an error due to series truncation (80,81). The series truncation error

is large for high orientation and several (hkl) reflections are required for an accurate

computation of the distribution function (80,85). The method suggested by equation

(4.4) is less general than the series expansion method, but is easier and more accurate

since no assumption is made on the functionality of fj(w).

In this study, an approximate approach to estimating the relative textures as a

function of compression ratio is adopted on the basis of equation (4.4). This is dis-

cussed next: Let fj(co) and f 2 (w) be the orientation distribution function for b-axis

(in Fibrillar texture) and c-axis (in Planar texture) respectively. Since perfect Planar

and Fibrillar textures would be at w = 0 and 77/2 respectively, the ratio, FPR =

f 2 (0)/fj(77/2) is estimated to determine the relative amounts of the two textures.
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Consider the Fibrillar texture first. For perfect Fibrillar texture, &, = fi, is along the
Z-axis, i.e., <o = ^/2 (see Fig. 27). Equation (4.1) gives,

dn(<$>) _ f 0» ^ # «
f

dA
m

1 f / » x ,
(4.5)— 4> = a

f

If the contribution from S, (i.e., b-axis) oriented at other <o's (i.e., off Z-axis) to the

pole density at
<f> (as shown in Fig. 27) is neglected, equations (4.2), (4.3), and (4.5)

give,

If(4> = a t ) = K-f
{

( —)-R
2

. sin a r A^-A^ (4.6)

Note that equation (4.6) is an approximation. The exact relation would be given by

(4.4) as,

y / • . FAA fl , fi(w) cos w sin a
f

l{{<t> = a
f ) = .fif-AA

s
I

* do) ! . 1 (4 7)J y -2a, [ sin co - cos 2a
f ]*[ 1 - cos to]

54

Consider the Planar texture next. For perfect Planar texture, n, = n
p

is parallel

to the X-Y plane i.e., co = 0 (see Fig. 28). It is possible to calculate f 2 (<£=0) exactly

for R(hkl) perpendicular to n„. This is obtained as follows: For a
p

= at/2, equation

(4.1) becomes,

-77- (4>) =
R T (4.8)

[ cos w - cos 4>] [ cos co + cos <£]
1

For w = 0, equation (4.8) is reduced to,

dn . A f 2 (0) f 2 (0)

= —
L ^ Jw = o (i-(1-cosW' sm<£

(4.9)
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Figure 27: For perfect Fiber texture, the unique axis, n, is along the Z-axis and the

I
R(hkl)

1 0 (at an angle, a,) scribes a uniform pole density circle, C0 Whenthe unique

axis is misaligned at an angle n/2 - <o
f the uniform density circle shifts toC„ which

intersects C0 at two points, P and P'. Since the orientation has cylindrical symmetry

around the Z-axis, the unique axis (n,) precesses on a circle, C leading to a family

of d circles.
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Orientation Sphere for Fiber Texture

Figure 27
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Figure 28: For perfect Planar texture, the unique axis, r^ orients parallel to the X-Y

plane and the
|
R(hkl)

1 0 (90° to the unique axis) forms a uniform pole density, C0 .

As r^ precesses around the Z-axis, R(hkl) forms a family of longitudes passing

through the pole, N. Thus the pole density is maximum at N due to Planar texture.

When the unique axis is misaligned at an angle, w
p , R(hkl) forms a circle, Cj As the

unique axis, n^, processes around the Z-axis a family of C] circles is produced. To note

is that, no circle in the Ci family will cross the pole, N. Thus the pole density at N is

only due to the crystal oriented in a perfect Planar texture.
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Orientation Sphere for Planar Texture

< Representation of Preferred Orientation )

Figure 28
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Furthermore, as is apparent from Fig. 28, only ^ along the X-Y plane (i.e., n 01 )

contributes to the pole density at the orientation sphere pole, N, at * = 0. Therefore,

dn . ^ dN—(+ = 0) = — = o), for *
p

= f ( 4.io)

Substituting equations (4.9) and (4.10) in equation (4.3) yields,

f 2<0) ->

y<£ = 0) = K— R\ sin 6- Ad.-A*
sin J T *

* lp(0 = 0) = ir-f 2 (0)-i?
2 .A^-A^ (4.11)

Thus, the Fibrillar-to-Planar ratio, FPR, can be obtained by dividing equation

(4.6) by (4.1 1), and rearranging to give,

I
f
(a

f )
fi(y)-sina f

lp(0)
=

f^O)

f 2 (0) sin a r lp(0)

where, a, is the angle between (hkO) reflection and b-axis. Since the pole density

maxima due to the two textures for (110) reflection are well separated (as is evident

in Fig. 25), I„(0) « 1(0) and

^ (a^) « I(af). Thus, the above equation becomes,

I(<x f )FPR=- f— (4.12)
sm a r I(0)

Equation (4.12) seems reasonable from simple arguments of fiber symmetry.

In the Fiber texture, the pole (hkO) is spread over the circle R-sina
f , on the orien-

tation sphere. Hence the density is normalized by l/sina
f

. In the case of the Planar
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texture, the pole is concentrated at a point, hence no normalization factor is required.
Dividing the two intensity maxima will give the expression in equation (4.12). How-
ever, to note items to note are the following: (i) Ratio in equation (4.12) is ap-
proximate, since equation (4.6) is approximate; (ii) the contribution from Planar
texture is only valid for R(hkl) perpendicular to the unique axis; and (ffi) the con-
tribution from crystals not in perfect alignment for either of the two textures (i.e., the

distribution function f^) and f 2 (<o)) is not considered. Point (i) can be partially

justified as follows: The R(hkl)pole at an angle W/ (see Fig. 27) intersects the latitude

<t> = Noilly twice (see curve C, in Fig. 27). The locus for R(hkl) along the Z-axis (i.e.

curve CJ is incident on the latitude. Let a 'crystal packet' be defined as a bundle of

Mnumber of crystal at an angle W/ and ^. Let M' be the number of such 'crystal

packets' spread uniformly around Z-axis and at a fixed angle W/
. Thus, from the

above arguments, the number of poles on the latitude, = a
f

for

<o7 = n/2 would be M(ir/2) x MW2), and for wither than tt/2 would be 2 x

M( W/). Since M'(ir/2) » 2, equation (4.6) is a good approximation. Due to point

(ii), reflection (110) is selected. Reflection (040) and (060) cannot be used because

the the pole density maxima from the two textures superimpose. The reflection (111)

is not perpendicular to the c-axis, and thus is not valid for FPRmeasurement by the

present method. The shortcoming of equation (4.12), mentioned in point (iii), can

be over come by solving equation (4.4). However, if the functionality of the orien-

tation distribution function, fj(w) and f 2 (w), does not change much with compression

draw, (e.g., the functionality of fj(w) is gaussian) then the ratio of the heights of the

two maxima should be a reasonable estimate of FPR. This justifies the applicability

of equation (4.12).
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/ V-3 RESULTSANDDISCUSSION

The mechanism of the two textures described and experimentally confirmed in
the prior Section is discussed. The mechanism described in this Section predicts

(qualitatively) the relative amount of the two textures as the compression draw in-

creases. The experimental observations (for i-PP compression drawn at 140°C) are

consistent with this mechanism. The texture development at TDR = 60°C is different

(from

TDR = 140°C) due to the formation of smectic phase (i.e., the disordered phase).

The next two Sub-sections discuss the orientation and structural symmetry of the

smectic phase. In the last Sub-section the role of the smectic phase in the texture

development of i-PP on deformation and its significance in obtaining the desired

structure is discussed.

IV-3a Mechanism of Double Texture Formation: The ratio of the two textures is

shown in Fig. 29 for i-PP deformed at 140°C. The texture ratio is calculated for the

(110) reflection. The maximum compression ratio of 31.15 X, corresponding to a

biaxial draw ratio of 5.6 X 5.6, is probably one of the highest equibiaxial draw ratios

achieved (under controlled conditions) in the solid state for i-PP. Since at com-

pression ratio CR= 1.0, the polymer is isotropic, from equation (4.12) FPR(CR=1)

= 1.05. It is obvious from the shape of the curve that at low compression ratios, the

fiber texture decreases and then increases with compression ratio. The relative

amount of fiber texture increases monotonically and then plateaus at compression

ratios higher than 25 X. The reason and development of double texture is discussed

next:

As mentioned before, in uniaxial compression, the slip plane orients perpendic-

ular to the compression axis to reduce the shear stress caused by the load. In i-PP,

the orientation of the (040) plane is observed. This suggests, the major slip plane is
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Figure 29: A plot of FPRratio versus Compression ratio for i-PP deformed at 140°C
at a speed of 0.254 cm/min. The ratio FPR is defined in equation (4.12). The re-
flection used for this measurement was (110).
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(OkO). Moreover, the strongest direction (along the chain axis) lies in the (OkO)
plane. Thus, during the compression process the shear stress is relieved by slip along

<001>, followed by tilting of the slip plane (OkO) perpendicular to the compression
axis. This explains the Fiber texture, where the b-axis (normal to the slip plane) ori-

ents along the z-axis, and the c-axis (the slip direction) orients parallel to the r - d

plane with no preferred orientation in the plane. Fig. 17, shows a schematic where
the shearing process induces the slip plane orientation.

The planar texture may arise from two possible mechanisms: (i) i-PP has more
than one (hkO) type of slip plane containing the chain axis, analogous to pencil glide

in BCCmetals. Thus the shearing may rotate other (hkO) planes perpendicular to the

compression axis, (ii) The orientation is 'incomplete', i.e., the slip direction <001>
rotates in the 'draw plane' but the slip plane does not tilt accordingly, as will be ex-

plained later in Fig. 30. The 'draw plane' is defined by the two draw directions in the

biaxial deformation field. For uniaxial compression the r - 9 plane is the draw plane.

The planar texture leads to a random orientation around the chain axis (see Fig.

18). Thus the mechanism (i) would suggest a number of (hkO) type slip planes.

However, this will predict no Fiber texture. Since the latter is contrary to the ob-

servation, mechanism (i) may not be a dominant factor leading to Planar texture.

Next, mechanism (ii) is considered. In Fig. 30, let P be a slip plane (h"k"l") ((OkO)

for i-PP) containing the slip direction D(oo,<//). The slip plane is at an angle 8 with

respect to plane P/

, where P' is a plane at an angle co to the draw plane

r - 0 (i.e., the normal to P' makes an angle w with the z-axis). (Note that the angles

in Fig. 30 correspond to the angles in Fig. 26, where the chain axis is the slip direc-

tion, D). Compressive force along the z-axis induces a shear stress in the slip plane

P. This initiates a rotation of the slip direction, D toward the r - 0 plane, i.e., w is

reduced as the deformation progresses. To further reduce the shear stress on plane

P, 8 should also decrease. The second step, involving the rotation about the slip di-

rection D, may occur if: (a) there is a secondary slip direction in the slip plane P at
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Figure 30: The movement of slip plane, P at an angle 8 with respect to the reference

plane, P; The plane P' is at an angle w and y, with respect to the x-y plane. On com-

pression the slip direction, D. orients in along x-y direction at an angle y with respect

to the y-axis. The slip plane tends towards the x-y plane but, 8 may not completely

reduce to zero.
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Orientation of an Arbitrary Slip System
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1// Compression Axis

Slip Plane
(h"kT)

7

Slip Direction

<hvr>

y//e

6 = 7T-/3

2

x//r

Figure 30



128

an angle to D; and/or (b) due to local heterogeneity the resultant line of compressive
force on the two sides of the slip plane are not collinear, as will be discussed in
Chapter V with reference to Fig. 40. This will generate a torque on the crystal that
will 'flatten' the slip plane parallel to the r - 0 plane. If the shear force is not ade-
quate to cause either of the two processes, S will be (almost) unchanged as the de-
formation progresses (inducing orientation of D). The polymer has a
large ensemble of crystals containing a uniform distribution of chain orientations,

B («,*) and all possible S's for a given orientation of the chain. Thus, on low defor-
mation (i.e., low loads), the chain will orient toward the r - e plane, but the slip

plane will be at all possible S's with respect to the chain axis. This will lead to a Planar
texture.

From the above arguments, the orientation would be more like the Planar tex-

ture at low compression ratios, in which case the compressive force is not large. As
the deformation progresses, the Planar texture should convert to the Fiber texture

by rotation around the slip direction, D. This is consistent with the experimental re-

suit in Fig. 29. The texture transformation can be understood by measuring the

coupled rotation of <o and 5 as the deformation progresses. In principle, the coupling

can be determined by solving the integral equation (4.4), to uniquely determine f,(«)

and f 2 ( w) as a function of compression ratio. Thus, in principle biaxial deformation

can uniquely measure the individual crystal shear operations via more than one slip

system.

IV-3b Orientation of the Smectic Phase: The changes in the relative amount of the

two textures with compression ratio for i-PP deformed at 60°C and 140°C are dif-

ferent (compare Fig. 31 and Fig. 29). The texture obtained for deformation at 60°C

always has the higher proportion of Planar texture. The monotonic increase in Planar

texture can be explained in terms of a deformation-induced order-disorder transition

in i-PP, as is discussed in Chapter V. In particular, the crystal of i-PP (the ordered
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Figure 31: FPRversus Compression Ratio for i-PP deformed at 60° C at a speed of

0.254 cm/min. The reflection for measurement was (110).
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phase) transforms to the smectic phase (the disordered phase) on deformation below
70°C (57,Chapter V). The orientation of the transformed phase and the reason for
the higher Planar texture (Fig. 31) is discussed next.

Fig. 32 shows a diffractometer scan along and perpendicular to the z-axis for a

sample deformed at 60°C. The scan along the z-axis is obtained in the symmetric

transmission condition, i.e., for a = 90° in Fig. 21. The scan perpendicular to the

z-axis is obtained in symmetric reflection conditions, i.e., for a = 0° in Fig. 21. The

(110) and (040) reflections overlap in the scan along the z-axis (i.e., reflection scan).

This is due to the formation of smectic phase, which has a broad reflection between

(110) and (040), as shown in Fig. 6. The (110) and (040) reflections sharpen and

separate on annealing at 140°C (as seen in Fig. 33). This is because the smectic

phase transforms to crystal on annealing above 70°C (see Chapter V). The (110)

and (040) peak in the unannealed sample for the transmission scan (Fig. 32) do not

overlap. This indicates that the first broad smectic peak (Fig. 6) is along the z-axis.

Since the first WAXSpeak for the smectic phase is due to the inter-chain packing

(17,86), the chains of the smectic phase are oriented parallel to the r - 6 plane; thus,

the smectic phase has a Planar texture. Since the amount of smectic phase increases

with deformation (as will be shown in Chapter V), the apparent Planar texture con-

tent increases with CR. This implies that the texture ratio, FPR, will decrease with

CR (consistent with the observation in Fig. 31).

IV-3c The Role of Order-Disorder Transition in Texture Development: The smectic

phase seems to be a 'cylindrically symmetric phase
7

(25), therefore on annealing only

the direction of the c-axis should be fixed (which is along the chain axis of the

smectic phase). The orientation of the a- and b- axes of the transformed crystal

cannot be uniquely determined. Thus the transformed crystal on annealing (from the

smectic phase) should also be planar oriented. Fig. 34 shows a normalized pole

density distribution for the (110) reflection of i-PP deformed at 60°C and subse-
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Figure 32: WAXSscan for i-PP deformed to a compression ratio of ~3 x 3 at 60°C
and a speed of 0.0254 cm/min. The (110) and (040) reflections are broad and
overlap (see Fig. 21) for the scan along the z-axis. The two reflections are separate
for a scan perpendicular to the z-axis. The scan for an isoropic (as molded sample)
is given for reference. 2-Theta is the Bragg angle, 20 B .
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Figure 33: WAXSfor the sample in Fig. 32 after annealing for 120 min. at 140°C.
Note, the (110) and (040) reflections sharpen and separate on annealing.
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Figure 34: Effect of annealing on the normalized pole density distribution. There is

a large increase in the Fiber texture on annealing i-PP deformed at 60 °C. The Planar

texture density is almost unchanged.
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quently annealed at 140°C for 120 min. The observation is paradoxical: The shape
of the peak around a = 0° (corresponding to Planar texture) is invariant, but the

peak at a = 72.5° increases significantly on annealing.

This observation may be explained by considering the deformation mechanism
of i-PP in solid state. As discussed in detail in Chapter V (with reference to Fig. 40),

the smectic phase may form by two mechanisms from the crystal present in the ini-

tial, undeformed i-PP:

• (i) The smectic phase can form by a lateral packing disorder process caused by

surface forces. In this mechanism the lamella fragment between to shear plane

transforms to smectic phase due to high surface to volume ratio.

• (ii) The smectic phase can form by recrystallization of the pulled chains from the

crystal parallel to the shear plane. Since the pulled out chains maintain their

conformation the process may be referred to as 'decrystallization'.

In either of the two cases, the c-axis (i.e., the chain axis) of the smectic phase will

be closely aligned to the slip plane (OkO). Thus, on annealing, the smectic phase will

crystallize on the (OkO) surface of the parent crystal it originated from. Since, the

(OkO) tends to orient parallel to the r - 0 plane, the resultant crystal (formed from

the recrystallization of the smectic phase) will lead to Fiber texture.

Fig. 35 shows the ratio of texture obtained for i-PP deformed at 60°C and

annealed at 140°C for 120 min. Comparison of Fig. 35 with Fig. 29 indicates that

the Fiber texture content is much higher in the samples that deform via the order-

disorder transition. Since the Fiber texture is the desired orientation where the slip

plane is parallel to the draw plane, the order-disorder transition enhances the crystal

orientation process on deformation.
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»

Figure 35: FPR versus Compression ratio for after annealing (at 140°C for 120

min.) the compression-drawn i-PP at 60 °C. The trend of the curve is similar to Fig.

29.
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IV -4 CONCLUSION

Following are the conclusions of this study of crystal texture on deformation

of i-PP:

(1) The major slip system for deformation of i-PP is (OkO) and <001>.

(2) There are two textures induced by uniaxial compression the: (a) Planar tex-

ture and (b) Fiber texture.

(3) For deformation at 140°C (where no smectic phase is produced during de-

formation), the relative amount of Planar texture increases with compression

ratio.

(4) For deformation at 60°C (where the smectic phase forms due to deforma-

tion), an apparent increase in the Planar texture is observed. However, on

transforming the smectic phase to crystal (by annealing at 140°C), the behavior

is similar to conclusion (3).

(5) The smectic phase seems to form by shearing on (OkO) plane.

(6) The relative amount of Fiber texture is higher for i-PP deformed at 60 °C,

followed by annealing at 140°C, than by deformation at 140°C.



CHAPTER-

V

DEFORMATIONINDUCEDORDER-DISORDER

TRANSITION

V-l INTRODUCTION

It is well known that plastic deformation, giving rise to ductility in metals (and

other low molecular weight crystals), arises due to shear along defined

crystaUographic planes and directions. The process for polymers is more complex due

to their long chain nature. Moreover, the semicrystalline polymer is a two-phase

system where a single chain may reside in both and over a sequence of crystalline and

amorphous phase.

On uniaxial stretching of a semicrystalline polymer, the amorphous phase de-

forms first, since it is more disordered and softer than the crystalline phase. The de-

formation of the amorphous phase involves stretching and consequent orientation

of chain segments in the deformation direction. Kramer et al. (87) have shown that

in a glassy polymer the amorphous phase behaves like an entanglement network,

where the entanglement points act like permanent cross-links. Thus without chain

slippage or scission, the maximum draw ratio is given by,

L
\nax = y (5.1)

where le is the chain contour length between entanglement points and d the root-

mean-square end-to-end distance of the entanglement molecular weight. This

142



143

suggests that the amorphous phase behaves like a rubbery network on deformation
leading to ductility. On further deformation, crystals shear parallel to the chain axis.

The shearing leads to c-axis orientation parallel to stretching direction, as observed
on deformation of semicrystalline polymers.

A unifying explanation for high ductility requires reconciliation of the following

observations: Draw ratios higher than the Am, calculated for the amorphous phase
component may be attained on uniaxial stretching and hydrostatic deformation

(88-90). Kanamoto and Porter with others (91) have shown high ductility in single

crystal mats where there is no entanglement network and a small amorphous content.

The significance is the translation of chains through crystals, leading to high draw
ratios.

The origin of high ductility in the solid state, involving significant chain trans-

lation, may be facilitated by a an crystal-to-crystal transition: Where the transformed

phase formed due to deformation has ordered chain conformation, but the lateral

inter-chain packing is disordered or less dense compared to the parent crystal. In ei-

ther case, 'c-slip' in the transformed phase would require a smaller shear stress than

that of the parent crystal. Thus the consequent polymer deformation may require a

smaller force than if there was no crystal-to-crystal transition. Such a phase-

transition-induced ductility may occur in several synthetic polymers (as is discussed

in Chapter VI).

In this Chapter, the possibility that the molecular deformation of isotactic

polypropylene (i-PP) involves a crystal-to-crystal transition is tested. The

deformation-induced transition is a crystal-to-metastable 'smectic' phase (92). As

mentioned before in Chapter I, the crystal has a monoclinic unit cell and is the only

crystalline form present in the original sample. The metastable 'smectic'

polypropylene formed during deformation is a disordered structure, referred to here

as simply as a smectic phase. First the formation of smectic phase by biaxial defor-

mation in the solid state by a variety of techniques is characterized. Then a possible
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mechanism for the deformation induced phase transition is given. Next the analysis

of the static disorder process as a probe to understand the deformation mechanism
is discussed.

V-2 RESULTANDDISCUSSION

V-2a Threshold Deformation Temperature for Smectic Phase Formation: As shown
in Chapter IV, TDR = 60°C, (110) and (040) reflections along the z-axis (obtained

by scanning in the reflection mode shown in Fig. 21 for a = 0°) broaden and tend

to overlap (see Fig. 32). The apparent location of (040) moves to a lower angle due

to the broadening. This diffractometer scan along the z-axis suggests the formation

of smectic phase. Fig. 36 indicates that this broadening occurs at TDR < 70° C. In the

smectic phase, the lateral disorder between the interchain packing (also in 3/1 con-

formation) gives rise to only one broad interchain peak instead of three sharp peaks

for the crystal (see Fig. 6). Since the broad peak is located between the (110) and

(040) peaks, an apparent broadening is observed when the smectic phase is formed.

It should also be mentioned that the (110) and (040) reflection overlap cannot be

explained by broadening due to crystal size and defects, because this would not ex-

plain the shift of the (040) peak. Nakamura et. al, have also reported the formation

of smectic phase on hydrostatic uniaxial deformation (57). Moreover, the threshold

temperature of 70° C is consistent with the smectic-to-crystal transformation tem-

perature (28). This is an additional proof that the structural disorder is due to the

smectic phase formation.

An alternative way to observe the formation of smectic phase is by thermal

analysis. Fig. 37 shows a thermogram of a sample deformed at 60°C. The first

heating shows an exotherm corresponding to a smectic-to-crystal transition, as ob-

served by Fichera and Zannetti (93) for a smectic phase obtained by fast quenching.

The resemblance between the thermograms obtained for quenched i-PP and i-PP
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Figure 36: Intensity (I) versus 2-Theta (i.e. 20 B ) scan for i-PP drawn at 0.254

cm/ min. and temperatures indicated. The scans along the z-axis, corresponds to the

equator of Fig. 3b. The (110) and (040) peaks for TDR < 80°C are broad and over-

lap. The peak locations for (110) is shifted to higher angles and for (040) is moved

to lower angles. The two peaks are sharp (and at correct angle) for TDR > 70°C This

indicates a threshold temperature of 70° C for order-disorder transition.
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Figure 37: Normalized DSCthermogram (at 20 K/min. scan rate) for i-PP deformed

at 60°C to compression ratio of 12.4 (3.5 X 3.5) at a speed of 0.0254 cm/min. I-

Heating: The (correct) base line ( ) obtained by extrapolating

thermogram from 500 K shows an exotherm prior to the melting endotherm. An al-

ternative base line (showning the broad peak as endotherm) extrapolated from 470

K is not correct. (See text for further explanation). E-Heating: On subsequent slow

cooling ( 40 K/min.) from the melt state to 250 K and reheating, the exotherm does

not reappear.
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deformed at 60°Cinfers the presence of smectic phase on draw. The second heating
of the sample after slow cooling shows no exotherm, implying the consequent ab-
sence of smectic phase. Fig. 38 shows a series of first heating thermograms for i-PP

compression drawn at various TDR. The exotherm for the smectic-to-crystal transition

is not seen for samples drawn at TDR > 70°C. This is consistent with WAXSresult.

The first heating has two features that may be mentioned: (i) The heat of transition

is low because the major structural change is an interchain (lateral) rearrangement

in the crystal packing, (ii) The exotherm overlaps with the melting endotherm. For
quantitative measurement, the base line must be stable, and, the sample should be

scanned to sufficient temperature for a reasonable extrapolation. For example, if the

scan were to be only to 470 K, the exotherm might have been interpreted as an

endotherm (as shown in Fig. 37).

As obvious from the above, the formation of smectic phase should leave a

fingerprint in the load-displacement curve measured during deformation, since the

transformation is deformation induced. Interestingly, the ratio of yield stress in

compression and tension (measured independently and simultaneously) shows a

minimum close to

t dr = 70°C (Fig. 15a and 15b). The reason for this is not fully understood, but its

proximity to the smectic-to-crystal transition suggests its relation to the order -*

disorder phenomenon. The relation of compressive yield stress as a probe to measure

the production of the smectic phase will be discussed later.

The threshold temperature observed by DSC, WAXSand load-displacement

curve are consistent with earlier observations on the smectic phase formed by fast

quenching (28,93). In a detailed annealing study on a 100% smectic (i.e., no crystals

present), it was observed: The smectic phase is stable < 70 °C and anneals to crys-

talline phase > 70°C (28). Thus, the smectic-to-crystal transition is at TDR <

70°C. The slightly higher threshold temperature obtained in this experiment is at-

tributable to the hydrostatic pressure during deformation.
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Figure 38: Normalized DSCthermogram (at 20 K/min. scan rate) for i-PP deformed

at 0.254 cm/ min. compression speed and indicated draw temperatures. The absence

of an exotherm for i-PP deformed at TDR> 70°C indicates the threshold temperature

for the smectic phase formation.
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V-2b Relative Amount of Smectic Phase Formation on Deformation: The next ques-

tion is the relative amount of smectic phase formed and its orientation. The latter is

determined by WAXSand discussed in Chapter IV. The conclusion was that, the

smectic phase is oriented along the r - 6 plane. The amount of smectic phase may
be estimated from the exotherm observed by DSC. However, for two reasons it is

not possible to make an absolute determination: i) The exotherm and endotherm

overlap, therefore the total heat of smectic-to-crystal transition cannot be measured,

ii) The absolute heat for the smectic-to-crystal transition is not known. Nevertheless,

a relative measurement, to understand trends, may be possible by measuring the total

heat of transition from smectic, crystal and amorphous mixture to melt. If the

polymer contains x, y, and l-(x+y) fractions of smectic, crystal, and amorphous re-

spectively, the total heat of transition is given by,

Aif = (X + y) Atf V "
smectic (5.2)

where Aif °
w>ecrtc and Mf° XL are the heat of transitions for the smectic-to-crystal and

crystal-to-melt respectively. If no significant strain-induced crystallization is as-

sumed and the smectic phase forms from distortion in the crystalline phase, then, x

+ y = f, the percent ciystallinity of the undeformed polymer. The first assumption

holds well for i-PP (9). The second seems reasonable because if the smectic phase

were to form from the amorphous phase a concomitant increase in crystallinity at TDR

> 70°Cwould be observed. Thus, the above equation then becomes,

MJ=f±H 0
XL -xAH°

sniectic (5.3)

From the above equation, as x increase Ai7 will decreases. Fig. 39 shows a plot of Ai/

as a function of compression draw ratio. An increase in smectic phase formation is

observed as the process progresses.
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Figure 39: Total heat of transition (including both the melting endotherm and

exotherm shown in Fig. 38) as a function of compression ratio and draw temper-

ature. The compression speed for all the experiments was 0.254 cm/min.
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V-2c Model for Smectic Phase Production: Next a model to understand the forma-
tion of the smectic phase due to deformation is proposed. Consider a set of lamellae
at an angle y with respect to the compression axis (Fig. 40a). Choose an arbitrary

section of a lamella as shown by dotted lines in Fig. 40a to systematically model the

deformation process. A magnified view of the lamella is shown in the Fig. 40b. The
reentry of the chain is non-adjacent since the sample is prepared by quenching from
the melt state to high under cooling (94). Fig. 40c shows the shearing process of the

lamella due to uniaxial compression. The normal force, F acting on the lamella in-

duces a shear component r, along the chain direction. This causes a shear along the

two planes, P, and P2 . These planes are chosen arbitrarily, however, their location

may be determined by the influence of adjacent lamellae (for example, tie mole-

cules), defect distribution in the crystal, and variation in the lamella thickness. Dur-

ing the shearing process the lamellae tilt to lower y's to reduce the shear stress. Such

a tilt is common to metals also, and is the reason for a preferred crystal orientation

on deformation.

As noted above, crystal orientation tends to reduce the shear stress on the

crystal. Therefore for a given normal force, F, a critical angle,

y 0 , can be defined such that the shear component t = F- sin yjA < t q is required

for shear, where t q = F- sin yjA is the critical (minimum) stress to shear and A is

the area of crystal plane the force is acting on. Lamellae at angles,

Y < Yo = sw- 1 (At q/F) may shear due to increase in chain packing defects (causing

a reduction in t 0 ) and/ or further increase in F. A reduction in A may also decrease t,

to induce shearing. For crystals at very 'low y shear may not be a major process for

further orientation. A less energetic process may involve simple rotation of the

lamellae fragments (Fig. 40c). A force couple responsible to rotate the lamella

fragment may be generated for various reasons. The fragment may be pulled by ad-

jacent lamellae (via tie molecules or crystalline bridges) parallel to r —0plane (due

to the strain field) to induce the force couple. The compressive force acting on the
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Figure 40a: A typical lamella in a quenched melt, semicrystal- line, flexible chain

polymer. The lamella is at an angle, y with respect to the compression direction. The

lamellae formed have non-adjacent re-entry of the chains with occasional migration

to adjacent lamellae (tie molecules). The chains terminating with a dot (o) re-enter

a lamella in the not shown third dimension.



Figure 40a
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Figure 40b: A 1.6X magnification of the box area shown in Fig. 41a. The

compressive force, F is resolved in two components: a = F- cos y/A (the normal

stress) and a = F- sin y/A (the shear stress). A is the area of the crystal plane

((hkO)) the forces are acting on. Pj and P2 are the planes where the lamella can shear.

Note that the region between the shear planes is connected to adjacent lamellae by

tie molecules and knots (i.e., trapped entangled loops).
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Figure 40b
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Figure 40c: Simplified view of the lamella fragments during shear (along planes Pj

and P2 ). The fragments are subjected to normal and shear stresses (determined by

the tilt angle, y), and torque that tends to rotate the lamella fragments causing re-

duction of the shear stress. The morphological changes shown are chain slip and

lamella tilt. The unraveling of lamella and lateral chain packing disorder is shown in

the next sketch.
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fragmented lamellae system may tend to flatten the lamellae forcing the chains par-
allel tor-d plane. More specifically, the line of resultant compressive force acting
on the lamella fragment on the two sides of the lamalla are not coincident due to local

heterogeneity (see Fig. 40c), generating such a force couple.

Magnitude of the force couple acting on various lamallae fragments will differ

with the surroundings. Thus the extent of rotation will be unequal (as shown in Fig.

40d). The lamellae fragments tilted at y are further rotated to 7l , y 2 , and y3 respec-

tively, due to the force couple. Note that the central lamella fragment (in Fig. 40d)

connection to other fragments and adjacent lamellae is complex restricting (further)

rotation (if no chain scission occurs). This is similar to work hardening in metals,

where defects hinder each other to restrict further shearing and crystal rotation.

Consider the central lamella fragment in Fig. 40d. Two events may occur on

compression draw: (i) The high surface forces, compared to the small size of the

crystal fragment, may induce lateral disorder giving rise to a smectic phase in i-PP.

(ii) The lateral disorder (causing a decrease in t g ), and/or increase in F (causing an

increase in t), and/or pulling the chains in the lamella fragment via tie molecules,

may unravel the lamella by successively pulling out chains. The pulled out chains may

recrystallize to form the disordered phase (i.e., the smectic phase) because of large

under cooling.

Both the above possibilities are implied by the literature. The possibility (i) may

give rise to a so-called sub-melting transition as suggested by Aharoni (95). The ev-

idence for a sub-melting transition may be qualitatively argued as follows: Since the

crystallinity is only ~50%, half of the chain on average resides in the amorphous

phase. The molecular weight between entanglements for i-PP of ~5000 (96,97) is

well below the molecular weight of the polymer investigated, thus the amorphous

region may form a rubbery network with entanglement points as cross-link junctions.

The unperturbed radius of gyration between the entanglement points would be ~23
o oA (16) corresponding to end-to-end distance of ~56 A. If the completely stretched
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Figure 40d: The later stages of lamella shear, the shear planes tend to become per-

pendicular to the compression direction. The lamellae fragments orient perpendic-

ular to the compression direction. The chains close to the shear plane are pulled out.

The chain in the lamella fragment between the parent lamella (fragment) may be

highly disordered. Such an inter-chain packing disorder may arise due to surface en-

ergy effects and dynamic effects (i.e., pulling of the lamella chains via tie molecules).

The arrows on the tie molecules indicates the direction of stretching.
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chain forms a 3/1 helix (the conformation in the crystal), the estimated length of the
extended chain between the entanglement points would be -275 A (~5 times the
length of the unperturbed end-to-end distance). This suggests the network may be-
have like an ideal rubber for deformation up to ~3X (99). Thus for stretching up to

~2 X 2, the significant deformation will take place in the amorphous region where
the pseudo network (of functionality > 4) will dilate in the two draw direction. Since

parts of the polymer chains are in the crystal, some lamellae shearing is also expected.

However, the lamellae unravelling may not be so significant up to a draw of 2 X 2.

Thus the significant formation of smectic phase at low compression ratio (see Fig.

40) may be attributed to 'melting' process induced by surface forces rather than

recrystallization of unravelled lamella chains. The second proof for possibility (i) is

stated in Chapter IV, to explain the crystal texture on sample deformed at 60°C and

annealed at 140°C (see Fig. 34). On annealing i-PP (at 140°C) deformed at 60°C,

the smectic phase crystallizes on the shear plane (OkO). This observation suggest the

location of the smectic phase adjacent to the shear plane as shown in Fig. 40d. Hence

possibility (i) has an important role on deformation at low draw and smectic phase

formation.

The possibility (ii) opens many more options (as will be discussed in the next

Sub-section). For example, pulled out chains may recrystallize to a fibrillar crystal,

since the chains are stretched. The recrystallization process will correspond to the TDR

as the crystallization temperature. This concept resembles Flory's concept of quasi-

melting and recrystallization (100). The recrystallize d crystal for i-PP corresponding

to TDR < 70 °C is a smectic phase. Note that, since the conformation of the pulled

out chain is maintained, the process may more appropriately be called

' decry stallization' rather than quasi-melting.

The smectic phase formed (by melting of small lamella fragments or

recrystallization of pulled out chains) may have a significant effect on deformation.

The high lateral disorder makes the smectic phase more vulnerable (than the crystal)
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to further shear caused by the strain field and compressive force. Since the critical

shear stress required for the smectic phase is smaller than that for the crystal, i-PP
should exhibit ductility. (A proof is given later.). It may also be argued that, the in-

crease in ductility (which eases deformation) is a thermodynamic driving force for

the crystal-to-smectic transition. For example, in Fig. 40d, if the lamella fragment

in the center does not shear by transforming to a smectic phase, chain scission may
result (costing more energy) on further deformation.

V-2d Experimental Support for Order-Disorder Transition Model: Experimental evi-

dence that evaluates the characteristics of the model above are discussed next. The

model suggests:

i) Chain orientation parallel to r - 0 plane are due to c-slip.

ii) The smectic phase formed should be oriented parallel to the r - 0plane since, it

is formed either by melting of lamella fragment (see Fig. 40d) or recrystallization

of pulled out chains. In both events, the chain direction of the smectic phase will be

parallel tor —6 plane.

iii) The production of smectic phase should increase as deformation progresses.

iv) The possibility of decrystallization followed by recrystallization (corresponding

to TDR as the crystallization temperature) during the deformation process.

v) Ductility due to consequent deformation of the generated disordered phase.

The first two features are directly related to the c-slip mechanism common to

polymers. Evidence for chain orientation parallel to r —6 plane was discussed earlier

in Chapter IV. Orientation of the smectic phase is along the r —d plane, is consistent

with diffractograms shown in Fig. 32. A detailed analysis of this texture was dis-

cussed in Chapter IV. An increase in the content of the smectic phase with com-

pression ratio is shown by thermal analysis (see Fig. 39). The total heat of transition

for a quenched sample (which is only smectic and amorphous phase) is 16.1 cal/gm
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at scan rate identical to the measurements made in Fig. 39. Thus plateau at higher
compression ratio in Fig. 39 corresponds to high transformation from the crystal-

to-smectic phase. Further, since the plateau is independent of compression ratio, it

may be inferred that the smectic phase forms from the crystalline phase (since the

amount of amorphous phase is constant).

The last two characteristics of the model are discussed next. According to iv),

the decrystallization -» crystallization process must lead to 'defective crystals' for

TDR much below the melting temperature (because of high under cooling (T m
° -

TDR), where, Tm° is the melting temperature). Therefore the crystals so-formed must
have the same thermal characteristics related to the under-cooling AT = T ° - T
On annealing below the nominal melting point, Tm and above TDR, these 'defective

crystals' (smectic phase for TDR < 70°C) must transform to a more stable crystals

melting at higher temperature (corresponding to the annealing temperature). Fig. 41

shows four thermograms for i-PP compressed at various draw temperatures and all

annealed at TDR = 110°C. The location of the small endotherm before the main

melting endotherm is found to be independent of draw temperature, compression

ratio, and compression speed. This endotherm thus only depends on the annealing

temperature (Fig. 42). On annealing the undeformed sample at various temperatures,

no sharp peak is observed (Fig. 43). This indicates that the small endotherm corre-

sponds to the annealed 'defective crystal' suggested by the model (iv)).

The hydrostatic pressure involved in the compression experiment is > 10 9 Pa.

(6). This will significantly elevate the 'melting' temperature of the smectic phase.

This 'stabilization' of the smectic phase, due to hydrostatic pressure, indicates that

the threshold draw temperature must be higher than the transformation temperature

quoted for the smectic-to-crystal transition at atmospheric pressure (28,93). This

explains the marginally higher threshold draw temperature of 70° C as compared to

the transformation temperatures reported as 60-70°C (28,93).
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Figure 41: Effect of annealing (at 110°C for 120 rnin.) on i-PP compressed at a

speed of 0.254 cm/ min. The normalized DSC thermograms are obtained at a scan

rate of 20 K/min. Note, the small endjtherm is invariant at 398 K for TDR <

110°C.
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Figure 41
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Figure 42: Normalized DSCthermogram (20 K/min. scan rate) for i-PP compressed

at 90°C (compression speed of 0.254 cm/min.), and annealed at the indicated tem-

peratures. Note, the small exotherm increases to higher temperatures as the

annealing temperature is increasesed.
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Figure 43: Effect of annealing on undeformed, melt quenched i-PP at indicated

temperatures. The normalized DSCwas measured at 20 K/min. scan rate and the

annealing time was 120 min.
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The feature v) of the model implies that the (activation) energy to deform
should be lower at TDR < 70°C than for TDR > 70°C. This may be evaluated by an
Arhenius plot of \og(a e) vs l/T DR(Fig. 44a). Where, oc is the compressive yield stress

measured during deformation (see Chapter IE) is related to the work required to

shear the crystals. Fig. 44a shows a discontinuity in slope, viz activation energy.

However, the threshold temperature, T0 is ~90°C, ~20°C above the expected tem-
perature. Performing a similar experiment at compression speed a decade higher (Fig.

44b), the transition temperature does increase. This implies that the smectic phase
does form at temperature higher than 70°C, but reverts back to the crystalline phase,

because the phase is stable only at temperatures < 70°C. Therefore at higher com-
pression speeds and pressures, the smectic phase is sufficiently stable to aid defor-

mation

The ductility of i-PP is enhanced by smectic phase formation on deformation.

Thus solid-state drawing process may be optimized by maximizing the smectic phase

production during deformation. The smectic phase stability requires TDR < 70 °C.

However, as the TDR is decreased, chain mobility is reduced, leading to a lower

drawability. Fig. 45 shows the feasibility for a TDR as high as 1 10°C for compression

speed of 0.254 cm/ min. The advantage of the order-disorder induced ductility to

optimize the deformation process of i-PP is discussed in Chapter VI.

V-3 DEFORMATION INDUCEDORDER-DISORDER

TRANSITION IN SEMICR YSTALLINE POLYMERS

The study on i-PP (discussed in Chapter IV and V) demonstrate that deforma-

tion induced transition facilitates the deformation process and improves the crystal

texture. Thus, a generalization of such process (if possible) to other polymer is im-

portant. Below are examples of common synthetic polymers where a deformation

induced crystal-crystal transition occurs. All the examples from the literature are
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Figure 44: log(<r
c ) versus 1/T DR for compression speeds: (a) 0.0254 cm/min., and

(b) 0.254 cm/min. The critical temperature increases by ~30°C for a 10-fold in-

crease in the compression speed.
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based on studies performed on uniaxial deformation. The arguments given, however
may be extended to other strain fields, because on a local scale the crystal deforma-
tion mvolves shearing (governed by the slip systems).

Morphological studies convincingly demonstrate that shearing of crystals on
deformation, followed by the pulling out of chains from crystals, is the origin of
fibrillation as suggested by Peterlin (8,101). Several electron microscopy and x-ray
studies on deformation of semicrystalline polymers support Peterlin's morphological
model for transformation (102-114,71). Review's on deformation on single crystal

show electron microscopy results that support the mechanism of lameUar-to-fibrillar

transformation by shearing along the chain axis (115,116). In a careful electron

microscopy study, Adam's and with others (113,114) have observed the lamellar-

to-fibrillar transformation at various stages of deformation, using a new method to

form thin films of ultra-high uniaxial orientation (117). Their results demonstrate
that the crystalline lamella break (by lamella tilt and crystal shearing) into smaller

blocks: These lamellar fragments connect to give a so-called 'string of pearls' struc-

ture (107). The connected chains (i.e., the 'string') may be referred to as crystalline

bridges, as can arise from pulled out chains or taut tie molecules. The latter are chain

segments connecting two lamellae in the undeformed polymer (118,119). The
bridges form when a single polymer molecule crystallizes on more than one nuclei

during the crystallization. Thus, the lameUar-to-fibrillar transformation on drawing

by unraveling of lamellar crystals (due to chain pull out) is consistent with many
morphological studies.

V-3a Deformation Induced Structural Changes in Semicrystalline Polymers: Classi-

fication and Mechanism: As evident from the prior morphological studies, the events

related to the pull out of chains and tie molecules are central to the understanding

of morphological changes on deformation and likely also affect the molecular draw

efficiency. (The draw efficiency is related to chain extension and the amount of
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crystal orientation induced along the draw direction for a given initial state and draw
ratio.). These conformational^ ordered and extended 'lock of chains' (that are

pulled out due to lamellar shearing) may behave in the following alternate ways:

i) The chains may lose their ordered conformation, become amorphous, leading to a

decrease in c^stallinity.

ii) The chains may recrystallize back into the same crystal structure prior to defor-

mation. The resultant crystal will have a fibrillar morphology, due to chain extension

caused by strain. The crystallinity in this case could remain constant, but crystal

morphology is changed.

iii) The chains may recrystallize (as in ii)) and also act as nuclei for the surrounding

strained and oriented amorphous chains. In this category, deformation will increase

crystallinity.

iv) The chains may recrystallize in a different unit cell with same chain conformation

as the parent crystal.

v) The stretching induced by deformation may extend the chains to a more elongated

conformation. This step, followed by recrystallization, will lead to a new crystal

structure with (possibly) a different unit cell. The stability of the deformation-

induced crystal may depend on the presence of stress field either imposed or residual

in the morphology.

vi) The features designated as crystal bridges and tie molecules may change the chain

conformation of the chains within the crystal. This strain-induced conformational

change in the chain may grow in the crystal leading to a 'cooperative phase

transition' (120,121).

V-3b Deformation Induced Structural Changes in Semicrystalline Polymers:

Examples: Next, examples for each of the above mentioned categories are given and

the validity of the conjecture is evaluated:
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First consider category (i). Semicrystalline (-50%), polyethylene
terapthalate) (PET) drawn up to 45 °C above its glass transition temperature (T.)
shows a decrease in crystallinity, measured by a decrease in density (122). Due to
the high crystallinity (-50%), the undrawn PET (in the above cited study) does not
show a cold crystallization as measured by DSC. However, drawn PET reveals a cold
crystallization exotherm (122). This observation may be attributed to the

'decrystallization' of the parent crystal by shearing. Furthermore, the

recrystallization of the pulled out chains during deformation is inhibited due to low
mobility near the

T
g .

In a separate study on deformation of amorphous PET, a decrease in cold

crystallization exotherm on deformation has been reported (123). The correspond-

ing melting endotherm for the deformed and undeformed PET was the same. This

indicates that deformation induces an ordered conformation by extending chains,

resulting in a lower heat of crystallization (calculated from the cold crystallization

exotherm). Deformation of poly(ether-ether-ketone) (PEEK) is another example

for category (i). Semicrystalline (-25%), PEEKdrawn ~10°Cabove its T shows a

decrease in crystallinity, measured by a decrease in density (124).

Category (ii) and (iii) are probably the most often reported deformation be-

havior for flexible chain polymers. The lameUar-to-fibriUar transformation by

recrystallization of pulled out chain has been experimentally shown for drawn

polyethylene (PE) (103-105,109,110,114), isotactic-polystyrene (110,125), i-PP

(106,111,126), polyoxymethylene (127-129), poly(l-butene) (117,130), i-

poly(metyl methacrylate) (125) using electron microscopy, WAXS, and SAXS.

Categories (ii) and (iii) can be discriminated by measuring the change in crystallinity

on deformation. For example from density measurement, PE drawn at (60°C) (131)

belongs to category (ii), and i-PP drawn at 135 °C (9) falls in category (iii).

There is similarity between Flory's concept of quasi-melting and

recrystallization (100), and the concept stated for categories (ii) and (iii). Since the
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conformation of the pulled-out chain is maintained, the process thus may be more
appropriately called ' decry sulfation' rather than quasi-melting.

Thermodynamically the 'decrystallization' process should be first order transition.

However, the process would be difficult to observe for kinetic reasons, i.e., the

decrystallization' is superposed on crystallization.

The ductility on deformation in category (i) to (iii) may be explained as follows.

If polymer (in category (ii) or (iii)) is deformed well below the melting point, but

above T
g ,

the recrystallized crystal formed from the decrystallized chains (i.e.

pulled-out chains) will have high under-cooling (= T0
- TDR). Where, T0 and TDRare

equilibrium melting and draw temperature respectively. Since the under-cooling is

high, the lateral order of the recrystallized chains will be lower than that of the parent

crystal, hence referred to as 'defective crystal'. Thus on subsequent deformation the

'defective crystals' will shear rather than the parent crystals leading to increased

ductility. In category (i) the pulled-out chains are disordered in both lateral packing

and along the chain direction (i.e., disorder in chain conformation). This may be

more appropriately referred as an oriented (or 'ordered') amorphous phase. The role

of 'ordered' amorphous phase may be the same as the 'defective crystals'.

Next consider category (iv). i-PP drawn 100°C below its melting point is in this

category. When i-PP is deformed below 70°C, the crystals transform to metastable

smectic phase as shown in Chapter V. The smectic phase forms by the

'recrystallization' of the pulled-out chains and is easier to shear than the parent

crystal. Hence the smectic phase will have similar effect (of increasing the ductility)

as the 'defective crystal'.

Polyallene (PA) transform from modification -I to -1H on deformation at room

temperature (132). Modification -EI differs from modification -I in lateral packing

of the 2/1 helix chains. Similar to i-PP, modification -HI has highly disordered

interchain packing, and transforms to modification -I on annealing. Nylon-3 and
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poly[3,3-bis(chloromethyl) oxacyclobutane] (PCCB) are other examples (see Table

5.1).

Another way to introduce defects in crystal chain packing, and hence to increase

the chain drawability is by reversible plasticization. Hoe and Porter have shown a

significant increase in drawability (from 3X to -7.5X) by disrupting the hydrogen

bonds in the crystals forming an Iodine-Nylon-6 complex (133). The Iodine is re-

movable after deformation (without disrupting the chain orientation) to form ori-

ented a- or y- crystals depending on the titration condition (134). Other technique

utilizing reversible plasticization in Nylons used NH3 ( 135). The extent of drawinthe

latter technique is limited because NH3 does not enter the crystal.

The structural event mentioned in category (v) and (vi) involves a change in

both chain conformation and crystal structure. A distinction between the two cate-

gories would involve a detailed investigation utilizing techniques to obtain on-line

structural changes during deformation. Here (without the distinction) a few exam-

ples where a deformation-driven chain conformation transition has been observed

are quoted. Poly(vinyledine floride) (PVF 2 ) on deformation exhibits pieazoelectric

properties. This is attributed to a-crystal (non-polar) j3-crystal (polar) phase

transition caused by deformation (136). The corresponding change in chain confor-

mation is TGTGto planar zigzag. The resultant chain conformation is thus more

extended, and, has lower cross-section. This likely makes the chains easier to trans-

late parallel to each other. A reversible change from 7/2 helix to planar zigzag con-

formation is observed on stretching poly(ethylene oxide) (PEO) (137).

Trans- 1 ,4-Polyisoprene (t-PI) transforms from a-crystal with CTS trans - CTS trans

chain conformation to ^-crystal with STS trans chain conformation on stretching

(138). The 3/1 helix chain conformation of syndiotactic-PP (s-PP) transforms to

planar zigzag chain conformation on stretching (139,140). The mechanism for a *

ft crystal phase transition (with corresponding chain conformation change) in

poly(butylene terephthalate) (PBT) (141) may occur via cooperativity (142) (an
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example for category-(vi)). Other example for categories (v) and (vi) are,

poly-l-butene (PB-1), Nylon-6, Nylon-8, Poly(ethlene oxybenzoate) (FEB),'

polyoxacyclobutane (PCB), poly-l,3-dioxolane (PD), poly(3,3-dimthy'l

oxacyclobutane) (PMCB), and isotacticpoly^-metyl-^propiolactone) (PMPL) (as

given in Table 5.1).

In all the examples cited for categories (v) and (vi), note that the deformation
extends the chain along the draw direction and molecular axis (Table 5.1). Thus, the

cross-sectional area of the transformed conformation is lower than that of the ori-

ginal conformation. This suggests that the recrystallized structure may be easier to

shear. A conclusion similar to the polymers in category (iv). Such a transformation

induced ductility (in categories (iv) to (vi)) has a sirnilarity to Aharoni's suggestion

of sub-melting transition during deformation (95).

Crystal-crystal transitions on deformation of semicrystalline polymers may not

be limited to the mechanisms described above. PE deformed at room temperature

shows evidence for crystal-crystal transition (143). In PE the sheared planar-zigzag

chains in a stable 2/ 1 helix conformation from an orthorhombic crystal, transforms

into a metastable monoclinic crystal form (instead of the orthorhombic unit cell)

(144). Kanamoto et al., have shown the formation of a monoclinic PE phase at TDR

= 130°C in studies on uniaxial deformation of single crystal mats (145). The

monoclinic phase (trapped by strain) suggests that the deformation process may un-

dergo an order to disorder transition at temperatures closer to the melting point. The

mechanism for orthorhombic to monoclinic crystal transformation in PE is a

martensitic transition (146). Such a transformation involves a more localized shear-

ing process (compared to complete shearing of lamella) along

<hkO > rather than <00/ > direction. The (new) lattice formed (due to the spe-

cific <hkO > crystallographic slip) in twinned orientation may have a different unit

cell. Although, the martensitic transition differs from the mechanism (iv), the nature
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of structural changes are similar (i.e., chain conformation is invariant, but the inter-
chain packing differs).

There are many examples in the literature (than cited) of a deformation-induced
phase transition (43). It has not been are intend to review deformation-induced
phase transitions, but to point out the possibility of ductility promoted by such a
transition.

• The ductility in semicrystalline polymers belonging to categories (i) to (iii) may
be induced by forming an 'ordered' amorphous phase or 'defective crystals'

during deformation. The amount of transformed 'phase' and the extent of dis-

order in these phase may increase with decreasing draw temperature and with

increasing strain rate.

• In categories (iv) the ductility is induced by the formation of disordered phase.

The disordered phase is more ductile because of looser chain packing.

• The ductility in (v) and (vi) category polymers is induced by the formation of

crystals with more extended conformation than the original conformation. Thus

the transformed crystals are easier to shear because of smaller chain cross-

section.

High draw can only be obtained by chain slip in crystal. Thus by increasing the

amount of 'defective crystals' or transformed crystals the drawing process can be

carried out with greater ease and to a possibly larger chain extension (for a given

initial morphology). Therefore, studies to quantify the production, structure and,

orientation of such deformation induced phase transformation with respect to proc-

ess condition (i.e., draw temperature, strain rates, draw ratio, and hydrostatic pres-

sure) may be useful to optimize the process for producing enhanced properties via

morphology development on draw of semicrystalline polymer.
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V-4 CONCLUSION

Following are the conclusion of the study in Chapter V:

1. The deformation of i-PP in solid state takes place via decry stallization-

recrystallization process. The pulled-out conformational^ ordered chains (i.e.,

decrystallization process), recrystaUize corresponding to under-cooline AT = T ° -

2. An order-disorder transition is observed for i-PP deformation < 70°C. The dis-

ordered phase referred to as the smectic phases, is characterized by WAXS, DSC,
and yield stress measurement.

3. The smectic phase can form by two processes:

• The small lamella fragments between shear planes can disorder due to high sur-

face to volume ratio. If the temperature is well below the melting point, only

lateral chain packing disorder will occur with significance, leading to smectic

phase.

• Recrystallization of pulled out chains (in conclusion-1) at compression draw

temperature below a threshold temperature, TQ. Eventhough, the smectic phase

transforms to crystal at temperatures above 70 °C, the deformation undergoes a

crystal-to-smectic phase transition at TDR well above 70°C. For example, the

smectic phase forms for TDR < T0 = 120°C at compression speed of 0.254

cm/ min.

4. The threshold temperature, T0 increases by ~20°C for a compression speed in-

crease from 0.0254 to 0.254 cm/min. This rate dependence implies a slow kinetics

for disorder-to-order phase transition.

5. The deformation induced order-disorder transition causes ductility.

6. The phenomena of ductility induced by crystal-to-crystal transition may be appli-

cable to other semicrystalline polymers (as stated in Table 5.1).



CHAPTER.VI

CONCLUSIONANDSUMMARYOFTHEDISSERTATION

In this Chapter the deformation mechanism of i-PP is stated. The proposed

mechanism explains the order-disorder transition and the crystal texture develop-

ment on equibiaxial deformation. Crystal textures in semicrystalline polymers on

equibiaxial deformation are defined. Based on the nature of these textures a criterion

is stated to choose appropriate semicrystalline polymers that would be suitable for

applications involving equibiaxial deformation processes. Lastly, a mechanism for

deformation-induced ductility, general to semicrystalline polymers is stated.

VI-1 DEFORMATION MECHANISMOFi-PP

VI-la Deformation Sequence: The following events occur during the deformation

of i-PP:

• (a) The crystals shear along the chain axis, <00/ > in the (MO)plane. B
• (b) The lamella fragments between the shear planes (as schematically shown in

Fig.-40d) and the pulled out chains, 'melt' due to surface forces and recrystallize

respectively, to produce the smectic phase. The smectic phase can participate in

the deformation process in three different ways depending on the process con-

ditions; (i) TDR < 70°C, (ii) 70°C > TDR < T0 ,
(iii) TDR > T0 . Each case is

considered separately.

Case-i:

The smectic phase produced in step (b) is stable.

188
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• (c) On consequent deformation, the smectic phase deforms and orients parallel

to the draw plane. Since the latter requires less shear stress, the polymer is more
ductile.

• (d) Parallel to the shearing of the produced smectic phase, more lamella shear

(when the shear stress is above the threshold shear stress) to produce smectic

phase. Thus, the amount of smectic phase increases with draw.

Case-ii:

The smectic phase is not stable, but the time for transforming the smectic-to-crystal

is longer then the rate of the process.

• (e) On further deformation (after step (b)), the smectic phase deforms inducing

ductility similar to that in step (c).

• (f) Along with the shearing of the smectic phase, there is a concomitant

smectic-to-crystal transformation.

Thus, three concurrent processes occur: The production of smectic phase by

shearing of crystals. The deformation of smectic phase produced by crystal shearing.

The transformation of smectic-to-crystal. It is obvious that the three processes are

inter-related by the kinetics of the deformation (i.e., strain rate). At a faster rate the

relative formation to transformation of smectic phase will be higher. At slow rates

(or higher deformation temperature), the smectic phase will transform to crystal be-

fore participating in the deformation (i.e., shearing).

Case-iii:

The smectic phase formed (in step (b)) transforms immediately to the crystal. In

other words, essentially no smectic is produced. Thus, the deformation does not oc-

cur via order-disorder transition.

• (g) The deformation follows the mechanism described by Peterlin et al.,

(8,101,159).
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In summation, the deformation of i-PP involves two activated processes (see
Fig. 45): (i) crystal smectic (deformation induced transition), and (ii) smectic
crystal (thermodynamic transition). Process-(i) involves decrystallization followed
by recrystallization. Process-(ii) is mainly a two-dimensional ordering of 3/1 helices
from 2-D liquid-like packing to ordered packing. Since, process-(i) goes through a
higher disordered state (i.e., the pulled out chains from the crystal) than process-(ii)

(where the high energy state is due to 2-D defects), the former process has larger

activation energy as shown in Fig. 45. Thus, the decrystallization process is the rate

detennining step in the solid state deformation of i-PP.

Vl-lb The Texture Development: The double texture produced on uniaxially defor-

mation are explained

as follows:

• The Planar texture is developed because the slip plane (QfcO) is unable to tilt

parallel to the draw plane (as shown in Fig. 30). This is due to lack of additional

slip direction in (OkO) plane and/or the compressive stress along the z-axis is not

adequate to rotate the plane. Thus the Planar texture may be called a

'frustrated' orientation state.

• When the compressive stresses become higher and the adjacent lamellae do not

hinder rotation, the slip plane (OkO) orients parallel to the draw plane. This gives

rise to the Fiber texture. Thus the Fiber texture is the more desired state.

The slip plane (OkO) can be further specified: In the crystal structure of i-PP,

the 3/1 helices aggregate (in crystallographic registry) to form doublets. The

doublets are a pair of two chain with the 'triangles' facing each other (see Fig. 5).

The inter-chain van der Waals interaction between the doublet is the highest.

Therefore, the shear in the plane that break the doublet may be less likely. Since

theses doublets are b/2 units apart along the b-axis, the shear plane should be (020).
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Figure 45: Solid state deformation of i-PP is described as a double activated process.

Process-(i) is crystal •* smectic ( decry stalization), and process-(ii) is smectic -*>

crystal (2-D cry stalization). The former process controls the deformation kinetics,

since it has a higher activation energy (see text for the reason).
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Deformation Mechanism of

Isotactic Polypropylene

pulled out chains
from lamellae

STATE

Figure 45
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VI-2 OPTIMUMDEFORMATION CONDITIONFOR, PP

As mentioned above, and discussed in Chapters IV and V, the order-disorder
transition, induces ductility and increases the (desired) Fiber texture content (see
Fig. 34 and 44). Thus, the following processing conditions for deforming i-PP in solid
state is proposed:

• The strain rate should be as high as possible, with an upper limit of 1/r, (to
avoid chain scission). Where, t. is a characteristic relaxation time of' the
entanglement network.

• TDR < T0 ,
where Tc is the threshold temperature (depending on the strain rate)

as defined in Fig. 44.

• Hydrostatic pressure increases the stability of the smectic phase, hence im-
proves the drawability.

To demonstrate the effect of the order disorder phenomenon on draw, two
samples prepared in the following manner are compared: Sample-1 deformed at 60°C
at a compression speed of 0.254 cm/min and CR = 10.53, and subsequently

annealed at 140°C. Sample-2 deformed at 140°C at the same speed and comparable

CRof 12.15. It is obvious that the deformation results in an order-to-disorder tran-

sition for sample-1. No smectic phase is produced during the deformation of

sample-2 (see Fig. 46b). The orientation distribution of the crystals using WAXSis

measured, as described in Chapter-IV. Fig. 46a and 46b show the respective pole

density distribution for (040) and (110) poles. The maxima at a = 72.5° and 0° (as

calculated in Table 4.1) correspond to Fiber and Planar textures respectively (as

described in Chapter IV)

From Fig. 46a the pole density distribution for sample-1 is sharper then

sample-2. Although the difference is small around the maximum (close to a = 0°),

the population density for sample-1 is approximately zero away from the peak. This

implies that a larger fraction of crystals are oriented within 25° from the maxima in
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sample-1 than sample-2. The difference in the orientation distribution is more evi-
dent in Fig. 46b. The peak for the Fiber texture for sample-1 is sharper and higher
than for sample-2, implying better orientation for sample-1. Thus the Order-
Disorder transition enhances the orientation process.

VI-3 EOUIB1AXIAL ORIENTABILITY: DEFINITION AND
CRITERIA

The chain orientation in biaxial deformation field can be defined as follows: In

uniaxial deformation, the chains orient with respect to an axis defined by the draw
direction. In biaxial deformation the chain orients with respect to a plane, defined

by the two draw directions. Thus uniaxial compression gives the Fibrillar morphology

and equibiaxial deformation gives the Planar morphology. (Note that, the Planar

morphology does not necessarily imply Planar texture. The Fiber texture referred to

in Chapter IV is also Planar morphology since the chain axis is parallel to a plane).

The major slip in semicrystalline polymers is along the chain direction. The ideal

crystal texture for uniaxial extension is: The slip direction, i.e., the chain axis orients

in the draw direction and the normal of the slip plane is randomly oriented around

the draw axis. The ideal crystal texture for equibiaxial deformation is: The major slip

plane containing the chain axis (the major slip direction) will orient parallel to the

draw plane. The chain axis is randomly oriented in the draw plane. A biased orien-

tation along any axis in the draw plan would imply non-equibiaxial deformation, but

the slip plane will still tend to orient parallel to the draw plane.

Based on the ideal texture expected, a criterion to select semicrystalline

polymers for applications involving biaxial deformation processing is stated below.

The commonly found slip systems in semicrystalline polymers arranged in the order

of preference for orientation under biaxial deformation are:
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Figure 46: Sample-1 is compressed at 60°C to a ratio of 10.5 and subsequently

annealed at 140°C for 120 min. Sample-2 was compressed at 140°C to a draw ratio

of 12.1. The compression speed is 0.254 cm/min. for both the samples, (a) (040)

and (b) (110), normalized pole density distribution for sample-1 (o) and sample-2

(0), respectively.
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one
(a) One major slip plane and one major slip direction (along the chain axis), and
minor slip direction in the major slip plane (preferably perpendicular to the chain
axis). Thus two slip systems.

(b) One major slip plane and slip direction (along the chain axis). Thus one major
slip system.

(c) One major slip direction (along the chain axis) and one major slip plane, and one
or more minor slip planes (parallel to chain axis). Thus two or more slip system. This

is also called pencil shear (61).

As shown in Fig. 30, the orientation of the slip plane parallel to the draw plane

will be facilitated if a companion slip in the plane and perpendicular to the major slip

direction is available. Thus category (a) is most appropriate. The texture expected

would be a Fiber texture. Hexagonally packed polymer such as POMand PTFE are

examples of this category (42-44). In category (b), some Planar texture, due to

frustrated orientation (described above for i-PP) will occur. Thus a double texture

will be observed. Nylons with strong hydrogen bonding is an example of this cate-

gory. The slip plane for nylons will be the plane containing the hydrogen bonding.

PET (may be another example of category (b)) due to the lathe like shape, chains

will shear along the plane parallel to the benzene ring. The pencil slip in category (c)

would lead to only Planar texture on biaxial deformation. An example to this cate-

gory is PE.

The two test to determine the polymers of choice on the basis of the above cri-

teria are:

• Simple, uniaxial stretching (with no hydrostatic pressure), of a thin strip of the

polymer.

The polymer in category (a) and (b) will show single crystal texture, where, the

chain axis is oriented in the draw direction and the major slip plane is parallel to
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the sheet surface. The polymers belonging to category (c) will exhibit fiber
symmetry, where, the chains are oriented in the stretching direction.

• Uniaxial compression of the polymer as described in Chapter II.

The polymers in category (a) will posses Fiber texture. A double texture (i.e.,

Planar and Fiber texture) will be observed in polymers belonging to category
(b). Only Planar texture will be observed for category (c).

Thus by simple test the biaxial orientability of a semicrystalline polymer can be
determined.

VI-4 DEFORMATION INDUCEDDUCTILIT YIN SEMICR YS-
TALLINE POLYMERS

The unravelling of lamellar crystals by deformation, without chain rupture, can

lead to the development of ever more perfect morphologies and of high extension.

One way to facilitate the lamellar shear, and hence increase the ductility, is by in-

creasing the amount of deformation induced 'defective crystals' or transformed

crystal (as discussed in Section V-4 for six categories). The improvement in crystal

orientation due such a deformation-induced-transformation is shown for i-PP (see

Chapter V). Furthermore, from Table 5.1 it is evident that this deformation-induced

ductility may occur in several semicrystalline polymers. Thus the mechanisms for the

above mentioned structural changes (on deformation) are of keen interest. Based on

the classification given in Section V-4, the possibility of ductility promoted by de-

formation induced structural change is summarized as follows:

• The ductility in semicrystalline polymers belonging to categories (i) to (iii) is

induced by forming an 'ordered' amorphous phase or 'defective crystals' during

deformation. The amount of transformed 'phase' and the extent of disorder in
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these phase may increase with decreasing draw temperature and with increasing

strain rate.

• In categories (iv) the ductility is induced by the formation of a disordered phase.

The disordered phase is more ductile because of looser chain packing.

• The ductility in (v) and (vi) category polymers is induced by the formation of

crystals with more extended conformation than the original conformation. Thus
the transformed crystals are easier to shear because of smaller chain cross-

section.

As stated earlier: High draw can only be obtained by chain slip in crystal (i.e.,

c-slip mechanism). Thus by increasing the amount of 'defective crystals' or trans-

formed crystals the drawing process can be carried out with greater ease and to a

possibly larger chain extension (for a given initial morphology). Therefore, studies

to quantify the production, structure, and orientation of such deformation induced

phase transformation with respect to process condition (i.e., draw temperature, strain

rates, draw ratio, and hydrostatic pressure) may be useful to optimize the process for

producing enhanced properties via morphology development on draw of semicrys-

talline polymer.



CHAPTER-VII

FUTUREWORK

From the above described study on i-PP, the author has some suggestions that

may be helpful to; (i) further understand the deformation process of semicrystalline

polymers; and (ii) tailor various morphology by more complex deformation fields

• Constant strain rate compression by programming the compression speed, W.

The constant strain experiment would be useful to improve the accuracy of yield

stress measurement, since both a c and a,depend on e. It would also be useful to

compare the deformation kinetics more precisely. The compression speed, W
may be programmed according to equation (3.3), to simulate constant e defor-

mation process.

• Pole figure inversion using integral equation (4.4).

In i-PP, the calculation of orientation distribution of the unique axes (c-axis and

b-axis) as a function of compression ratio would reveal precise information on

the slip movements in the crystal leading to the measured crystal texture. This

approach can be generalized to other semicrystalline polymers.

• Test of biaxial orientablity criteria.

The criteria is suggested in Chapter VI. The polymers that may be interesting to

try would be, Nylons (a unique slip plane, i.e., the hydrogen bonded plane), PET

(lathe like molecule), and HDPE.
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Test of deformation induced order-disorder transition to improve orientation
efficiency to other polymers.

The other semicrystalline polymers may be chosen from Table 5.1. The study
may be similar to Chapter V.



APPENDIX.

A

EQUIVALENCEOFMODIFIED GUEST-TRESCA
VONMISES YIELD CRITERIA

For uniaxial tension:

°\ —<*» a2 = a 3 = 0

Then,

Thus, by equation (3.7),

For uniaxial compression

°\ = -o c > o 2 = o2 —0

Then,

PH = -

ST
7oct = —7T-

°t = To + Mo ~Y
ST , ,

°
tT ,

= T °
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Ph = -
m

2

_Toct
~—<T.

Thus, equation (3.7) gives

~Y
= r o- »o~y

yfl , , ac
(4.2)

Solving for various constants in equations (A.l) and (A.2), one obtains

To =
(Pt + * c)

(4.3)

° v 2 ; (0t+ o c)

f _ ( 2
ST \ (Wc)

° V 3 / (° t + ° c)

Thus, for modified Guest-Tresca (equation (3.6a) and (3.7a)) criterion, equation

(A.3) leads to

/ ^ ~ ( a
t
ac) ( a

t
—<?c )(c+p) = 2 + C-{2o-p) (A.5)

(a
t + ac) (<j, + a

c)

For modified von Mises criterion (equations (3.6b) and (3.7b)), equation (A.4)

leads to
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Note, equations (A.5) and (A.6) are identical.



APPENDIX-B

LIMITS OFFRICTION COEFFICIENT

For r* to be defined by equation (3.17)

2mx + 777^- >0
>

v * € <-i.o]

Since, x = (l-2k)/(l+k),

-3k
*

=
2d - m •

Vr>0 t*.i>

Equation (B.l) defines the intermediate friction coefficient range for both friction

and stiction conditions to prevail.

However, if p < -1.5k/(l-2k)
, equation (3.15) gives

W<-^ ^-expi
2^~ r)

1
2(1 -2k) (1+k)

eXP
{ A ]

By expressing for exp[2/x X ( JR - r)/h] in terms of (2a - />)(using equations (3.15)

and (3.16)) and rearranging,

W< —
I (2a —p) —2

(I -2k)

After further addition and subtraction of a0 /2 on the left-hand side, the above ex

pression becomes,
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MPS
^ g -

J ' )+g o.__fo_
2 2(1 - 2k)

By equation (3.13),

*0

2(1 - 2A)

Therefore, jip is always less than r m. Thus, r* does not exist and r w - ^ V r € [0^]
Therefore, when

M <
2(1-2*)

(52)
r* < 0

From the above expression, equation (B.2), a lower limit of the friction coefficient

can be calculated as /t^ - -1.5k/(l-2k). WhenM < ^ there is no shear at the walls.

The upper limit on p may be defined at /t > Minax , when r* > R. Thus, the entire

area (0 < r < R) experiences shear at the walls. Thus, by equation (3.17),

Mmax= 0.5 (B.3)



APPENDIX-C

SIGN OFHYDROSTATICPRESSURE

The hydrostatic pressure for uniaxial compression is given by

A = (2a - p)/3 (see above equation (3.6)). Thus,

3
jgA d(2a-p) do__dp_

dr dr dr ~~dr~

Substituting for da/dr from the general force balance, equation (3.4), one obtains,

dr dr ~ h ~~dr ^ CA^

r w is positive as shown in Fig. 12b. From equation (3.15) and (3.19), p decreases

as r increases, thus dp/dr is negative. Therefore, equation (C.l) implies,

dph d{2a -p)
3

~dr~
=

Jr "° («)

The derivative in equation (C.2) is zero when M = 0. This implies that, when the

plunger surfaces are frictionless the hydrostatic pressure is uniform. Furthermore,

by equation (3.5), at r = R,

(2a - p) = -p < 0. Thus, by equation (C.2), (2a - p) is always negative implying

a 'positive' hydrostatic pressure.
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APPENDIX-D

AZIMUTHALANGLESOF (hkl) REFLECTIONFORFIBER

TEXTUREAND

ANGLEBETWEENR(hkl) ANDa- ORc- AXIS

Fig. 47 shows an Ewald construction for crystal orientation with fiber symmetry
around the z-axis, the compression direction. The r - d plane is parallel to x-y plane,

such that x- and y- axis are along r- and 0- direction. The reciprocal space basis

vectors X-, Y-, and Z- axis are parallel to real space basis vectors x-, y- and z- axis,

respectively.

For the Fiber texture as defined in Chapter IV, the reciprocal vector along the

Z-axis is b\ The x-ray beam is along the Y- (or y-) axis and the photographic film is

parallel to x-z (or X-Z) plane. Let, a, be the angle between R(hkl) and b*-axis. For

perfect orientation of b*-axis, the tip of R(hkl) scribes a constant density circle in the

reciprocal space. The circle intersects the Ewald sphere at point, P. Thus x-rays

scatter along CP

Let the location of the (hkl) reflection be at an azimuthal angle, /x, defined as

the angle with the z-axis. Since, ST is parallel to Z-axis and SP is parallel to X-Z

plane, angle TSP = /x (as shown in Fig. 47.). Since, R(hkl) intersects the Ewald

sphere at P, The angle between the rays, CP and COis 20 B . Since, SP is parallel X-Z

plane (which is perpendicular to Y-axis), APSCis a right-angle-triangle. Thus,

SP=
| SP

|
= |CP| sin 20 B = i- sin 20 B (DA)

A
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Figure 47: Ewald construction for b-axis orientation along the Z-axis. See text for

details.
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Since, R(hkl) = ha' + kb' + V, the Z co-ordinate of P is kb*. Therefore,

Since, both, PRand ST are perpendicular to RS, and are in the same plane (parallel
to X-Z plane), angle SPR= M. Therefore, in ASPR, cosm = PR/SP. From, equations
(D.l) and (D.2),

kXb*
COSH = / rv /j\

sin 20 B
( D- 3 >

The scattering angle is related to the unit cell from Bragg's law. Since, i-PP is

a monoclinic unit cell, (see Fig. 19),

sin 20 B = —= AB
2d 2

(h/a)
2

+ (1/c)
2

+ (2hl/ac)> cos j3

sin
2

j3 (t)
1/2

(DA)

For i-PP (17), a = 6.63 A, b = 20.78 A, c = 6.504 A, and |3 = 99.5°. Thus, 0 B

can be calculated from equation (D.4) and the value obtained is be substituted in

equation (D.3) to calculate the azimuthal angle, /i. The values for the azimuthal an-

gle obtained are tabulated in Table 4.1.

The angle a
f
between R(hkl) and b'-axis (for Fiber texture) or c-axis (for planar

texture) can be calculated as follows. For Fiber texture,

cos a
f

=
R(hkl)-b

R(hkl)|V
(D.5)

k

R(hkl)|

For Planar texture,
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/ia*c + /c*-c
cosap= ^i^

Since, a-.g = 0 and c'-c =1 (by definition), the above equation becomes,

cos a = 1 (D 7)
1 R(hkl)

| -c
{VJ)

From the unit cell for i-PP given above, the reciprocal unit cell is, a* = 0.1529 A" 1
, b

= 0.04812 A" 1
, c' = 0.1559 A" 1

, and ? = 80.5°. The values for «, and a
p

obtained

from equations (D.5) and (D.7), are tabulated in Table 4.1.



APPENDIX-E

INTEGRALEQUATIONRELATINGPOLEDENSITY

DISTRIBUTIONS FORPfm ANDUNIQUEAXIS

Let the unit vector along the unique axis, n, be along OC in Fig. 26. O is the

center of the orientation sphere, C lies on the surface of the sphere, and OCmakes
an angle <o with the r - d plane. The reciprocal vector, P(m is at an angle a, with re-

spect to the unique axis. Since P(hkJ) is randomly oriented around P (the tip of the

vector Pim ) scribes a constant pole density circle on the orientation sphere. The
center of the circle C' is in the interior of the orientation sphere.

The position of the p im pole is defined with respect to two sets of co-ordinate

systems. With respect to O-XYZ, p im is located by the angles, 4> and as shown in

Fig. 26. With respect to the unique axis, n,, the angular co-ordinates for pim are, y

and p. The angle, y locates the position of the unique axis (for a given w) and j3 is

defined along the circle, C' (as shown in Fig. 26).

The direction of the unique axis, n^ is defined by the angles, w and y (as shown

in Fig. 26). Since, the crystals are randomly oriented around the Z-axis, the unique

axis is oriented uniformly around the Z-axis. For a fixed angle, co, OCwill scribe a

constant density circle (not shown in the Fig. 26) on the orientation sphere. The

center of this circle is at Z = R-sinw, where R =
|
R(hkl)

| . Let, p c , be the one-

dimensional (pole) density of

A
n, on this circle. Since, the orientation is random around the Z-axis,

p c is independent of y and only a function of w. The total number of r^ at an angle

<o are, q x
= [277R-cosw] p f

(co). Thus, the number of

A
nj on an elemental length, R cosco-dy is,
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dci\ = Pc'R- cos u-dy j\

Let, p be the one-dimensional (pole) density of P(hkl) pole on the circle centered
at C' (as shown in Fig. 26). Since the orientation of P(htI) is random around n,, the

density p is constant on the circle. For a fixed location of the unique axis,

n, (<o,y), the total number of p(m planes are, q2 = ^R-sinaJ. Thus, on an elemental

length, Rsina r /3,

^2 = P'-R' sin a
x
-dfi (E.2)

For each ^ at angles w and y, there are ft number of p (hu) vectors. Therefore, for

d^ number of n
i , the number of poles are, q2 -6q,. Thus, for constant <o, the total

number of p (llU) poles in an elemental length [R-sina r d/3], due to ^ in an elemental

length [Rcosw]dy is,

dq = dq v dq2 = pp c
- cos «• sin a vR

2
-dy-dp (£.3)

Equation (E.3) is the total number of p (m in an elemental area dA = £ 2 -dydj3 for r^

at constant w and in the elemental length, [R-cosw]-dy.

The next step is to change variables from (y,j3) to spherical angles (<£,^), since

the experimental data is in terms of the latter angles (see Sub-section IV-2b and Figs.

20 and 21).

Any arbitrary p(m defined on the orientation sphere can be expressed as,

X = R- sin cj) cos ^
Y = R- sin <j> sin ^ (£.4)

Z = R- cos <b

where, X, Y, Z, are the components in the cartesian co-ordinates of

P(hti) • By simple geometry, it can further be shown that,



2 If,

X

Y
R- cos of sin y cos » + R. sin <,,[ cos 0- sin «• sin y + sin 0. cos y]
* • cos or cos y. cos u + R. sin a, [ cos 0. sin «. cos y - sin 0. sin y]

Z = /?• cos a r sin co + R- sin a r cos ft- cos <o

(£.5)

The relation between the various angles is determined by equating the corresponding

components in equations (E.4) and (E.5). Thus,

sin
<f>- cos yp

sin
<f>- sin ;//

cos « r sin y. cos W+ sin <*;[ cos 0- sin w sin y + sin 0- cos y]
cos a r sin y cos u + sin aj [ cos ft- sin <o- cos y - sin 0. sin y]

cos
<f> = cos a r sin to + sin a r cos ft- cos co

(£.6)

Since, to is fixed,

dy-dft =
d0

(4^1
d<j>-d\p

From, equations (E.6a), (E.6b), and (E.6c),

(E.7)

(5/3 \ sin 0

d$ J\p sin aj- cos co- sin ft

(E.9)

Therefore,

dydfi =
sin <p

sin Of cos co- sin ji

(£.10)
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By further substituting for sinj3 from equation (E.6c) and rearranging,

dy-bp =
.

sin<
ft

[ - cos * + sin( w + ai )]
1/2

[ cos * + sin( w - a^ 172 *^ ( *' U)

By further substituting equation (E.ll) hi equation (E.3), the total number of p
poles, dq, for constant co is,

dq sin cos co

dA. ^ c ^ ^£ |2)
[ - cos ^ + sin(<o + ai )]

1/2
[ cos <j> + sin(co - a;)]

172

where, dA = iT-sin^d^, is the elemental area on the orientation sphere. Note,

that the pole density dq/dA is not a function of </> (as expected).

Thus, the total pole density at a given latitude,
<f> is the sum of all the p (hkJ) that

intersect (or are tangent) to the latitude. Rigorously the summation should be over

co and y, but integration over y is a constant (because of the fiber symmetry). Thus,

the total pole density is given as,

dN(<p) /••*() dq(<j>)

dA J dA

where, Wj and co 2 are the maximum values of co for the circle, C' to touch the (given)

latitude,
<f>. By simple geometry, «j = tt/2 - (a, + <£) and co 2

= tt/2 + (a, - 0). By

substituting equation (E.12) in (E.13),

dN(d>) pv/2- ( aj +<>>) sin a .. cos w
= c/co-p-p

c
ir/2+ (a

;
^4 J „/ 2+ («. _6) [ - cos 6 + sin(co + a,)]

1/2
[ cos 6 + sin(co - a-)]

172

(£.14)
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Since, the product, is only a function of „, it is designated by a single function,
fj(w). Thus, the above equation becomes,

dN(d>) rv/2- («j +4,)

dA

/v/2- (a: + £)

j/2+(Oj-$) J P. . . . ,-,l/2r-
[ - cos

<f> + sin(w + aj)]
1/2

[ cos + sin(co - «j)]
1/2

(£.15)
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