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ABSTRACT

COMPUTATIONAL MODELING OF
DEFECT-ENGINEERED GRAPHENE DERIVATIVES
AND GRAPHENE-POLYMER NANOCOMPOSITES

MAY 2018

ASANKA WEERASINGHE

B.S., UNIVERSITY OF COLOMBO, SRI LANKA

M.S., UNIVERSITY OF AKRON, OH, USA

Ph.D., UNIVERSITY OF MASSACHUSETTS AMHERST

Directed by: Professor Dimitrios Maroudas and Professor Ashwin

Ramasubramaniam

Graphene has unique mechanical, electronic, and thermal properties, which en-

able a broad range of technological applications. For example, graphene �akes can

be used as �ller to enhance the properties of polymer-matrix nanocomposites and

graphene derivatives, generated by defect engineering and chemical functionalization

of single-layer graphene, have tunable properties that are very promising for engineer-

ing electronic and thermomechanical metamaterials. A fundamental understanding of

the structure-property relationships that govern the function of such nanocomposites

and graphene derivatives is required for designing and developing future graphene-

based metamaterials.
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Toward this end, we have conducted a systematic study based on extensive molec-

ular�dynamics simulations of mechanical testing of model polymer (high�density

polyethylene�HDPE) nanocomposites reinforced by nanocarbon �llers consisting of

graphene �akes. In this multiscale atomistic-to-continuum approach for modeling in-

terfacial stress transfer in graphene-reinforced HDPE nanocomposites, via detailed

characterization of atomic-level stress pro�les in sub-micron graphene �llers, we de-

velop a modi�ed shear-lag model for short �llers. A key feature of our approach lies

in the correct accounting of stress concentration at the ends of �llers that exhibits

a power-law dependence on �ller (��aw�) size, determined explicitly from atomistic

simulations, without any ad hocmodeling assumptions. In addition to two parame-

ters that quantify the end-stress concentration, only one additional shear-lag param-

eter is required to quantify the atomic-level stress pro�les in graphene �llers. This

three-parameter model is found to be reliable for �llers with dimensions as small

as 10 nm. Our model predicts accurately the elastic response of aligned graphene-

HDPE composites and provides appropriate upper bounds for the elastic moduli of

nanocomposites with more realistic randomly distributed and oriented �llers. This

work provides a systematic approach for developing hierarchical multiscale models

of 2D material-based nanocomposites and is of particular relevance for short �llers,

which are currently typical of solution-processed 2D materials.

Among various defect-engineered graphene derivatives, we focused on electron-

irradiated single-layer graphene and studied its thermomechanical and electronic

properties and the e�ects on such properties of defect passivation by hydrogenation

of the irradiated graphene sheets. Speci�cally, we have conducted a systematic anal-

ysis on the e�ects of hydrogenation on the mechanical behavior of irradiated single-

layer graphene sheets, including irradiation-induced amorphous graphene, based on

molecular-dynamics (MD) simulations of uniaxial tensile straining tests and using

an experimentally validated model of electron-irradiated graphene. We �nd that hy-
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drogenation has a signi�cant e�ect on the tensile strength of the irradiated sheets

only if it changes the hybridization of the hydrogenated carbon atoms tosp3, caus-

ing a reduction in the strength of irradiation-induced amorphous graphene by� 10

GPa. Hydrogenation also causes a substantial decrease in the failure strain of the

defective sheets, regardless of the hybridization of the hydrogenated carbon atoms,

and in their fracture toughness, which decreases with increasing hydrogenation for

given irradiation dose. We have characterized in detail the fracture mechanisms of

the hydrogenated irradiated graphene sheets and elucidated the role of hydrogen and

the extent of hydrogenation in the deformation and fracture processes. Moreover,

we have carried out a systematic analysis of thermal transport in these electron-

irradiated graphene sheets based on nonequilibrium MD simulations. We focused

on the dependence of the thermal conductivity,k, of the irradiated graphene sheets

on the inserted irradiation defect density,c, as well as the extent of defect passiva-

tion with hydrogen atoms. While the thermal conductivity of irradiated graphene

decreases precipitously from that of pristine graphene,k0, upon introducing a low

vacancy concentration,c < 1%, in the graphene lattice, further reduction of the

thermal conductivity with increasing vacancy concentration exhibits a weaker depen-

dence onc until the amorphization threshold. Beyond the onset of amorphization, the

dependence of thermal conductivity on vacancy concentration becomes signi�cantly

weaker, andk practically reaches a plateau value. Throughout the range ofc and at

all hydrogenation levels examined, the correlationk = k0(1 + �c )� 1 gives an excel-

lent description of the simulation results. The value of the coe�cient� captures the

overall strength of the numerous phonon scattering centers in the irradiated graphene

sheets, which include monovacancies, vacancy clusters, carbon ring reconstructions,

disorder, and a rough nonplanar sheet morphology. Hydrogen passivation increases

the value of � but the e�ect becomes very minor beyond the amorphization thresh-

old. Finally, based on �rst-principles density functional theory (DFT) calculations, we
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have performed systematic studies of the electronic structure of irradiated graphene

sheets and the e�ects of defect passivation on the electronic structure. We found

that localized states appear at the Fermi level upon irradiation and the correspond-

ing local density of states increases with increasing inserted vacancy concentration.

Through band structure calculations, we have also shown that electron localization

in the vicinity of irradiation-induced defects causes band �attening and reduces the

charge carrier mobility. This band �attening e�ect becomes stronger with increasing

vacancy concentration inducing an increasing number of �at bands near the Fermi

level. In addition, computed frontier orbitals and local charge density distributions

provide clear evidence of carrier localization near the unsaturated bonds. Passivating

these bonds with hydrogen atoms leads to delocalization of the charge density, hence

increasing the carrier mobility, which also results in a reduced density of states at

the Fermi level and an increased band dispersion with increasing inserted vacancy

concentration. We found these spatially localized states to be spin-polarized, which

gives rise to a net local magnetic moment that is removed completely upon hydrogen

passivation.
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CHAPTER 1

INTRODUCTION

1.1 Motivation

Graphene, a planar sheet ofsp2-bonded carbon atoms, which was only used as a

theoretical model [1, 2] for well over half a century, has received an enormous atten-

tion among researchers over the past decade after its recent experimental discovery

[3, 4]. From a fundamental physics perspective, due to a host of exotic properties as

a low-dimensional material, this discovery of free-standing graphene motivated both

theoretical and experimental investigations, which enabled a vast range of applica-

tions in materials engineering, thus opening up many possibilities of graphene to be

used as a novel nanomaterial [5�8]. Moreover, optimizing the function of graphene-

based nanomaterials and metamaterials for certain technological applications requires

a fundamental understanding of the physics that governs such function.

In this dissertation, we focus on studying two such interesting systems of graphene-

based nanomaterials, namely, graphene-polymer nanocomposites and electron-irradiated

graphene, with emphasis on deriving structure-property-function relationships to tai-

lor mechanical, thermal, and electronic properties. A schematic representation of

these two systems is shown in Figures 1.1(a) and 1.1(b), respectively. These two sys-

tematic studies are based on detailed atomistic modeling and simulation of graphene-

based nanomaterials with the aim of understanding underlying physics, which gov-

erns certain mechanisms of materials response, and building multi-scale hierarchical

models for predicting materials behavior toward designing and developing novel en-

gineering materials.
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Figure 1.1. (a) Representative computer-generated atomic con�gurations of (a) a
graphene-polymer nanocomposite with randomly distributed circular graphene �akes
(black disks) with a radius of 0.86 nm in the polymer matrix equilibrated at 150 K,
(b) a relaxed hydrogenated graphene sheet that has been damaged and amorphized
due to electron irradiation.

More speci�cally, the work in this thesis can be categorized into four independent

but closely related studies:

(1) Mechanical properties of polymer-graphene nanocomposites.Among several

potential applications, the use of graphene �akes as nanoscale �llers in polymer-

matrix composites appears to be particularly promising with several reports of signif-

icant impact on the polymer's properties at relatively low graphene loading, including

improvement in sti�ness and strength, enhancement in electrical and thermal conduc-

tivity, elevation of the glass transition temperature, and reduction in gas permeability

[9�12]. Our work is motivated by the need for a fundamental understanding of the

atomic-scale mechanisms of stress transfer at graphene-polymer interfaces, including

the role of the interphase in this process, and identifying the regimes of applicability

or breakdown of continuum models. We conduct a detailed analysis of the interfa-

cial stress transfer in polymer-graphene composites within the small strain regime

(elastic response with no interfacial sliding). Using molecular-statics and molecular-

dynamics (MD) simulations, we will study the mechanical response of a model poly-
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mer nanocomposite, namely, graphene-reinforced high-density polyethylene (HDPE).

By systematically controlling the �ller size and performing extensive statistical sam-

pling, we obtain atomic-level stress pro�les along graphene �llers with sub-micron di-

mensions and develop a connection with shear-lag models for short �llers [13]. Figure

1.1(a) shows a schematic representation of a typical graphene-polymer nanocomposite

with randomly distributed circular graphene �akes equilibrated at 150 K.

(2) Mechanical properties of hydrogenated electron-irradiated graphene.In addi-

tion to its potential applications as a �ller material in nanocomposites, graphene,

especially in the form of chemically functionalized and/or defect-engineered graphene

derivatives, also is very promising as a low-dimensional thermomechanical nanomate-

rial. Recent theoretical studies have suggested that regular nanopore arrangements or

heavy irradiation damage increase graphene's ductility [14, 15]. Defective graphene

sheets can provide templates for chemical functionalization through passivation of

dangling bonds associated with defect sites [16�18]. Such chemical functionalization

of defective graphene with increased ductility is a promising step toward developing

strategies for fabrication of two-dimensional (2D) materials with exceptional mechan-

ical properties and good control over the detrimental e�ects of defects on their elec-

tronic, thermal, and optical properties. Toward advancing this research front, the

purpose of this dissertation is to examine the e�ects of hydrogenation, as a means

of chemical functionalization for defect passivation, on the mechanical properties of

electron-irradiated graphene. Using systematic protocols of MD simulations of tensile

straining tests, we characterize the fracture mechanisms in detail and elucidate the

embrittling e�ects of hydrogen as a function of the extent of hydrogenation.

(3) Thermal conductivity of electron-irradiated graphene.This work is motivated

by the fact that disorder and lattice defects introduce new phonon scattering mecha-

nisms that a�ect substantially the lattice thermal conductivity of graphene. Thermal

transport simulations have predicted a reduced thermal conductivity of amorphous,
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but otherwise sp2-bonded, graphene compared to that of pristine graphene [19, 20].

However, an understanding of the thermal transport properties of electron-irradiated

graphene�with its truly representative plethora of defects�and their dependence

on irradiation dose remains elusive. Using molecular-dynamics (MD) simulations on

structural models that represent irradiated graphene properly, we analyze thermal

transport in electron-irradiated graphene sheets as a function of the irradiation dose

quanti�ed through the concentration, c, of vacancy defects introduced into the sheets

upon irradiation. We also explore the e�ects of passivation with H atoms of the

dangling bonds of undercoordinated C atoms generated by the irradiation process.

(4) Electronic structure of electron-irradiated graphene and e�ects of chemical

functionalization. This work is motivated by the remarkable electronic properties

of perfect graphene, which can be signi�cantly altered by the introduction of defects

into the graphene lattice [21, 22, 6, 23�26]. In addition to studying the impact on

the electronic structure of speci�c types of isolated defects, as the above studies have

focused on, it is also worth investigating the impact on graphene properties of en-

tire populations of defects induced by irradiation, representing the actual structure

of an electron-irradiated sample generated in the laboratory. In this thesis, within

the framework of �rst-principles density functional theory (DFT), we perform elec-

tronic structure calculations to investigate the impact on the electronic structure

of irradiated graphene of the passivation of defects by hydrogen and the resulting

hybridization of the hydrogenated carbon atoms.

1.2 State of Knowledge in the Field

The rest of this section reviews the state of our knowledge on graphene-polymer

nanocomposites and on electron-irradiated graphene, focusing on their structure and

properties as well as the e�ects of chemical functionalization on these properties.
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1.2.1 Graphene-Polymer Nanocomposites

From a computational perspective, toward a fundamental understanding of �ller

e�ects on the properties and function of polymer-matrix composites, the role of

nanocarbon �llers has been studied in much detail focusing on their impact on the

structure, dynamics, and mechanical response of polymer nanocomposites [27�37].

Molecular-dynamics (MD) simulations have proved extremely useful in providing fun-

damental insights into the nature of the �ller-matrix interface, which is of particular

signi�cance for high-surface-area �llers such as graphene. Due to the high surface-to-

volume ratio of graphene, polymer chains tend to stretch and pack along the graphene

�ller surface leading to higher densi�cation in the vicinity of the �ller relative to the

bulk, as reported in several studies [27, 28, 30]. These studies also show that the

formation of densely packed regions at the graphene-matrix interface leads to slower

relaxation dynamics for the polymer chains. While such studies have focused primar-

ily on understanding the organization and dynamics of polymer chains at graphene

surfaces, detailed systematic computational studies of the mechanical behavior of

graphene-polymer composites are still lacking. A recent study [34] has examined the

mechanical properties of functionalized graphene (graphene oxide) paper in�ltrated

with polymer; that work, however, probed the limit opposite to the regime of typical

interest, namely, that of low �ller loading.

Toward this goal, in a previous study, we have carried out a systematic analysis of

mechanical reinforcement of graphene-high-density polyethylene (HDPE) nanocom-

posites to elucidate the e�ect on the reinforcement of �ller concentration, morphology,

and size, as well as inter-chain and chain-�ller interactions [38]. To understand the

importance of polymer chain packing at the �ller surface in controlling the mechani-

cal response, we also studied the mechanical response of polymer-matrix composites

with chemically comparable but morphologically distinct fullerene �llers. In that

study, we had carried out an extensive statistical sampling over atomic con�gurations
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and trajectories relative to the parameters noted above, and established clear con-

�dence levels for the observed material response. In particular, we showed that, to

within statistical error, spherical fullerenes provide a nearly size-independent level of

reinforcement of the matrix. In contrast, composites with graphene �llers exhibit rein-

forcement that depends strongly on the graphene �ller size: although sub-nanometer

graphene �akes are found to be ine�ective �llers, �akes with sizes in the2 � 4 nm

range lead to appreciable reinforcement, which scales linearly with �ake size, with

graphene �akes outperforming with increasing size all the fullerenes examined. We

direct the reader to Appendix A for further reading of this study which has been

published recently inScienti�c Reports.

Furthermore, several studies of model polymer-graphene composite systems have

sought to understand how �ller size [39�41], orientation [42], and surface function-

alization [43] control their mechanical response. In general, these studies indicate

that large, well-aligned, few-layer graphene nano�akes with strong interfacial adhe-

sion to the matrix result in the best composite properties [44], which is consistent with

decades of experience in �ber-reinforced composites. Indeed, continuum mechanics-

based shear-lag models [45] have been used successfully to model strain pro�les along

graphene �llers from Raman measurements over micron scales in PMMA-graphene

composites [39] with suitable modi�cations to account for interfacial sliding and de-

lamination [46]. However, a recent experimental study suggests that shear-lag mod-

els could break down for polymer-graphene nanocomposites with �ller dimensions at

the sub-micron level due to residual stresses, chemical doping, or edge e�ects [47].

Furthermore, both theory [48, 49] and experiment [50] indicate that the detailed

structural characteristics of the polymer-matrix interface (the �interphase�) become

important when considering reinforcement mechanisms in nanocomposites; such de-

tails are typically missing in models using the sharp-interface approximation.
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1.2.2 Electron-Irradiated Graphene

Graphene derivatives and graphene-based metamaterials fabricated by defect en-

gineering and chemical functionalization have unique properties toward enabling a

broad range of engineering applications [16, 51�58, 17, 59�64]. Electron irradiation

is particularly appealing for defect engineering because it can be used to tune the

structure and properties of such graphene-based materials by precisely controlling

electron energy and irradiation dose. Electron-irradiation-induced amorphization of

graphene has been demonstrated experimentally [16], and computer models have

been developed that reproduce the experimentally reported amorphized structures

[21, 14]. In these models, the irradiated structures are generated by introducing into

the graphene lattice random distributions of vacancies, with increasing vacancy con-

centration representing an increase in the irradiation dose, and subsequent proper

structural relaxation of the defective lattice structure. The structural features of

these irradiated graphene models are in qualitative agreement with those of samples

prepared by 100-keV electron irradiation at various levels of electron beam expo-

sure, which become amorphized at high electron beam exposure [16]. Speci�cally,

these computer-generated damaged graphene sheets retain a coherent 2D structure

(i.e., the sheets remain two-dimensional instead of collapsing to three-dimensional

structures), which is characterized by formation of holes that occupy an increasing

fraction of the sheet's area with increasing inserted vacancy concentration; at low va-

cancy concentration, these holes are surrounded by essentially perfect graphene with

a low density of polygon reconstructions while, at high vacancy concentration, they

are surrounded by patches of essentially random polygons [16, 21]. Furthermore, it

was found that single-layer graphene undergoes a vacancy-induced (i.e., irradiation-

induced) crystalline-to-amorphous transition for an inserted vacancy concentration

� 5� 10% [21].
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1.2.2.1 Mechanical Properties

While pristine, defect-free graphene has exceptional mechanical properties, such

as extremely high tensile strength and sti�ness [65�67], it is intrinsically a brittle

material [65]. Introduction of defects in graphene through, e.g., electron or ion irra-

diation may lead to a substantial decrease in its strength [16, 51, 68�70]. It has been

reported that the irradiation-induced amorphization of graphene is accompanied by

a brittle-to-ductile transition in the mechanical response of the irradiated graphene

sheets [14], which, even when heavily damaged, remain signi�cantly strong retaining

� 30% of their tensile strength in the perfect (defect-free) structural state.

1.2.2.2 Thermal Conductivity

In pristine graphene, thermal transport is mainly limited by Umklapp phonon-

phonon scattering characterized by a long phonon mean free path (� 775 nm) [71],

which results in high thermal conductivity (� 2000-5000 W/(m�K) [71�73]. Disorder

and lattice defects introduce additional phonon scattering mechanisms that a�ect

substantially the lattice thermal conductivity of graphene. Thermal transport simu-

lations have predicted a reduced thermal conductivity of amorphous, but otherwise

sp2-bonded, graphene compared to that of pristine graphene [19, 20]. Substantial

defect-induced reduction of the intrinsic thermal conductivity of pristine graphene

also has been demonstrated for various types of lattice imperfections, including mono-

vacancies and divacancies, Stone-Wales defects, impurities, and nanoribbon edges

[72�80, 77, 81, 82].

1.2.2.3 Electronic Structure

The electronic structure of perfect graphene can be in�uenced by many factors,

such as the presence of impurities, defects, or dopants, hence it can be tailored to-

ward speci�c applications as reported in many studies [6, 21�26, 83�86]. Among

these factors, the presence of defects which are most common in graphene structures,
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can signi�cantly alter the electronic structure of graphene. Di�erent types of defects,

such as point defects (i.e., single vacancies, Stone-Wales defects, etc.) and line defects

(grain boundaries) are directly observed in experiments via transmission electron mi-

croscopy (TEM) and scanning tunneling microscopy (STM) [16, 87�90]. Such defects

can be formed during the graphene growth process or, alternatively, can be created

in a more controlled manner, using electron or ion beam irradiation [16, 51, 89]. Re-

cent studies have shown that these defects can alter the local electronic structure

of graphene and/or introduce local magnetic moments [87, 88, 91�97]. It was re-

ported that, mainly due to the presence of dangling bonds (in under-coordinated C

atoms) in the irradiated graphene sheets, local electronic states emerge at the Fermi

level which decay inversely proportionally to their distance from the vacancy centers

[22, 92, 93, 98]. Furthermore, in a single vacancy, the splitting of the dangling states

due to the crystal �eld and the Jahn-Teller distortion [99] induced by reconstruction

of the two carbon atoms with dangling bonds can introduce a net local magnetic mo-

ment [92�95, 97]. In a previous study [21], based on density functional tight binding

(DFTB) method [100], we showed that the irradiated graphene sheets exhibit an in-

creasing (nonvanishing) electronic density of states at the Fermi level with increasing

vacancy concentration, i.e., a metallic character as a result of introducing dangling-

bond localized states near the Fermi level, which are analogous to those emerging

from the presence of dangling bonds due to the introduction in the graphene lattice

of a low concentration of isolated single vacancies [22, 98].

1.3 Thesis Objectives

The research in this dissertation focuses on computational modeling and simu-

lation of graphene and graphene-based derivatives and nanocomposites in order to

fundamentally understand their mechanical, thermal, and electronic response and

to establish relations between structural and compositional features in these mate-
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rials and their properties. This fundamental and quantitative understanding will

contribute to developing strategies that can be used in the engineering of novel 2D

materials with unique properties that may enable new technological applications.

The research addresses two such material systems, namely, graphene-polymer

nanocomposites and electron-irradiated graphene. In this context, the speci�c ob-

jectives of the dissertation can be broadly categorized as:

� Multi-scale modeling and simulation of the mechanical response of graphene-

polymer nanocomposites aimed at understanding the bene�cial role of graphene

as a �ller material. This is accomplished by conducting a fundamental study of

mechanical behavior through MD simulation of uniaxial tensile straining tests

of composite materials by systematically varying the �ller size and performing

detailed atomistic simulations of straining of model graphene-HDPE nanocom-

posites in order to develop a properly parameterized coarse-grained model based

on continuum-scale shear-lag theory to accurately describe the stress transfer

mechanism.

� Atomistic simulation of the thermal, mechanical, and electronic response of

electron-irradiated graphene and determination of the e�ects of structural defect

passivation on its mechanical and thermal transport properties. Speci�c tasks

executed in this thesis aim at predicting:

� E�ects of defect passivation due to hydrogenation of electron-irradiated

graphene on its mechanical properties such as tensile strength, failure

strain, and fracture toughness;

� Impact of irradiation dose and irradiation-induced defect passivation on

the thermal conductivity of electron-irradiated graphene; and

� E�ects of defect passivation by hydrogenation on the electronic structure

and properties of electron-irradiated graphene.
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1.4 Organization of Dissertation

The dissertation is organized as follows.

In Chapter 2, we establish a computational framework to understand the impor-

tance of polymer chain packing at the �ller surface in controlling the mechanical

response of graphene-polymer nanocomposites. Toward this, we discuss a multi-scale

atomistic-to-continuum approach for modeling interfacial stress transfer in graphene-

high-density polyethylene (HDPE) nanocomposites. Via detailed characterization

of atomic-level stress pro�les in sub-micron graphene �llers, we develop a modi�ed

shear-lag model for short �llers. A key feature of our approach lies in the correct

accounting of stress concentration at the ends of �llers that exhibits a power-law

dependence on �ller (��aw�) size, determined explicitly from atomistic simulations,

without any ad hocmodeling assumptions. In addition to two parameters that quan-

tify the end stress concentration, only one additional shear-lag parameter is required

to quantify the atomic-level stress pro�les in graphene �llers. This three-parameter

model is found to be reliable for �llers with dimensions as small as� 10 nm. Our

model predicts accurately the elastic response of aligned graphene-HDPE composites

and provides appropriate upper bounds for the elastic moduli of nanocomposites with

more realistic randomly distributed and oriented �llers. This study provides a sys-

tematic approach for developing hierarchical multi-scale models of 2D material-based

nanocomposites and is of particular relevance for short �llers, which are, currently,

typical of solution-processed 2D materials. This work has been published inACS

Applied Materials and Interfaces.

In Chapter 3, we report a systematic analysis on the e�ects of hydrogenation on the

mechanical behavior of irradiated single-layer graphene sheets, including irradiation-

induced amorphous graphene, based on molecular-dynamics simulations of uniax-

ial tensile straining tests and using an experimentally validated model of electron-

irradiated graphene. We �nd that hydrogenation has a signi�cant e�ect on the
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tensile strength of the irradiated sheets only if it changes the hybridization of the

hydrogenated carbon atoms tosp3, causing a reduction in the strength of irradiation-

induced amorphous graphene by� 10 GPa. Hydrogenation also causes a substantial

decrease in the failure strain of the defective sheets, regardless of the hybridization

of the hydrogenated carbon atoms, and in their fracture toughness, which decreases

with increasing hydrogenation for given irradiation dose. We characterize in detail

the fracture mechanisms of the hydrogenated irradiated graphene sheets and elucidate

the role of hydrogen and the extent of hydrogenation in the deformation and fracture

processes. Our study sets the stage for designing hydrogenation and other chemi-

cal functionalization strategies toward tailoring the properties of defect-engineered

ductile graphene. This work has been published in theJournal of Applied Physics.

In Chapter 4, we demonstrate thermal transport behavior based on the results of a

systematic analysis of thermal transport in electron-irradiated, including irradiation-

induced amorphous, graphene sheets based on nonequilibrium molecular-dynamics

simulations. We focus on the dependence of the thermal conductivity,k, of the ir-

radiated graphene sheets on the inserted irradiation defect density,c, as well as the

extent of defect passivation with hydrogen atoms. While the thermal conductivity of

irradiated graphene decreases precipitously from that of pristine graphene,k0, upon

introducing a low vacancy concentration,c < 1%, in the graphene lattice, further

reduction of the thermal conductivity with increasing vacancy concentration exhibits

a weaker dependence onc until the amorphization threshold. Beyond the onset of

amorphization, the dependence of thermal conductivity on vacancy concentration be-

comes signi�cantly weaker, andk practically reaches a plateau value. Throughout the

range ofc and at all hydrogenation levels examined, the correlationk = k0(1 + �c )� 1

gives an excellent description of the simulation results. The value of the coe�cient

� captures the overall strength of the numerous phonon scattering centers in the

irradiated graphene sheets, which include monovacancies, vacancy clusters, carbon
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ring reconstructions, disorder, and a rough nonplanar sheet morphology. Hydrogen

passivation increases the value of� but the e�ect becomes very minor beyond the

amorphization threshold. This work has been published inApplied Physics Letters.

In Chapter 5, based on �rst-principles density functional theory (DFT) calcula-

tions, we perform systematic studies of the electronic structure of irradiated graphene

sheets and the e�ects of defect passivation on the electronic structure. We �nd that

localized states appear at the Fermi level upon irradiation and the corresponding local

density of states increases with increasing inserted vacancy concentration. Through

band structure calculations, we show that electron localization in the vicinity of

irradiation-induced defects causes band �attening and reduces the charge carrier mo-

bility. This band �attening e�ect becomes stronger with increasing vacancy concen-

tration inducing an increasing number of �at bands near the Fermi level. In addition,

computed frontier orbitals and local charge density distributions provide clear evi-

dence of carrier localization near the unsaturated bonds. Passivating these bonds

with hydrogen atoms leads to delocalization of the charge density, hence increasing

the carrier mobility, which also results in a reduced density of states at the Fermi

level and an increased band dispersion with increasing inserted vacancy concentra-

tion. We �nd these spatially localized states to be spin-polarized, which gives rise to

a net local magnetic moment that is removed completely upon hydrogen passivation.

The results of this study will be submitted for publication in Physical Review Bin

the near future.

Chapter 6 summarizes our work toward understanding the underlying physics

of these graphene based nanomaterials' thermal, mechanical, and electronic behav-

ior and how their structural characteristics determine their thermomechanical and

electronic properties. The �ndings of our work can be used to both formulate ex-

perimentally testable hypotheses and design systematic experimental protocols for

13



improved engineering of these materials. Some future research directions that have

been opened by the work in this thesis also are discussed concisely.
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CHAPTER 2

MULTISCALE SHEAR-LAG ANALYSIS OF STIFFNESS
ENHANCEMENT IN POLYMER-GRAPHENE

NANOCOMPOSITES

2.1 Introduction

Graphene�an atomically thin sheet of sp2-bonded carbon�has been widely inves-

tigated for its exceptional mechanical and electronic properties [5, 6, 101]. Polymer-

matrix composites are poised to be among the early technological applications for

graphene as suggested by several reports of improved sti�ness and strength, en-

hanced electrical and thermal conductivity, elevated glass transition temperatures,

and reduced gas permeability at relatively low graphene loading [9�11, 102, 103]. Al-

though graphene is not unique as a �ller in these aspects�silicate or carbon-nanotube

�llers also being competitive�the potential for achieving a multiplicity of enhanced

material properties with a single �ller makes graphene an attractive candidate for

enabling new multifunctional polymer nanocomposites [9, 104]. For mechanical re-

inforcement, in particular, graphene is an attractive �ller owing to its high elas-

tic modulus (� 1 TPa) and intrinsic strength (>100 GPa) [65]. Several studies of

model polymer-graphene systems have sought to understand how �ller size [39�41],

orientation [42], and surface functionalization[43] control the mechanical response.

In general, these studies indicate that large, well-aligned, and few-layer graphene

nano�akes with strong interfacial adhesion to the matrix provide the best composite

properties [105], which is consistent with decades of experience in �ber-reinforced

composites. Indeed, continuum mechanics-based shear-lag models [45] have been
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used successfully to model strain pro�les along graphene �llers from Raman measure-

ments over micron scales in poly(methyl methacrylate)-graphene composites [39] with

suitable modi�cations to account for interfacial sliding and delamination [46]. How-

ever, a recent experimental study suggests that shear-lag models could break down

for polymer-graphene nanocomposites with �ller dimensions at the submicron level

owing to residual stresses, chemical doping, or edge e�ects [47]. Furthermore, both

theory [38, 48, 49] and experiment [50] indicate that the detailed structural charac-

teristics of the polymer-matrix interface (the �interphase�) become important when

considering reinforcement mechanisms in nanocomposites; such details are typically

missing in models using the sharp interface approximation. Thus, there is a need for

understanding the atomic-scale mechanisms of stress transfer at graphene�polymer

interfaces�including the role of the interphase in this process�and identifying the

regimes of applicability or breakdown of continuum models.

In this chapter, we conduct a detailed analysis of the interfacial stress transfer in

polymer-graphene composites within the small strain regime (elastic response with

no interfacial sliding). Using molecular statics and molecular dynamics (MD) simula-

tions, we study the mechanical response of a model polymer nanocomposite, namely,

graphene-reinforced high-density polyethylene (HDPE). The simple model of HDPE

as the polymer matrix allows us to focus on the essential physics of matrix-�ller

interactions without additional complications arising from the matrix itself. By sys-

tematically controlling the �ller size and performing extensive statistical sampling, we

obtain atomic-level stress pro�les along graphene �llers with sub-micron dimensions

and develop a connection with shear-lag models for short �llers [13]. In obtaining

this atomistic-continuum connection, we �nd that it is important to account for both

�ller end stresses and the presence of a denser polymer interphase that mediates stress

transfer to the �ller. A key �nding of our study is that, within the elastic regime, the

behavior of monolayer graphene �llers is similar to that of �aws in bulk materials, and
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we present an approach for explicitly calculating the �aw-size dependence of the end

stress concentration fully from atomistic simulations. We �nd that, in addition to two

parameters that quantify the end stress concentration, only one additional shear-lag

parameter is required to quantify the atomic-level stress pro�les in graphene �llers,

and this three-parameter model is found to be reliable down to graphene �ller di-

mensions of� 10 nm. We demonstrate the accuracy of our atomistically informed,

modi�ed shear-lag model in predicting the elastic response of aligned graphene-HDPE

nanocomposites and in providing appropriate upper bounds for the elastic moduli of

random graphene-HDPE nanocomposites. Our study provides a systematic approach

for developing hierarchical multiscale models of two-dimensional (2D) materials-based

nanocomposites and is of particular relevance for short �llers, which are the typical

outcome of solution processing of 2D materials [103, 106].

2.2 Theoretical Model for Short Fillers (SFT)

Consider a short �ller with thickness, t, embedded in a larger polymer matrix,

the stress transfer from the matrix to the �ller, through shear stress, is assumed

to be taken place at the �ller-matrix interface. When the system is subjected to a

stress along the axial direction of the �ller, the resulting shear stress at the �ller-

matrix interface, causes the normal stress to build from the edges and maximize in

the middle of the �ller.

As represented in Fig. 2.1 consider an in�nitesimal change in the normal stress,

d� yy , of a di�erential volume element of the �ller with length dy, as a result of the

shear stress,� i , transfer at the interface. Balancing the forces on the di�erential

volume element, the normal stress in the �ller,� yy , is related to the interfacial shear

stress,� i , as

d� yy

dy
= �

2� i

t
: (2.1)
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Figure 2.1. Stresses acting on a di�erential element of graphene �ller of lengthdy
and thickness t embedded in a matrix whose shear modulusG(z) is a function of
distancez from the plane of the �ller.

The shear strain in the matrix, 
 , is related to the shear stress as


 =
du
dz

=
� i

G(z)
; (2.2)

whereu is the corresponding matrix displacement alongy and the shear modulus of

the matrix, G(z), is a function of the distancez from the plane of the �ller. Equation

2.2 can be integrated from the surface of the �ake,z = t=2, to the edge of the

simulation cell, z = L z=2, to obtain

u(L z=2) � u(t=2) = � i

L z =2Z

t=2

dz
G(z)

, � i
L z � t
2Gef f

; (2.3)

where thez-dependence of the integrand is now lumped into an e�ective shear mod-

ulus Gef f de�ned by the identity in Eq. 2.3. From this point onward, one may follow

the usual steps and assumptions [39] to arrive at the �nal expression for the normal

stress in the �ller

� yy(y) = Eg"m + C sinh

0

@�y
t

1

A + D cosh

0

@�y
t

1

A ; 0 � y � l; (2.4)
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where � =
r

4Gef f

Eg

t
L z � t is the dimensionless shear lag parameter,Eg is the elastic

modulus of graphene, and"m is the matrix strain. Applying the boundary conditions

d� yy=dy = 0 at y = 0, which enforces re�ection symmetry about thexz plane, and

� yy = � 0 at y = l, we evaluate the integration constants C and D in Eq. 2.4 to obtain

� yy(� )
Eg"m

= 1 +

 
� 0(s)
Eg"m

� 1

!
cosh (�s� )
cosh (�s )

; 0 � � � l; (2.5)

where we have introduced the dimensionless coordinate� = y=l, and s = l=t is the

�ller aspect ratio. Furthermore, upon making the ansatz� 0(s)=(Eg"m ) = �s � � s� ,

Eq. 2.5 gives

� yy(� )
Eg"m

= 1 +
�
�s � � 1

� cosh (�s� )
cosh (�s )

; 0 � � � l: (2.6)

The average stress in the �ller is given by

� yy =
1Z

0

� yy(� )d�

= Eg"m

"

�s � tanh(�s )
�s

+

 

1 �
tanh(�s )

�s

!#

= Eg"m

"

1 +
�
�s � � 1

� tanh(�s )
�s

#

, E f "m ;

(2.7)

whence, the composite modulus is readily obtained as

Ec = (1 � � ) Em + �E f = (1 � � ) Em + �E g

"

1 +
�
�s � � 1

� tanh(�s )
�s

#

; (2.8)

� being the �ller volume fraction.
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2.3 Computational Methods

2.3.1 Sample Preparation, Equilibration, and Mechanical Testing

Graphene-HDPE nanocomposites were modeled using the LAMMPS simulation

software [107]. The polymer matrix was described using the united-atom model as

parameterized by Buell et al. [108], whereas the graphene �llers were described us-

ing the DREIDING potential of Cornell et al [109]. Filler-matrix interactions were

described as non-bonded interactions using Lorentz-Berthelot mixing rules [110]. We

estimate the �ller-matrix gap in all of our equilibrated structures to be in the range

of 0:3 � 0:4 nm, which is consistent with estimates (0:2 � 0:4 nm) from prior work

[111, 112]. The mixing rules adopted in this study are merely a matter of conve-

nience for a generic representation of �ller-matrix interactions and are not intended

to model a speci�c polymer-matrix composite. Di�erent choices of �ller-matrix in-

teractions will ultimately a�ect the precise values of the shear-lag parameter� and

the end stress� 0 within the continuum model but do not a�ect qualitatively the SFT

developed here. All relevant functional forms and parameters for the potentials can

be found in Appendix A.

The HDPE matrix was modeled using unbranched CH3� (CH2)n � CH3 (n = 98;

� 100� mer�) chains. The graphene �llers were modeled as pure carbon structures

without any edge passivation. We note that while edge passivation changes the local

geometry of the atomic con�guration, the corresponding dominant mechanical e�ect

alters the edge stress [113�115]; in the absence of explicit covalent bonding between

the �ller and the matrix, the atomic details of the edge structure only perturb the end

stress without a�ecting the overall stress transfer in short �llers. The computational

protocols for preparing and equilibrating the composite supercells followed closely

those in Ref. 38 and are provided in further detail in the following section. The

simulation supercells were equilibrated at 150 K to ensure that all of our samples are

in the glassy regime [38] and subjected subsequently to uniaxial tensile straining tests,
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detailed protocols for which are provided in subsequent sections. Stress distributions

in the graphene �llers were calculated from atomic-level virial stresses [110, 116]

assuming an atomic volume of
 = 0 :0084nm3, which is equal to the atomic volume

in graphite according to the interatomic potential chosen for this study in conjunction

with an assumed sheet thickness of 0.335 nm.

2.3.1.1 Model Graphene-HDPE Nanocomposites with Regular Arrays of

Graphene Nanoribbons

The model nanocomposite consists of a single zigzag graphene nanoribbon (GNR)

of 20 nm length along the periodic direction (x� axis in Fig. 2.2) and variable width,

2l, along the other principal direction in the GNR plane (y� axis in Fig. 2.2) em-

bedded in a100� mer HDPE matrix. The separation of the nanoribbons along the

y� direction was �xed (from numerical tests) to approximately 10 nm to minimize

interactions between the stress �elds of the �llers. Polymer chains were then inserted

using a self-avoiding and �ller-avoiding random walk (SAW) at an initial density of

0:5g=cm3 at �ller-to-polymer weight ratios ranging from 1� 12%. We work with pe-

riodic supercells since, as discussed in detail in Ref. 108, size-dependent artifacts can

be introduced in non-periodic calculations that may lead to substantial deviations

from the bulk response of the matrix.

The composite was structurally relaxed by conjugate-gradient energy minimiza-

tion with a force tolerance of 1 meV/Å to mitigate excessively high forces on atoms.

The entire system was then annealed at 500 K for 150 ps using isothermal-isobaric

(NPT) molecular dynamics (MD) and only the box height (L z in Fig. 2.2 (c)) was

allowed to relax to attain a pressure of 1 atm. The temperature was then ramped

up to 1000 K in 100 ps within the canonical (NVT) ensemble, the material was held

at this temperature for an additional 100 ps, and brought back down to 500 K over

100 ps. This intermediate heating-and-annealing step was found to be necessary to
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accelerate chain dynamics and prevent the formation of voids in the matrix due to

insu�cient chain relaxation. Thereafter, the system was cooled down to 150 K in the

(NPT) ensemble in steps of 50 K holding the material at each cooling stage for 50 ps

and with a 50 ps ramp-down time; again, only the height of the simulation cell,L z, is

relaxed in this process. Finally, all constraints on box dimensions were removed and

the composite was equilibrated at a temperature of 150 K and a pressure of 1 atm,

for an additional 400 ps. The equilibrated heights,L z, of the simulation cells vary

between 6.1 nm and 6.7 nm. We have checked that the root-mean- square (RMS)

displacement of the polymer united atoms computed over the equilibration procedure

exceeds the radius of gyration of the polymer chains in our computational samples,

which con�rms proper initial equilibration [39].

� Mechanical Testing: Equilibrated graphene-HDPE nanocomposites with reg-

ular arrays of GNRs were subjected to uniaxial tensile straining tests by apply-

ing quasi-static strains in increments of0:2% along they� direction. The total

energy of the system was minimized with a force tolerance of 0.4 meV/Å prior

to straining and at each strain increment. Quasi-static straining was chosen, as

opposed to applying a strain rate in MD simulations of straining, since large

graphene nanoribbons were found to be particularly prone to bending along

the ribbon width and/or rotating along the ribbon axis at �nite temperatures,

destroying the proper simulation setup for application of shear-lag models. The

composite, while prepared at the normal density of a sample at 150 K, was thus

e�ectively tested at 0 K, leading to a sti�er response. Nevertheless, the ma-

trix manifestly remained in the glassy phase, which is su�cient for our present

purposes. For each system (parameter set) listed in Table 2.1, ten randomly

generated and equilibrated samples were tested to achieve better statistics.
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Table 2.1. Compositional and structural details of graphene-HDPE nanocomposites
with regular arrays of GNRs modeled in this work per simulation supercell; the �ller-
to-matrix weight ratio range from 1 � 12%.

No. of HDPE
chains

No. of carbon
atoms in GNR

Filler width,
2l (nm)

Equilibrated box
height, L z (nm)

550 984 1 6.5
600 1640 2 6.6
680 3280 4 6.5
850 6232 8 6.5
1020 9512 12 6.3
1350 15744 20 6.2
1780 23288 30 6.2
2620 38704 50 6.1

� Density calculations: Density pro�les normal to the GNR planes in our

model graphene-HDPE nanocomposites were determined by slicing the polymer

matrix directly above and below the GNR planes into slabs with thickness of

0:6 Å (along L z) and calculating the number density of united atoms within

each slab. The number density of each slab was normalized by the calculated

reference number density of the HDPE matrix,� 0. A Gaussian envelope was

�t to the density pro�les, and the full width at half maximum (FWHM) of the

envelope was used to provide an estimate of the interphase thickness.

2.3.1.2 Graphene-HDPE Nanocomposites with Random Distributions of

Circular Graphene Nano�akes

The computational procedures adopted here for preparing and equilibrating these

graphene HDPE-nanocomposites are essentially similar to those reported previously

in Ref. 38 and are not repeated for brevity. Details of the generated composite

models are provided in Table 2.2.

� Mechanical Testing: Tensile testing of the nano�ake/HDPE composites was

performed using (NPT) MD simulations at 150 K at a strain rate of2 � 108=s.

In each test, one supercell vector was strained at a time whilethe remaining
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Table 2.2. Compositional and structural details of graphene-HDPE nanocomposites
with randomly distributed circular graphene nano�akes modeled in this work per
simulation supercell; the �ller-to-matrix weight ratio is 2%.

No. of
HDPE
chains

No. of carbon
atoms per
�ake

Flake
radius, r
(nm)

No. of
�akes

Equilibrated
box length
(nm)

200 61 0.86 8 8.14
200 541 2.27 1 8.14
400 1087 3.14 1 10.26
1800 2161 4.39 2 16.91
3500 4381 6.19 2 20.16
10000 8761 8.65 3 29.88
20000 17383 12.05 3 37.65
20000 23653 14.05 2 37.65
50000 48025 20.16 1 51.17

supercell vectors were equilibrated to maintain a pressure of 1 atm. Depending

upon the computational demands,6 � 30 independent trajectories were used

in these simulations for each system (parameter set) listed in Table 2.2. The

reported composite moduli are computed average values, including orientational

as well as statistical averaging.

� Density calculations: Density pro�les normal to the graphene �akes were

determined in a manner identical to that for the computation of the density

pro�les normal to the GNR planes described above; here,z is the local coordi-

nate normal to the plane of each graphene nano�ake examined.

2.4 Results and Discussion

We consider a model graphene-HDPE nanocomposite (Fig. 2.2) that consists of a

regular array of graphene nanoribbons (GNRs) represented by a narrow graphene strip

of width 2l (ranging from 1 to 50 nm) embedded in a larger polymer matrix supercell

whose dimensions in they� and z� directions are chosen to be su�ciently large to
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Figure 2.2. (a) 3D view of the atomic con�guration of a model graphene� HDPE
nanocomposite with regular nanoribbon arrays here, a 20 nm wide GNR extending
in�nitely along the x� direction, equilibrated at 150 K. (b) Side view of the model
graphene� HDPE nanocomposite and a magni�ed view of the interface, which high-
lights the polymer densi�cation in the vicinity of the graphene �ller. (c) Schematic
representation of the graphene �ller with the dimensions used in the continuum shear-
lag model. (d) Normalized atomic density pro�le of the polymer,� (z=Lz)=� 0, where
� 0 is the nominal density of the polymer matrix at 150 K, in the direction normal to
the plane of the graphene �ller. The dashed red line represents an optimal Gaussian
envelope to the density pro�le.
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avoid �ller-�ller interactions. As the GNR is periodic along its length, the ribbon

width 2l is the only geometric parameter that controls the �ller size. This atomic-

scale model ensures that, upon straining along they� direction, the stress pro�le in

the �ller is one-dimensional (to within statistical variations along the ribbon length),

which is readily amenable to a shear-lag analysis.

We considered several GNRs with their widths ranging from 1 to 50 nm (Table

2.1), embedded in an HDPE matrix and subjected the composites to quasi-static (0

K) strain increments in the y� direction of 0.2% up to a peak value of 0.8% con-

sidering 10 di�erent equilibrated initial con�gurations in each case to account for

statistical variations. The ribbons were chosen to have zigzag edges without any loss

of generality. Fig. 2.3 (a) shows the results for normal stress pro�les along the ribbon

width, � yy(y), for a 30 nm wide GNR �ller at a few di�erent strain levels; each data

point in these 1D pro�les corresponds to the virial stress averaged over a zigzag row.

It is immediately apparent that the normal stress distribution is qualitatively similar

to that expected from a shear-lag analysis [117], with the superposition of a nonzero

end stress whose magnitude grows with applied strain [13]. Thus, both interfacial

shear stresses and normal end stresses must be considered when analyzing the stress-

transfer process. There is also clear evidence of a spike in the normal stress con�ned

to the very edges of the �llers in our model nanocomposites that arises from the

intrinsic edge stress of the GNRs [118], which we also observe in our calculations of

isolated GNRs, and is unimportant for our present purposes. It should be mentioned

that the edge stresses are sensitive to passivating species used for edge termination

and that these stress spikes may be quenched [113, 114] or enhanced [115] depending

on the passivating species. Our calculations show that for su�ciently wide ribbons

there is no clear correlation between the edge stress and the ribbon width, as expected

for a localized edge e�ect.
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Figure 2.3. (a) Axial stress pro�les, � yy(y=l), along a 30 nm wide GNR (2l = 30
nm) computed from quasi-static straining simulations at various indicated composite
strain levels for a model graphene� HDPE nanocomposite with regular nanoribbon
arrays. (b) Dimensionless axial stress pro�les,� yy(y=l)=(Eg"m ), across GNRs with
widths (2l) of 8, 12, 20, and 30 nm computed as in (a) in model graphene� HDPE
nanocomposites. The stress pro�les at various composite strain levels,"m (up to
0:6% in each case), nearly collapse onto a single curve for each nanoribbon. The
solid lines represent optimal �ts to the simulation results according to the modi�ed
shear-lag model (Eq. 2.5), excluding the results in the immediate vicinity of the
sheet edge(y � l). The stress pro�les are symmetric over the domain� l � y � l
and plotted only over 0 � y � l . (c) Shear-lag parameter,� , and dimensionless
end stress,� 0=(Eg"m ), as a function of the �ller aspect ratio, s = l=t, from the
nonlinear �tting of the stress pro�les in (b) according to Eq. 2.5. The red dashed line
represents the power-law �t, � 0(s)=(Eg"m ) = �s � � s� ; from which we obtain � =
(2:89 � 0:09)� 10� 3 and � = 0:80 � 0:01 (�rst three points excluded). (d) Composite
elastic moduli computed from quasi-static straining simulations and comparison with
their estimates as a function of s from short-�ller theory (SFT; Eq. 2.8) and long-�ller
theory (LFT; Eq. 2.8).
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Figure 2.3 (b) shows analogous stress pro�les (normalized as per Eq. 2.5) for a

few di�erent ribbon widths, demonstrating the similarity to short-�ber stress pro�les

with nonzero end stresses. It is also evident that the stress pro�les for the narrower

nanoribbons are shallower than those for the wider ones, which is fully consistent

with the expectations from a classical shear-lag analysis.

On the basis of our observations above, it is plausible that a shear-lag model

could indeed describe stress transfer in graphene� HDPE nanocomposites provided

that the end stresses are correctly accounted for. To this end, we note, �rst, that the

normal stress distribution for �llers that are fully embedded in the matrix is given by

[39, 117] Eq. 2.4 whereEg (970 GPa) is our calculated value for the elastic modulus

of graphene, which is consistent with previous reports [65, 119];t(0.335 nm) is the

thickness of the nanoribbons, chosen to be the typical interlayer spacing in graphite

[120, 121];"m is the matrix strain; and � =
r

4Gef f

Eg

t
L z � t is a dimensionless parameter,

the so-called shear-lag parameter, withGef f being the e�ective shear modulus of the

matrix including the interphase (Eq. 2.3) andL z being the height of the simulation

supercell in the direction perpendicular to the plane of the �ller. The integration

constants C and D in Eq. 2.4 are to be determined by satisfyingd� yy=dy = 0 (� yy

is symmetric over the width of the ribbon and attains a maximum aty = 0) at the

center of the ribbon and by a suitable boundary condition for� yy at the edge of the

�ller (y = l). While various approximations have been suggested to model the end

stress [13, 122, 123], an appropriate representation of the stress concentration at the

�ller ends and a proper accounting of the interphase introduce a signi�cant degree

of uncertainty. However, the end stress is accessible unambiguously in our atomistic

simulations, and so, we simply set the boundary condition aty = l as� yy jy= l � � 0(l )

and extract � 0(l ) from our simulation data; the dependence of� 0 on the �ller width

(l) introduced here anticipates a scaling law that will be discussed later and can be

understood intuitively as the in�uence of ��aw� size on the stress concentration. The
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Table 2.3. Results of atomistic simulation data �tting according to the SFT model
(Eq. 2.6).

FIller Width,
2l (nm)

Filler Volume
Fraction, �

� � 0( l )=(E g" m )

avg. err. avg. err.

1 0.0023 0.0244 0.0023 0.0066 0.0002
2 0.0042 0.0134 0.0008 0.0082 0.0002
4 0.0074 0.0074 0.0005 0.0122 0.0004
8 0.0114 0.0033 0.0003 0.0212 0.0005
12 0.0145 0.0031 0.0004 0.0290 0.0009
20 0.0180 0.0025 0.0003 0.0443 0.0012
30 0.0201 0.0029 0.0002 0.0608 0.0019
50 0.0227 0.0025 0.0002 0.0927 0.0075

resulting (normalized) normal stress distribution in the �ller may, hence, be written

as 2.5, where we have introduced the dimensionless coordinate� = y=l and the �ller

aspect ratio s = l=t. When plotted in this dimensionless form, the normal stress

pro�les for a particular GNR (�xed l) practically collapse onto a single master curve

(Fig. 2.3 (b)); a � 5% deviation owing to systematic error with respect to the strain

level is attributed to small variations in the GNR morphology, such as the warping

or rippling of the GNR observed for larger ribbons. Shear-lag model generalizations

to capture �ller deviations from a planar morphology are beyond the scope of this

study but constitute an interesting topic to be addressed within perturbation theory

in future theoretical investigations. The dimensionless parameters� 0(s)=(Eg"m ) and

�s can now be determined via nonlinear regression.

The results from �tting of the atomic stress pro�les including those of Fig. 2.3 (b)

according to Eq. 2.5 are listed in Table 2.3 and plotted in Fig. 2.3 (c) for the various

�ller sizes studied here with sampling over� 30 stress pro�les per �ller. Examples of

data �ts in Fig. 2.3 (b) show that the modi�ed shear-lag model captures accurately

the axial stress distribution in the �llers with the exception of the intrinsic edge stress

that is beyond the purview of the model. A closer inspection of Table 2.3 and Fig. 2.3

(c) reveals that the shear-lag parameter� decreases rapidly with the �ller width and
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attains a near-constant value beyond2l � 10 nm. As � is, by de�nition, independent

of l , we interpret 10 nm to be the lower bound for the applicability of the shear-lag

model in our model nanocomposite. Furthermore, Table 2.3 and Fig. 2.3 (c) also

indicate that � 0(s) increases monotonically with the aspect ratios (equivalently, l ,

as t remains constant) closely following a power-law relation for larger �llers. Hence,

we make the scaling ansatz� 0(s)=(Eg"m ) = �s � � s� and determine� and � from

the calculated values of� 0(s). Here, � depends upon the material properties of the

�ller and the interphase, whereas� controls the �aw size e�ect and remains constant

(� � 4=5) for this particular ��aw�, that is, monolayer graphene �ller. Finally,

the elastic modulus for our model composite system with aligned short �llers of the

volume fraction � is given by (similar to that of Eq. 2.8)

E SF T
c = (1 � � ) Em + �E g

"

1 +
�
�s � � 1

� tanh(�s )
�s

#

: (2.9)

As seen from Fig. 2.3 (d), the predictions of Eq. 2.9 (SFT) are in excellent agreement

with the simulation results. We also note that a simplistic estimate according to the

rule of mixtures, Ec = (1 � � )Em + �E g, severely overestimates the elastic modulus

of the nanocomposite [Fig. 2.4 (a)], which underscores the importance of accounting

properly for the �aw-like behavior of the �llers [124].

Although our atomistic simulations are restricted to narrow GNR �llers�the

largest �ller of 50 nm already requiring a heavy computational cost�we outline

brie�y how our results can be extrapolated to larger �llers. First, we recall that

the shear-lag parameter,� , does not depend upon the �ller width beyond a lower

bound of � 10 nm (Fig. 2.3 (c) Table 2.3). Thus, if the �ller separation L z is held

constant, then the shear-lag parameter� remains constant, provided that a homoge-

neous state of the matrix strain,"m , is achieved between the �llers (well-separated

�llers). To allow for greater �exibility in the model, � could further be calculated

as a function ofL z. In Fig. 2.5, we show the results of numerical tests for three
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Figure 2.4. (a) Comparison of simulated elastic moduli of model graphene nanorib-
bons/HDPE composites with results from short-�ller (SFT) and long-�ller (LFT) the-
ories as well as rule of mixtures (RoM). (b) Comparison of simulated elastic moduli
of model graphene nano�ake/HDPE composites with results from short-�ller (SFT)
and long- �ller (LFT) theories as well as rule of mixtures (RoM).

di�erent values of L z for a �xed ribbon width of 2l = 12 nm. It is evident from these

results that the weak scaling of� with �ller separation L z(� � 1=Lz � t) is barely

distinguishable, giving essentially a constant value of� to within the statistical error;

the same is true of the end stress,� 0. These observations suggest that the mechanical

response of the composite discussed above can be taken to be dependent primarily

on the �ller size. Second, we note that the end stress� 0(l ) cannot grow unbounded

with increasing �ller size, l , and failure must eventually occur either by debonding

between the �ller and the interphase or by failure (yielding, void growth, etc.) within

the interphase/matrix. Thus, for long �llers, it is reasonable to invoke the usual

approximation of zero end stress,� 0 = 0; with these assumptions, we recover the

classical result for the composite modulus [45]

E LF T
c = (1 � � ) Em + �E g

"

1 �
tanh(�s )

�s

#

: (2.10)

As long as end stresses are transmitted from the polymer to the �ller, it is evident from

eqs 2.9 and 2.10 thatE SF T
c > E LF T

c (as �; � , and s > 0), and the reinforcement e�ect

is substantially higher than would be expected from a classical shear-lag analysis
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(Fig 2.3 (d)). We emphasize that this result indicates the correct scaling of SFT,

when compared with that of LFT, for very short �llers and does not imply that

short graphene �llers o�er better reinforcement than large �llers. The details of

the crossover from the short-�ller to the long-�ller regime are speci�c to the material

system and, given a reliable microscopic model, could be estimated from more detailed

MD simulations that pinpoint the onset of failure at the �ller ends.

Finally, we have also performed �nite-temperature MD simulations of graphene-

HDPE nanocomposites consisting of randomly distributed circular graphene nano�akes

in HDPE�a more realistic nanocomposite structure than the model system consid-

ered so far�and calculated the elastic moduli of the nanocomposites as a function of

�ller size. Figures 2.6 (a)� (d) display representative simulation supercells (details in

Table 2.2) for these cases while Fig. 2.6 (e) shows the scaling of the composite modu-

lus with the graphene �ller radius. The monotonic increase of the composite's elastic

modulus with graphene nano�ake radius,r , in Fig. 2.6 (e) is analogous to the com-

posite modulus scaling with nanoribbon width,l , of Fig. 2.3 (d) and consistent with

the modi�ed shear-lag picture for stress transfer. This observation was also reported

in our previous work [38] and is now con�rmed for more dilute �llers (2 wt. %) and

signi�cantly larger �ller sizes. Similar to the model composite (Fig. 2.2 (b),(d)), we

�nd the presence of a denser interphase in the vicinity of the nano�ake as well as the

presence of end stresses at the nano�ake edges (Fig. 2.7) with no evidence of debond-

ing over the range of strains (< 0.8%) applied in the mechanical testing simulations.

The analytical models discussed above (Eqs. 2.9 and 2.10) are directly applicable

only to �llers aligned with the load axis; nevertheless, these models furnish upper

bounds for a composite with randomly oriented �llers. As seen from Fig. 2.6 (e), the

short-�ller theory (SFT; non-zero end stresses) indeed provides an upper bound for

our simulation results whereas the long-�ller theory (LFT; zero end stresses) severely

underestimates the composite modulus. Once again, the simple rule-of-mixtures es-
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Figure 2.5. Comparison of (a) dimensionless axial stress pro�les,� yy(y=l)=(Eg"m ),
(b) shear-lag parameter, � , and (c) dimensionless end stress,� 0=(Eg"m ), for a
graphene nanoribbon of width2l = 12 nm for three di�erent �ller z� spacings,L z, of
6.0 nm, 8.2 nm, and 11.6 nm. Results are obtained from statistical averaging over 5
samples. The open blue squares in (c) are predicted values of the end stress according
to the Eq. � 0(s)=(Eg"m ) = �s � , using � = 2:89 � 10� 3 and � = 0:80, which were
obtained from the data �ts in Fig. 2(c). The close agreement between calculated and
predicted end stresses for the various di�erent �ller spacings examined indicates the
weak e�ect of L z for the system sizes modeled.
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Figure 2.6. (a)� (d) Representative atomic con�gurations of graphene� polymer
nanocomposites with randomly distributed circular graphene �akes (black disks) in
an HDPE matrix equilibrated at 150 K. The �ller radii are (a) 0.86, (b) 4.39, (c) 8.69,
and (d) 20.16 nm. (e) Composite elastic moduli computed from MD simulations of
tensile straining tests as a function of �ller radius,r , along with the upper bounds
calculated according to SFT (Eq. 2.9) and estimates from LFT (Eq. 2.10). The
dashed lines are a guide to the eye; for clarity, only one error bar is shown in each
case for the SFT and LFT data, the other error bars being of comparable size.
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Figure 2.7. (a) 3D view of the atomic con�guration of a graphene� HDPE nanocom-
posite with randomly distributed circular graphene �akes of radius61:85Å equili-
brated at 150 K. This view also highlights the polymer densi�cation near the vicinity
of each �ake. (b) Atomic density pro�les, � (z=Lz)=� 0, of the polymer in the direction
normal to the (b1) top left and (b2) bottom right graphene �ake in (a), wherez here
is used to denote a local coordinate normal to each graphene �ake. In each plot,
the dashed red line represents an optimal Gaussian envelope to the density pro�le.
Distributions of the product of the simulation cell volume with the atomic-level von
Mises stress (in eV) for uniaxial straining over the (c) top left and (d) bottom right
graphene �ake in (a) at an applied strain level of0:04%along the (c1, d1)x, (c2, d2)
y, and (c3, d3)z directions.

timate is seen to perform poorly as compared to the shear-lag-based model [Fig. 2.4

(b)] underscoring the �aw-like nature of these �llers. More rigorous models [125, 126]

for the mechanical response of these nanocomposites that take into account both the

random orientation as well as the geometrical details of �akes are beyond the scope

of this work and will be considered elsewhere.

2.5 Conclusions

We have simulated and analyzed the elastic response of graphene� HDPE nanocom-

posites using molecular statics and MD simulations. Using model GNRs as �llers,

we have developed a hierarchical multiscale shear-lag model that captures accurately

stress pro�les in these short �llers and the macroscopic elastic response of the aligned
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nanoribbon� HDPE composite. A key feature of our model is the correct description

of the end stress concentration from fully atomistic modeling without any ad hoc ap-

proximations. The end stress concentration� 0 scales with the �ller sizel as� 0 � l4=5,

indicating the �aw-like character of monolayer graphene �llers. The inclusion of this

end stress in the modi�ed shear-lag model leads to excellent agreement with com-

posite elastic moduli computed from atomistic simulations, in distinct variance with

predictions from conventional shear-lag models or simple averaging through rule of

mixtures. Moreover, the predicted composite moduli from the modi�ed shear-lag

theory also furnish reasonable upper bounds for elastic moduli computed from MD

simulations of straining of nanocomposites with randomly-oriented graphene �akes in

HDPE unlike standard shear-lag models or rule of mixtures.

The hierarchical multiscale modeling approach developed here for graphene� HDPE

nanocomposites, including proper atomistically-based parameterization of coarse-

grained models and multiscale linking through an atomistically-supplied boundary

condition for well-posedness of a continuum mechanics boundary-value problem, is

readily applicable to other graphene-based nanocomposites and to 2D �llers beyond

graphene. It is also of particular relevance in the short-�ller limit, which is the typi-

cal situation with solution-processed 2D materials [103, 106]. Furthermore, accurate,

atomistically-informed continuum models of stress transfer at the elementary �ller

level can now enable more sophisticated continuum analyses [125, 126] with ran-

domly oriented �llers and/or various �ller shapes, which will be considered in the

future.
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CHAPTER 3

MECHANICAL PROPERTIES OF HYDROGENATED
ELECTRON-IRRADIATED GRAPHENE

3.1 Introduction

Defect engineering and chemical functionalization of graphene are promising routes

for fabricating carbon nanostructures and two-dimensional (2D) metamaterials with

unique properties and function [16, 51�53, 127, 54, 55, 128, 129, 56�64]. While pris-

tine, defect-free graphene has exceptional mechanical properties, such as high tensile

strength and sti�ness [65�67], it is intrinsically a brittle material [65]. Introduction of

defects in graphene through, e.g., electron or ion irradiation may lead to a substan-

tial decrease in its strength [16, 51, 68�70]; heavily irradiated graphene exhibits void

formation due to vacancy aggregation and may even undergo amorphization [16, 21].

Recent theoretical studies have suggested that void arrangements or heavy irradiation

damage increase graphene's ductility [14, 15]. Defective graphene sheets can provide

templates for chemical functionalization through passivation of dangling bonds asso-

ciated with defect sites [16�18]. Such chemical functionalization of defective graphene

with increased ductility is a promising step toward developing strategies for fabrica-

tion of 2D materials with exceptional mechanical properties and good control over

the detrimental e�ects of defects on their electronic and optical properties.

In a previous computational study [21], we generated irradiated graphene sheets

through introduction in the graphene lattice of random distributions of vacancies, with

increasing vacancy concentration representing an increase in the irradiation dose, and

subsequent proper structural relaxation [21]. The structural features of our irradiated
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graphene models are in qualitative agreement with those of samples prepared by 100-

keV electron irradiation at various levels of electron beam exposure, which become

amorphized at high electron beam exposure [16]. Speci�cally, computer-generated

damaged graphene sheets retain a coherent 2D structure (i.e., the sheets remain

two-dimensional instead of collapsing to three-dimensional structures), which is char-

acterized by formation of holes that occupy an increasing fraction of the sheet's area

with increasing inserted vacancy concentration; at low vacancy concentration, these

holes are surrounded by essentially perfect graphene with a low density of polygon

reconstructions while, at high vacancy concentration, they are surrounded by patches

of essentially random polygons [16, 21]. In general, all the structural features of

the experimental samples have been reproduced in our computer models of irradiated

graphene. Our irradiated graphene sheets also exhibited an increasing (nonvanishing)

electronic density of states at the Fermi level with increasing vacancy concentration,

i.e., a metallic character as a result of introducing dangling-bond localized states

near the Fermi level [21]. We found that single-layer graphene undergoes a vacancy-

induced (i.e., irradiation-induced) crystalline-to-amorphous transition for an inserted

vacancy concentration� 5� 10% [21]. This amorphization transition is accompanied

by a brittle-to-ductile transition in the mechanical response of the irradiated graphene

sheets [14], which, even when heavily damaged, remain signi�cantly strong retaining

� 30% of their tensile strength in the perfect (defect-free) structural state. Never-

theless, the mechanical behavior of chemically functionalized irradiated graphene has

not been studied systematically and the e�ects of chemical functionalization on the

mechanical properties of irradiated graphene remain elusive.

Toward this end, the purpose of this chapter is to examine the e�ects of hydro-

genation on the mechanical properties of irradiated graphene, including irradiation-

induced amorphous graphene. Using systematic protocols of molecular-dynamics

(MD) simulations of tensile straining tests, we �nd that hydrogenation does not a�ect
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the ultimate tensile strength (UTS) of the irradiated graphene sheets if the hydro-

genated C atoms remainsp2-hybridized. However, upon inducingsp3 hybridization

of these C atoms by increasing the extent of hydrogenation, we �nd that UTS de-

creases by� 10 GPa. Hydrogenation, regardless of hydrogenated C hybridization

type, also leads to a reduction in the fracture strain by up to� 30%, resulting in

reduced ductility of the irradiated sheets. We characterize the fracture mechanisms

in detail and elucidate the embrittling e�ects of hydrogen as a function of the extent

of hydrogenation.

3.2 Computational Methods

To study the mechanical behavior of the irradiated graphene sheets at various lev-

els of hydrogenation, we conducted MD simulations of uniaxial straining tests. In the

MD simulations, the interatomic interactions were described according to the adaptive

interatomic reactive empirical bond-order (AIREBO) potential [130], as implemented

in the LAMMPS software package [107], with the smaller C-C cuto� distance in the

AIREBO switching function adjusted to 2.0 Å to avoid numerical artifacts at high

strains [131, 66, 70]. At the pristine (no hydrogen) and perfect (no defects) state of

the graphene sheets, the simulation supercell consisted of 1500 C atoms with dimen-

sions of 62.8 Å� 60.5 Å and periodic boundary conditions applied in the graphene

plane. The samples were prepared as described in Ref. 21 and their structure and

morphology are consistent with those of electron-irradiated graphene sheets with a

100-keV electron beam [16, 21]. Speci�cally, the samples were irradiated by introduc-

tion of random distributions of vacancies, with the vacancy concentrationc as the

control parameter, and were relaxed using a variant of simulated annealing (with a

cooling schedule consisting of several annealing stages starting at 1900 K) with MD

relaxation carried out at each annealing stage followed by further local relaxation by
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Figure 3.1. Atomic structure of graphene sheet in the vicinity of a single vacancy
after (a) partial hydrogenation and (b) full hydrogenation of the originally under-
coordinated C atoms due to the presence of the vacancy. Large black and small pink
spheres are used to denote C and H atoms, respectively.

conjugate-gradient energy minimization before the next annealing stage; increasingc

corresponds to an increase in the electron irradiation dose.

The hydrogenation of the irradiated graphene sheets was performed by locating

the under-coordinated C atoms in the defective sheets and terminating them (i.e.,

passivating some or all of their dangling bonds) with H atoms. The extent of hydro-

genation was controlled by the extent of passivation, as shown in Fig. 3.1, for the

H termination of under-coordinated C atoms in the immediate vicinity of a defect.

Terminating an under-coordinated C atom with one H atom (referred to as partial

hydrogenation), as in Fig. 3.1(a), retains itssp2 hybridization, while terminating

with two H atoms (referred to as full hydrogenation), as in Fig. 3.1(b), changes its

hybridization to sp3. The results shown in this study are for �partially� and �fully �

hydrogenated (as de�ned above) irradiated graphene sheets. It should be mentioned

that the above two hydrogenated states represent extreme levels of hydrogenation and

constitute a lower bound and an upper bound, respectively, for the extent of hydro-

genation to passivate the carbon dangling bonds. However, studying the mechanical

behavior of these two extreme hydrogenated states can be used to bracket the me-

chanical response of the actual state of the material at given number of passivating
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Figure 3.2. Representative con�gurations of relaxed (a,d) pristine, (b,e) partially
hydrogenated, and (c,f) fully hydrogenated irradiated graphene sheets at inserted
vacancy concentrations of (a-c)c = 4% and (d-f) c = 10%. Carbon and hydrogen
atoms are denoted by silver and gold spheres, respectively.

H atoms; alternatively, Monte Carlo sampling at a given number of H atoms can be

used to properly passivate the C atoms with dangling bonds.

Following H termination, we conducted isothermal-isobaric MD simulations at

300 K and zero pressure to relax the hydrogenated irradiated graphene structures.

Figure 3.2 shows the structures of representative relaxed irradiated graphene sheets

at various levels of hydrogenation for two inserted vacancy concentrations,c = 4%

and 10%. The structural features of these con�gurations (polygon reconstructions,

void formation, etc.), as described in Section 5.1 and consistent with the �ndings

of Ref. 21, are evident in these damaged con�gurations, as well as the structural

disorder at high vacancy concentration, Figs. 3.2(d-f) atc = 10%, with patches of

essentially random polygons surrounding the holes in the damaged sheets. It is also

evident that the morphology of these relaxed damaged sheets is non-planar, with the

sheets being wrinkled and rough and their warpage increasing with increasing vacancy

concentration, which also is consistent with the morphological characterization of

Ref. 21. These relaxed sheets were then subjected to uniaxial tensile straining along
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both the armchair and the zigzag directions at constant temperature of 300 K and

applied strain rate of 5� 108 s� 1. Additional details for simulating straining tests and

computing mechanical properties can be found in Ref. 14.

3.3 Results and Discussion

3.3.1 Mechanical Properties

Representative results for the mechanical response to uniaxial tensile straining

along the armchair (AC) direction, in terms of computed stress-strain curves, are

shown in Figs. 3.3(a), 3.3(b), and 3.3(c) for pristine, partially hydrogenated, and fully

hydrogenated irradiated graphene sheets, respectively, at various levels of inserted

vacancy concentration,c. In all cases, the brittle-to-ductile transition is evident upon

increasingc, and the defective sheets are ductile forc � 8%. However, in all cases, the

failure strain is seen to decrease with hydrogenation, implying reduced ductility in

the hydrogenated samples. The mechanical behavior under uniaxial straining along

the zigzag (ZZ) direction of all the samples examined is very similar to that under

straining along the armchair direction as shown in Figs. 3.4(a), 3.4(b), and 3.4(c) for

pristine, partially hydrogenated, and fully hydrogenated irradiated graphene sheets,

respectively.

The resulting mechanical properties of our irradiated graphene samples are plotted

in Fig. 3.5 as a function of the inserted vacancy concentrationc; at each c and

extent of hydrogenation, the reported results correspond to averages over 15 MD

trajectories with di�erent initial random vacancy distributions. From Fig. 3.5(a),

it is evident that partial hydrogenation does not a�ect the ultimate tensile strength

(UTS) of the irradiated sheets. On the other hand, full hydrogenation, due to thesp3

rehybridization of the C atoms in the vicinity of the defects in the damaged sheets,

has a substantial impact on the UTS causing it to decrease almost uniformly by up

to � 10 GPa throughout the range ofc. However, in spite of this reduction, even the

42



Figure 3.3. Mechanical response of (a) pristine, (b) partially hydrogenated, and (c)
fully hydrogenated irradiated graphene sheets subjected to uniaxial tensile straining
along the armchair direction. The various stress-strain curves are colored according
to the vacancy concentration,c, of the corresponding irradiated graphene sheet as
indicated in the legends, withc = 0% representing the pristine, defect-free graphene
sheet.
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FIG. S1.  Mechanical response of (a) pristine, (b) partially hydrogenated, and (c) fully 
hydrogenated irradiated graphene sheets subjected to uniaxial tensile straining along the zigzag 
direction. The various stress-strain curves are colored according to the vacancy concentration 
of the corresponding irradiated graphene sheet as indicated in the legends, with c = 0% 
representing the pristine, defect-free graphene sheet.!!
!!
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Figure 3.4. Mechanical response of (a) pristine, (b) partially hydrogenated, and (c)
fully hydrogenated irradiated graphene sheets subjected to uniaxial tensile straining
along the zigzag direction. The various stress-strain curves are colored according
to the vacancy concentration,c, of the corresponding irradiated graphene sheet as
indicated in the legends, withc = 0% representing the pristine, defect-free graphene
sheet.
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Figure 3.5. (a) Ultimate tensile strength (UTS), (b) strain-to-failure, and (c) frac-
ture toughness exhibited upon uniaxial tensile straining along the armchair direction
by pristine, partially passivated, and fully passivated irradiated single-layer graphene
sheets as a function of the vacancy concentration,c, inserted upon irradiation. In all
cases,c = 0% corresponds to the pristine, defect-free graphene sheet. Straight-line
least-squares �ts to the computational results in (b) and (c) are used simply as a
guide to the eye.
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FIG. S2. (a) Ultimate tensile strength (UTS), (b) strain-to-failure, and (c) fracture toughness 
exhibited upon uniaxial tensile straining along the zigzag direction by pristine, partially passivated, 
and fully passivated irradiated single-layer graphene sheets as a function of the vacancy 
concentration inserted upon irradiation. In all cases, c = 0% corresponds to the pristine, defect-free 
graphene sheet. Straight-line least-squares fits to the computational results in (b) and (c) are used 
simply as a guide to the eye.!
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Figure 3.6. (a) Ultimate tensile strength (UTS), (b) strain-to-failure, and (c) frac-
ture toughness exhibited upon uniaxial tensile straining along the zigzag direction
by pristine, partially hydrogenated (passivated), and fully hydrogenated irradiated
single-layer graphene sheets as a function of the vacancy concentration,c, inserted
upon irradiation. In all cases,c = 0% corresponds to the pristine, defect-free graphene
sheet. Straight-line least-squares �ts to the computational results in (b) and (c) are
used simply as a guide to the eye.
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weakest, most damaged fully hydrogenated sheets remain very strong with a UTS of

� 10 GPa or higher. In contrast to the computed UTS trends, the failure strain of the

irradiated samples, Fig. 3.5(b), is reduced substantially upon partial hydrogenation

throughout the range ofc by up to � 30%; this reduction is not a�ected further by

additional hydrogenation and rehybridization of the hydrogenated C atoms. As a

result, the fracture toughness of our defective graphene sheets, Fig. 3.5(c), a metric

of the total energy dissipated during straining toward fracture and complete sheet

failure, is seen to decrease continuously with the extent of hydrogenation over the

entire c range examined. Again, similar results were obtained for the samples with

uniaxial straining along the zigzag direction as represented in Figs. 3.6(a), 3.6(b),

and 3.6(c) for pristine, partially hydrogenated, and fully hydrogenated irradiated

graphene sheets, respectively.

We also found the UTS of both partially and fully hydrogenated irradiated graphene

sheets to decrease monotonically with increasing H atomic fraction. Figure 3.7 shows

the dependence of the ultimate tensile strength (UTS) of all the hydrogenated irra-

diated graphene sheets examined on their hydrogen (H) atomic fraction,x. The H

atomic fraction is de�ned as

x =
Number of chemisorbed hydrogen atoms

Total number of atoms in sheet
(3.1)

It should be emphasized that the plots of Fig. 3.7 do not re�ect the e�ect on UTS

solely due to hydrogenation of the irradiated samples. Speci�cally, each point in

the UTS vs. x plots represents a di�erent vacancy concentration in the irradiated

structures. The red and blue curves represent non-linear, power-law (UTS� x � � )

least-squares �ts within 95% con�dence intervals for partially hydrogenated and fully

hydrogenated samples, respectively. The curves from this �tting procedure serve

merely as guides to the eye and aid in distinguishing between the responses to uniax-
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Figure 3.7. Ultimate tensile strength (UTS) of hydrogenated irradiated graphene
sheets under applied uniaxial tensile straining along the (a) armchair and (b) zigzag
directions as a function of the hydrogen atomic fraction,x. Curve �tting of the
computational results with 95% con�dence bounds according to the scaling law UTS
� x � � with the exponent � = 0:58 and � = 0:98 for partially and fully hydrogenated,
respectively, irradiated graphene sheets is used simply as a guide to the eye.
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ial straining of the fully and partially hydrogenated structures. The results, for both

straining directions, indicate that the UTS dependence onx is stronger for the fully

passivated irradiated graphene sheets over the range of inserted vacancy concentra-

tion. Also, it should be noted that the corresponding scaling exponents,� , are the

same for straining along either direction (armchair or zigzag).

3.3.2 Atomic-Scale Analysis of Mechanical Response to Straining

Figures 3.8(a), 3.8(b), and 3.8(c) show sequences of atomic con�gurations during

straining along the AC direction of pristine, partially hydrogenated, and fully hydro-

genated irradiated graphene sheets, respectively, withc = 2%. In all cases, the atoms

are colored according to their von Mises stress to highlight the evolution of the stress

distributions in the deformed samples. At this level (lowc) of irradiation dose, it

is evident that the fracture of the defective sheets is brittle at any level of hydro-

genation; cracks are initiated at sites of high stress concentration in the vicinity of

vacancies or reconstructed small vacancy clusters, have sharp tips, and propagate fast

leading to failure by brittle cleavage. Complete decohesion is preceded by formation

of strong monatomic C chains, connecting the two pieces of the sheet in the supercell,

a typical feature of failure in irradiated graphene [21, 14], polycrystalline graphene

[132, 133], and defective graphene bilayer nanoribbons [134]. The main impact of

hydrogenation is the lowering of the failure strain as seen in comparing strain levels

accompanying the sequence of Fig. 3.8(a) with those of Figs. 3.8(b) and 3.8(c). In

the hydrogenated samples, cracks are initiated at regions with hydrogenated C atoms

and the monatomic C chains �nally break by bond cleavage between C atoms, at

least one of which is hydrogenated. Moreover, in the fully hydrogenated samples,

local stresses develop in the vicinity ofsp3-bonded C atoms [128], andsp3 bond rota-

tions, similar to those in hydrogenated perfect (non-damaged) graphene,[56] weaken
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Figure 3.8. Snapshots of atomic con�gurations of (a) pristine, (b) partially hydro-
genated, and (c) fully hydrogenated irradiated single-layer graphene sheets during
uniaxial tensile straining along the armchair direction (horizontal direction in the
�gure) for an inserted vacancy concentration of 2%. Strain levels are indicated above
each snapshot. The atoms in each snapshot are colored according to the product of
the atomic-level von Mises stress� V M with the atomic volume 
 as indicated in the
color scale shown in the legend while the H atoms in (b) and (c) are colored black.

C-C bonds involving sp3-hybridized C atoms. This explains the strength reduction

in these sheets upon �full� hydrogenation even at low levels ofc.

An analogous sequence of con�gurations during the straining of irradiation-induced

amorphous and hydrogenated amorphous graphene sheets atc = 10% is shown in Fig.

3.9. In all cases, the deformation leads to void formation and coalescence that allows

the samples to dissipate their strain energy, through a network of stress percolation

paths, over a longer period of straining, thus rendering them ductile. Hydrogena-

tion a�ects the fracture mechanism through the formation of cracks that have tips
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Figure 3.9. Snapshots of atomic con�gurations of (a) pristine, (b) partially hydro-
genated, and (c) fully hydrogenated irradiated single-layer graphene sheets during
uniaxial tensile straining along the armchair direction (horizontal direction in the �g-
ure) for an inserted vacancy concentration of 10%. Strain levels are indicated above
each snapshot. The atoms in each snapshot are colored according to the product of
the atomic-level von Mises stress� V M with the atomic volume 
 as indicated in the
color scale shown in the legend while the H atoms in (b) and (c) are colored black.
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sharper than those in the voids of the pristine (non-hydrogenated) amorphous sheets,

Fig. 3.9(a). The formation and propagation of these sharper cracks, Figs. 3.9(b)

and 3.9(c) at a strain level of 15%, constitutes a hydrogen embrittlement e�ect with

similarities to hydrogen embrittlement in metals.[135�137] For fully hydrogenated

amorphous graphene sheets, such as that of Fig. 3.9(c), such sharper cracks are ini-

tiated at multiple locations in each sample. C-C bond weakening and rearrangement

due to the sp3 hybridization of the hydrogenated C atoms facilitate the easier prop-

agation of such cracks, lowering the strength and toughness of the material. These

fracture mechanisms and hydrogen embrittlement e�ects are more prominent in heav-

ily damaged sheets as represented in Fig. 3.10.

A sequence of atomic con�gurations during straining along the armchair direction

of an irradiated graphene sample with an inserted vacancy concentration of 16%, is

shown in Fig. 3.10. Vacancy cluster formation due to vacancy coalescence and disor-

der in the arrangement of the atomic carbon chains in the amorphized structure are

responsible for the ductile response exhibited in the con�gurational sequence of Fig.

3.10(a). However, the con�gurational sequence of Fig. 3.10 (b), where the irradiated

graphene sample has been partially hydrogenated, provides evidence of hydrogen em-

brittlement compared to the response of Fig. 3.10(a) expressed by breaking of C-C

bonds and monatomic carbon chains at lower strain levels, thus lowering the failure

strain, as well as forming propagating cracks with sharper tips (see, e.g., con�guration

in (b) with " = 20.0%). Finally, the con�gurational sequence of Fig. 3.10(c) shows

void opening and growth to release the strain energy at a much earlier strain level

compared to those at lower levels of hydrogen passivation, Figs. 3.10(a) and 3.10(b),

hence lowering the UTS of the fully hydrogenated structures. Moreover, the strain-to-

failure is lowered due to the earlier breaking of the monatomic carbon chains formed

between large voids upon irradiation. Therefore, hydrogen embrittlement e�ects are

clearly evident in these hydrogenated amorphous structures in a manner similar to
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FIG. S3. Snapshots of atomic configurations of (a) pristine, (b) partially hydrogenated, and (c) fully 
hydrogenated irradiated single-layer graphene sheets during uniaxial tensile loading along the armchair 
direction (horizontal direction in the figure) for an inserted vacancy concentration of 16%. Strain levels are 
indicated above each snapshot. The atoms in each snapshot are colored according to the product of the 
atomic-level von Mises stress * +, -with the atomic volume .  as indicated in the color scale shown in the 
legend. 
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Figure 3.10. Snapshots of atomic con�gurations of (a) pristine, (b) partially hy-
drogenated, and (c) fully hydrogenated irradiated single-layer graphene sheets during
uniaxial tensile straining along the armchair direction (horizontal direction in the �g-
ure) for an inserted vacancy concentration of 16%. Strain levels are indicated above
each snapshot. The atoms in each snapshot are colored according to the product of
the atomic-level von Mises stress� V M with the atomic 
 volume as indicated in the
color scale shown in the legend while the H atoms in (b) and (c) are colored black.
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those presented in Fig. 3.9 for hydrogenated irradiated graphene sheets at an inserted

vacancy concentration of 10%.

3.4 Summary and Conclusions

In summary, using molecular-dynamics simulations of tensile straining tests, we

explored the e�ects of hydrogenation on the mechanical properties of irradiated

graphene sheets, represented by computer-generated damaged graphene sheets with

structure and morphology consistent with those of graphene sheets exposed to 100-

keV electron irradiation. We found that hydrogenation a�ects the strength of irradi-

ated graphene only if it changes the hybridization of the hydrogenated carbon atoms

to sp3, in which case it causes strength reduction by� 10 GPa over the irradiation

dose range that causes amorphization of the defective graphene sheets. The fracture

toughness of the irradiated samples also decreases with increasing extent of hydro-

genation. The impact of hydrogenation on the mechanical properties of these mate-

rials was explained by elucidating the hydrogen e�ects on bond strength and bond

rearrangements during fracture. In spite of these negative e�ects, the hydrogenated

irradiated graphene sheets remain ductile for irradiation doses that are su�ciently

high to cause their amorphization and have remarkable strength, superior to those

of most engineering materials. Therefore, our study establishes hydrogenated irra-

diated graphene and, more importantly, hydrogenated amorphous graphene as an

outstanding two-dimensional mechanical material.

Our �ndings are very useful for designing hydrogenation and other chemical func-

tionalization strategies to tailor the properties of defect-engineered ductile graphene

sheets by defect passivation. Although our study is theoretical and computational,

our model of irradiated and irradiation-induced amorphous graphene is well vali-

dated by comparison of its predictions of the material's structure and morphology

with experimental observations and data in the literature [16] for electron-irradiated
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graphene samples. Our �ndings on hydrogenated irradiated graphene can be used to

both formulate experimentally testable hypotheses and precisely design experimen-

tal protocols to hydrogenate (or �uorinate or functionalize through another chemical

route) electron-irradiated graphene, resulting in a ductile two-dimensional material

with outstanding mechanical properties and tunable electronic, optical, and other

properties; such tunability can be achieved by controlling the extent of hydrogena-

tion or other chemical functionalization starting with electron-irradiated graphene as

a fundamentally understood template with exceptional mechanical properties.
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CHAPTER 4

THERMAL CONDUCTIVITY OF
ELECTRON-IRRADIATED GRAPHENE

4.1 Introduction

Graphene derivatives and graphene-based metamaterials fabricated by defect en-

gineering and chemical functionalization have unique properties toward enabling a

broad range of engineering applications [16, 51�58, 17, 59�64]. Electron irradiation is

particularly appealing for defect engineering because it can be used to tune the struc-

ture and properties of such graphene-based materials by precisely controlling electron

energy and irradiation dose. Electron-irradiation-induced amorphization of graphene

has been demonstrated experimentally [16], and computer models have been devel-

oped that reproduce the experimentally reported amorphized structures [21, 14]. In

these models, the irradiated structures are generated by introducing into the graphene

lattice random distributions of vacancies and properly relaxing the defective lattice

structure. The amorphization transition occurs at an inserted vacancy concentration

of 5-10% [21], and is accompanied by a brittle-to-ductile transition in the mechanical

response [14]. Defect passivation in the irradiated graphene sheets does not alter the

onset of ductility [138]. In pristine graphene, thermal transport is mainly limited by

Umklapp phonon-phonon scattering characterized by a long phonon mean free path

(� 775 nm) [71], which results in high thermal conductivity (� 2000-5000 W/(m�K))

[71�73]. Disorder and lattice defects introduce additional phonon scattering mecha-

nisms that a�ect substantially the lattice thermal conductivity of graphene. Thermal

transport simulations have predicted a reduced thermal conductivity of amorphous,
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but otherwise sp2-bonded, graphene compared to that of pristine graphene [19, 20].

Substantial defect-induced reduction of the intrinsic thermal conductivity of pristine

graphene also has been demonstrated for various types of lattice imperfections, includ-

ing monovacancies and divacancies, Stone-Wales defects, impurities, and nanoribbon

edges [72�80, 77, 81, 82]. However, an understanding of the thermal transport proper-

ties of electron-irradiated graphene � with its truly representative plethora of defects

� and their dependence on irradiation dose remains elusive.

The purpose of this chapter is to determine the impact of electron irradiation on

the thermal conductivity of graphene. Using molecular-dynamics (MD) simulations

on structural models that represent irradiated graphene properly, we analyze ther-

mal transport in electron-irradiated graphene sheets as a function of the irradiation

dose quanti�ed through the concentration,c, of vacancy defects introduced into the

sheets upon irradiation. We also explore the e�ects of passivation with H atoms of

the dangling bonds of undercoordinated C atoms generated by the irradiation. We

�nd that throughout the range of c and for every extent of passivation examined, the

c dependence of the thermal conductivity of the irradiated sheets obeys a universal

functional form involving a single coe�cient that expresses the e�ect of the phonon

scattering mechanisms on the conductivity reduction with increasingc. Interestingly,

our results also indicate that the irradiation-induced amorphization threshold is cor-

related with a change in the dominant thermal transport mechanism in the irradiated

sheets.

4.2 Computational Methods

Thermal transport in irradiated and hydrogen-passivated irradiated graphene is

analyzed based on Müller-Plathe non-equilibrium molecular-dynamics (NEMD) sim-

ulations [139], implemented using the LAMMPS software package [107], with the in-

teratomic interactions described according to the adaptive interatomic reactive bond
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Figure 4.1. Representative steady-state temperature pro�le along the heat �ux di-
rection (zigzag) of a 40 nm� 5 nm graphene-sheet supercell, with the long dimension
along the zigzag direction. The black solid lines show excellent linear �ts of the
simulation results (blue open squares) for the temperature distribution away from
the heat source and sink regions (red open squares), indicating a linear temperature
pro�le that implies a constant temperature gradient. A schematic representation of
the NEMD simulation supercell is shown above the plot, depicting the hot and cold
regions and the constant heat current generated. (b) Dependence of computed ther-
mal conductivity, k, on the supercell length,L, in the heat �ux direction in a plot of
1=k as a function of1=L (black open squares). The dashed red line is a linear �t to
the simulation results used for extrapolation to the1=L ! 0 limit, which yields the
�bulk" thermal conductivity.
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order (AIREBO) potential [130]. After proper structural relaxation (detailed below

for irradiated samples) at 300 K and zero pressure, the graphene sheets were equi-

librated further in the microcanonical ensemble (at constant volume and energy).

Subsequently, a constant heat �ux was imposed by adding/subtracting heat in the

hot/cold regions of the supercell at the same rate (6.4� 10� 8 W). A schematic rep-

resentation of the supercell employed in our NEMD simulation procedure is shown

on top of Fig. 4.1(a). Under the imposed heat �ow, the temperature �eld in the

graphene sheets reaches a steady state within 2 ns. The simulations are then carried

out for several more ns for averaging and data collection. At steady state, a constant

temperature gradient is established along the heat �ux direction, which is used to

calculate the thermal conductivity of the graphene sheet according to Fourier's law of

heat conduction,J = � kr T, whereJ is the heat �ux, k is the thermal conductivity

tensor of the material, andr T is the thermal gradient. For isotropic heat conduction,

k is reduced to a scalar quantity, and for a one-dimensional heat �uxr T is reduced to

dT=dx. Figure 4.1(a) shows a representative steady-state temperature pro�le along

the heat �ux direction, x, for a graphene supercell of lengthL = 40 nm alongx.

In all of our simulations, the width of the graphene sheet supercell was �xed

to 5 nm, as determined by systematic convergence tests. In the dilute defect limit

(low c), for computational tractability due to the long phonon mean free path, we

implemented a scaling procedure for the dependence ofk on L [140], with L ranging

up to 400 nm: this is shown in Fig. 4.1(b) where1=k is plotted as a function of

1=L and the bulk thermal conductivity k is derived by linear extrapolation to the

1=L ! 0 limit. For pristine graphene, we �nd the bulk thermal conductivity to be

482� 31 W/(m �K) and 470� 25 W/(m �K) for heat �ow along the zigzag (ZZ) and

armchair (AC) direction, respectively, in agreement with a recent study employing

the same interatomic potential [141]. These results imply isotropic heat conduction

in our graphene sheets.
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The irradiated graphene samples were generated by introducing into the graphene

supercell random distributions of vacancies, at a given concentrationc, and per-

forming a very systematic structural relaxation scheme by implementing a variant of

simulated annealing. Speci�cally, following a conjugate-gradient local energy mini-

mization, the samples were equilibrated by MD simulation for 100 ps at 1900 K and

zero pressure using a Nosé-Hoover thermostat and barostat with a simulation time

step of 0.2 fs. Subsequently, a cooling schedule was executed with cooling stages (from

1900 to 300 K) at 200 K apart from each other and Monte Carlo (MC) simulation

of thermal annealing was conducted for an order of105 MC sweeps at each stage

employing a time-stamped force-biased MC (tfMC) algorithm [142], implemented in

LAMMPS [143, 144]. Further equilibration by MD at 300 K and zero pressure for an-

other 500 ps prior to equilibration in the microcanonical ensemble for 100 ps was used

to prepare the materials for NEMD simulation as described above. Representative

con�gurations of structurally-relaxed, irradiated graphene sheets generated through

this method are shown in Fig. 4.2(b1-b8) for inserted vacancy concentrations ranging

from 2% to 16%. Consistent with our previous studies [21, 14, 138], as well as exper-

imental observations [16], these irradiated sheets retain their coherent 2D structure;

however, their morphology is non-planar characterized by wrinkles and roughness

that increases with increasing vacancy concentration. After steady state was reached

(within � 2 ns), spatial and time averaging was performed for another 2-4 ns to obtain

the resulting constant temperature gradient and the corresponding thermal conduc-

tivity. For crystalline graphene sheets atc levels below the amorphization threshold,

the (bulk) conductivity values k reported here are well converged with the supercell

length L. For amorphized sheets, supercells withL = 20 nm are su�ciently long

for accuratek computations. All the thermal conductivity results reported here are

average values over 10 di�erent NEMD runs, for 5 di�erent irradiated samples (i.e.,
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di�erent initial random vacancy distributions at given c) with the heat �ow imposed

along two di�erent (ZZ and AC) directions.

Figure 4.2(a) shows our simulation results for the dependence on the inserted va-

cancy concentrationc of the thermal conductivity k of the irradiated graphene sheets.

It is evident from Fig. 4.2(a) that k is reduced dramatically upon introduction of a

dilute vacancy population, at lowc, with the k(c) dependence becoming signi�cantly

weaker at higherc levels. Throughout the inserted vacancy concentration range ex-

amined, an excellent description of the simulation results is given by the equation

k
k0

=
1

1 + � i c
; (4.1)

where k0 is the (bulk) thermal conductivity of pristine graphene and� i represents

a �thermal conductivity reduction" coe�cient; i = 0 denotes unpassivated irradiated

graphene. Equation (4.1) provides an excellent optimal �tting of the simulation re-

sults (see red dashed line in Fig. 4.2(a)) with a �tting parameter value of� 0 = 6:311

for c expressed in percent. Equation (4.1) implies that the value ofk drops to half of

that of k0 at c � 0.15% and to less than 2% ofk0 at the amorphization threshold. The

inset in Fig. 4.2(a) shows a magni�cation of the main plot forc > 1%. The two dashed

lines represent optimal linear �ts of thek(c) results below and above the amorphiza-

tion threshold, or linearizations of Eq. (4.1) over the correspondingc ranges. The

dramatically di�erent slopes of the two lines, (dk=dc)crystalline � (dk=dc)amorphous ,

imply that the order-to-disorder structural transition is accompanied by a transition

in the dominant thermal transport mechanism.

4.3 Results and Discussion

It should be mentioned that the k(c) correlation of Eq. (4.1) is a practically

equivalent functional form with correlations reported in computational studies of
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Figure 4.2. (a) Scaled thermal conductivity,k=k0, of irradiated graphene as a func-
tion of the inserted vacancy concentration,c (black open squares). The red dashed
line represents an optimal �t to the simulation results according to Eq. (4.1). The
inset focuses on the simulation results forc > 1%and shows two optimal linear �ts to
the results at lower and higherc levels, below and above the amorphization thresh-
old, respectively. Only the largest error bars are shown for clarity. (b1-b8) Properly
relaxed representative irradiated graphene con�gurations in 20 nm� 5 nm super-
cells with the long dimension along the zigzag direction at di�erent inserted vacancy
concentrations ranging fromc = 2% to c = 16%.

62



thermal transport in graphene sheets with isolated monovacancies (mv) and Stone-

Wales (SW) defects at low concentrations [77]; in the context of Eq. (4.1),� SW <

� mv < � 0 = 6.311. We conclude that Eq. (4.1) provides a universal expression for the

defect-induced deterioration of thermal conductivity in graphene. The reason why the

k reduction coe�cient � 0 is highest in our samples is the structure of our graphene

sheets, which contain larger voids (mv clusters) as well as carbon ring reconstructions

resulting in networks of random polygons surrounding these voids at highc, i.e.,

a broader class of structurally-relaxed lattice defects acting as stronger centers of

phonon scattering. Moreover, the rough nonplanar morphology of our sheets at higher

c as well as the structural disorder above the amorphization threshold, Figs. 4.2(b5-

b8), also contribute to phonon scattering resulting in delocalization of the scattering

centers and reduction of the phonon mean free path, thus facilitating a transition

in the dominant thermal transport mechanism [77, 145, 146] from propagating to

di�usive with increasing c.

To understand the e�ects of defect passivation on the thermal conductivity of

irradiated graphene, we have performed NEMD simulations of thermal transport on

hydrogenated irradiated graphene sheets, prepared as described in Ref. 138, with

the dangling bonds of the undercoordinated C atoms passivated with H atoms [138].

Two levels of hydrogenation were used resulting in hydrogenated C atoms with dan-

gling bonds that are either partially or fully H-passivated [138]; undercoordinated C

atoms partially passivated with one H atom each remainsp2-hybridized while those

fully passivated with two H atoms becomesp3-hybridized. Representative con�gura-

tions of a defective region with partially and fully H-passivated C atoms that were

undercoordinated upon irradiation are depicted in Fig. 4.3(b). Figure 4.3(a) shows

NEMD simulation results for the k(c) dependence of partially and fully H-passivated

irradiated graphene sheets and compares them with those of pristine (unpassivated)

irradiated graphene.
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Figure 4.3. (a) Thermal conductivity of unpassivated and hydrogen� passivated
irradiated graphene sheets as a function of the inserted vacancy concentration,c,
ranging from 2% to 16%. Black, red, and blue open squares denote results for unpas-
sivated, partially passivated, and fully passivated graphene sheets, respectively. The
corresponding dashed lines are merely a guide to the eye. The inset shows optimal
�ts according to Eq. (4.1), for all three levels of hydrogenation over the entirec
range examined. Only the largest error bars are shown for clarity. (b) Representa-
tive con�gurations depicting defective regions of a partially (left) and a fully (right)
H� passivated graphene sheet atc = 8%. Black and yellow spheres represent C and
H atoms, respectively.
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The results of Fig. 4.3(a) indicate that, below the amorphization threshold, partial

H passivation reduces the thermal conductivity of the irradiated graphene further but

very slightly, while full H passivation is responsible for a small further reduction of

the thermal conductivity. However, this passivation e�ect onk(c) becomes very weak

at higher c, above the amorphization threshold. At each level of hydrogenation, Eq.

(4.1) provides an excellent description of thek(c) results, as shown by its excellent

�tting of the NEMD data in the inset in Fig. 4.3(a) in all cases throughout the

range of c examined. The correspondingk reduction coe�cients � i , i = 1 and 2

for partial and full H passivation, respectively, are� 1 = 6.978 and � 2 = 7.733, i.e.,

� 2 > � 1 > � 0. We attribute the increase of the� coe�cient with full H passivation

to the sp2 ! sp3 hybridization transition of the hydrogenated C atoms and the

bond stretching and twisting induced by this transition [138], which renders the fully

passivated defects stronger centers for phonon scattering. Nevertheless, above the

amorphization threshold, such defect passivation has only a very minor e�ect on

the reduction of the phonon mean free path. We also hypothesize that passivation

with agents more massive than H atoms may further increase the corresponding�

coe�cients by a�ecting relevant material properties such as the speed of sound in the

irradiated graphene sheets.

4.4 Summary and Conclusions

In summary, we have conducted a systematic analysis of thermal transport in

electron-irradiated graphene sheets based on NEMD simulations with emphasis on

the thermal conductivity dependence on the inserted defect density upon irradia-

tion. We have found a dramatic reduction of the thermal conductivity from that

of pristine graphene in the dilute defect limit, with a weaker defect concentration

dependence at higher concentrations in the crystalline structure. Beyond the amor-

phization threshold, the thermal conductivity of the irradiated graphene sheets prac-
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tically saturates with increasing defect density. Our results indicate that there is a

transition in the dominant thermal transport mechanism from propagating to dif-

fusive accompanying the crystalline-to-amorphous transition in irradiated graphene.

We also �nd that hydrogenation has a weak e�ect on the thermal conductivity of the

irradiated graphene sheets, as the thermal conductivity is reduced slightly, notably

when the hydrogenated C atoms becomesp3-hybridized and the sheet structure re-

mains crystalline. However, beyond the amorphization threshold, defect passivation

by hydrogenation does not have any detectable e�ect on the thermal conductivity

of irradiated graphene. Throughout the defect concentration range examined and at

every hydrogenation level, an excellent description of the NEMD simulation results

is given by Eq. (4.1), which provides a universal correlation for the thermal con-

ductivity of irradiated graphene sheets as a function of inserted defect concentration

upon irradiation. Our results indicate that the combination of defect engineering and

chemical functionalization could be used very e�ectively to tailor the thermal trans-

port properties of graphene for thermal management applications. The precise tuning

of a diminishing thermal conductivity by controlling the defect population through

the electron irradiation dose is particularly promising toward future thermoelectric

engineering of graphene-based metamaterials.
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CHAPTER 5

ELECTRONIC STRUCTURE OF
ELECTRON-IRRADIATED GRAPHENE AND EFFECTS

OF HYDROGEN PASSIVATION

5.1 Introduction

Graphene, a monolayer ofsp2-hybridized carbon atoms, has been studied broadly

due to its exceptional electronic properties, arising from the unique behavior of the

electrons (massless Dirac fermions) in the 2D honeycomb lattice, and has opened up

exciting opportunities to develop novel nanoelectronic devices [3, 5, 147�149]. The

electronic structure of perfect graphene can be in�uenced by many factors, such as

the presence of impurities, defects, or dopants, hence it can be tailored toward spe-

ci�c applications as reported in many studies [6, 21�26, 83�86]. Among these factors,

the presence of defects which are most common in graphene structures, can signif-

icantly alter the electronic structure of graphene. Di�erent types of defects, such

as point defects (i.e., single vacancies, Stone-Wales defects, etc.) and line defects

(grain boundaries) are directly observed in experiments via transmission electron mi-

croscopy (TEM) and scanning tunneling microscopy (STM) [16, 87�90]. Such defects

can be formed during the graphene growth process or, alternatively, can be created

in a more controlled manner, using electron or ion beam irradiation [16, 51, 89]. Re-

cent studies have shown that these defects can alter the local electronic structure

of graphene and/or introduce local magnetic moments [87, 88, 91�97]. It was re-

ported that, mainly due to the presence of dangling bonds (in under-coordinated C

atoms) in the irradiated graphene sheets, local electronic states emerge at the Fermi

level which decay inversely proportionally to their distance from the vacancy centers
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[22, 92, 93, 98]. Furthermore, in a single vacancy, the splitting of the dangling states

due to the crystal �eld and the Jahn-Teller distortion [99] induced by reconstruction

of the two carbon atoms with dangling bonds can introduce a net local magnetic

moment [92�95, 97].

Even though it is important to study the impact on the electronic structure of

speci�c types of isolated defects as the above studies have focused on, it is also worth

investigating the impact on the electronic properties of graphene due to entire popu-

lations of defects induced by irradiation processes, representing the actual structure

of an electron-irradiated sample generated in the laboratory. Toward this end, the

electronic structure of electron-irradiated samples was studied previously [21] using

a density functional tight binding (DFTB) method [100]. The computer-generated

irradiated graphene sheets [21] also exhibited an increasing (nonvanishing) electronic

density of states at the Fermi level with increasing vacancy concentration, i.e., a

metallic character as a result of introducing localized states near the Fermi level [21],

which are analogous to those emerging from the presence of dangling bonds due to the

introduction in the graphene lattice of a low concentration of isolated single vacancies

[22, 98].

In this Chapter, using molecular-dynamics (MD) simulations in conjunction with

�rst-principles density functional theory (DFT) calculations, we simulate and analyze

the electronic structure of irradiated and irradiation-induced amorphized graphene.

We discuss our �ndings based on projected densities of states (PDOS) in order to

identify the contributions of individual orbitals to the locally induced states at the

Fermi level. Our calculations of the band structure of irradiated graphene show

how the electronic bands are a�ected by the states at the Fermi level. Furthermore,

we examine the e�ects on the electronic structure of irradiated graphene of passi-

vation of dangling bonds in these structures based on analysis of molecular orbitals

(namely, the highest occupied and lowest unoccupied molecular orbitals, HOMO and
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LUMO, respectively) and of the local electronic density of states in the vicinity of the

Fermi level. We compare the electronic structures of hydrogen-passivated irradiated

graphene con�gurations with those of their unpassivated counterparts and obtain

a fundamental understanding of the e�ects of dangling bond passivation. Finally,

we examine the magnetic behavior of these unpassivated and passivated irradiated

structures based on spin-polarized DFT calculations to understand the local mag-

netic moments induced by the presence of carbon atoms with dangling bonds and the

e�ects of hydrogenation on these magnetic moments.

5.2 Computational Methods

The irradiated samples used in our study were generated on a2� 2 nm graphene

supercell, which consists of 180 carbon atoms, by introducing random distribution

of vacancies, at a certain concentrationc, similar to the generation of irradiated

graphene con�gurations in our previous studies [21, 14, 138, 150]. A very system-

atic structural relaxation of these samples based on MD simulation with interatomic

interactions described according to the AIREBO potential was performed by imple-

menting a variant of simulated annealing using a Nosé-Hoover thermostat and baro-

stat followed by Monte Carlo (MC) simulation based on time-stamped force-biased

MC (tfMC) algorithm [142] implemented in LAMMPS [143, 144], as introduced in

our recent study [150]. Furthermore, these non-planar irradiated sheets with vacancy

coalescence and reconstruction-induced wrinkling and crumpling that increases with

increasing vacancy concentration, retain their coherent 2D structure, which is consis-

tent with our previous studies [21, 14, 138, 150], as well as experimental observations

[16, 89]. These empirically relaxed structures were then further optimized based

on �rst-principles density functional theory (DFT), as implemented in the Dmol3

package in Materials Studio 8.0, in the generalized gradient approximation (GGA)

with exchange and correlation functionals as parametrized by Perdew, Burke, and
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Ernzerhof (PBE) [151]. In this DFT implementation, the interactions between core

and valence electrons was described by density functional semi-core pseudopotentials

(DSPPs) [152]. Furthermore, in our calculations, the wave functions were represented

numerically, as expansions of Double Numerical Plus (DNP) basis sets, which include

a polarization p-function on all hydrogen atoms, and Monkhorst-Pack (MP) grids

were employed fork-point sampling in reciprocal space [153]. Atomic positions were

relaxed with an energy tolerance of2� 10� 6 eV, a force tolerance of1� 10� 3 eV/ Å, and

a displacement tolerance of5 � 10� 3Å ensuring that the atomic structure is further

optimized with its total energy reaching a local minimum under DFT scheme with a

self-consistent �eld tolerance of1 � 10� 6 au. The �rst-principles-based calculations

were carried out using this9� 9 graphene supercell, while keeping a vacuum space of

20 Å in the direction normal to the surface in order to avoid interactions between pe-

riodic images. The electronic band structure and the density of states of the relaxed

con�gurations were calculated using5� 5� 1 and 7� 7� 1 k-point grids for reciprocal

space sampling, respectively. We calculated the integrated local density of states at

the Fermi energy (simulated STM pro�les) and the spin-polarized charge densities

using the CASTEP module in Materials Studio, which employs a DFT plane-wave

pseudopotential method.

5.3 Results and Discussion

5.3.1 Electronic Structure and E�ects of Hydrogen Passivation

Representative �ully relaxed con�gurations of our model irradiated graphene struc-

tures are shown in Fig. 5.1, over a range of inserted vacancy concentration,c, up to

20%. While these properly optimized graphene sheets exhibit the same morphological

and structural characteristics with those generated in our previous studies based on

empirical potentials [21, 14, 138, 150] and in experimental studies [16, 89], the addi-

tional DFT-based structural relaxation further optimizes the atomic structure locally
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Figure 5.1. Representative structurally relaxed and optimized (according to DFT
computations) con�gurations of irradiated graphene sheets with inserted vacancy con-
centration, c, of (a) 2%, (b) 4%, (c) 10%, and (d) 20%.
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resulting in more stable ring reconstructions mediated by energetically favored Jahn-

Teller (JT) type distortions in the vicinity of defects [51, 154].

As for the resulting electronic structure, Figs. 5.2(b-e) show the orbital-resolved

(partial) density of states for the irradiated structures with an inserted vacancy con-

centration, c, of 2%; 4%; 10% and 20% respectively, which is statistically averaged

over two independently generated con�gurations at each vacancy concentration. The

density of states of these irradiated structures demonstrates clearly the emergence of

localized states at the Fermi level in contrast to the vanishing states in perfect single-

layer graphene, which is shown in Fig. 5.2(a). These states at the Fermi level, which

increase and get broader with increasing vacancy concentration, as seen in earlier

DFTB calculations [21] and consistent with other theoretical investigations [22, 98],

appear mainly due to the presence of dangling bonds in under-coordinated carbon

atoms in the defective (damaged) irradiated structure. This is accompanied by the

softening of characteristic van Hove singularities upon increasing the inserted vacancy

concentration. The orbital-resolved density of states reveals that the new states at

the Fermi level originate clearly from thep orbitals with only a minor contribution

from s orbitals, which increases with increasing defect density.

The electronic band structures,E(k) dispersion relations, of perfect graphene and

our irradiated graphene sheets corresponding to the con�gurations of Fig. 5.1 are

shown in Fig. 5.3(a-e). The band structure of perfect graphene exhibits the char-

acteristic linear band dispersion and formation of Dirac cones at the� point, as

shown in Fig. 5.3(a), where the K point in the graphene unit cell has been mapped

onto the � point of the chosen supercell. This linear dispersion of the bands mimics

the behavior of quasi-particles known as massless Dirac fermions which gives pris-

tine, structurally perfect, graphene its extremely high carrier mobility [5, 148]. On

the contrary, in the irradiated structures, the Dirac cones disappear from the band

structure and �at or nearly �at bands appear instead. It has been reported that the
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Figure 5.2. Orbital-resolved (partial) and total electronic density of states of (a)
perfect and (b-e) irradiated graphene sheets with inserted vacancy concentration,c,
of (b) 2%, (c) 4%, (d) 10%, and (e) 20%. Partial electronic densities of states corre-
sponding tos and p orbitals are represented by blue and red lines, respectively, while
the total electronic density of states is represented by the black line. In all cases
(a-e), the local density of states at the Fermi level in the irradiated graphene struc-
tures is indicated by the dashed vertical line and increases with increasing vacancy
concentration.
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Figure 5.3. Electronic band structure of (a) perfect and (b-e) irradiated graphene
sheets with inserted vacancy concentration,c, of (b) 2%, (c) 4%, (d) 10%, and (e)
20%. The horizontal black dashed line denotes the Fermi energy (EF ), which is set
to zero, while red and blue lines represent bands with energies higher and lower than
the Fermi energy, respectively. Band �attening with increasing vacancy concentra-
tion is observed in (b-e), which indicates electron localization from weakening of the
interactions between adjacent orbitals due to lattice disorder. The high-symmetryk
points in reciprocal space marked on the wave number axis of the dispersion curves
in (a-e) are shown in the �rst Brillouin zone of the reciprocal lattice in (f).

74



splitting of the dangling states, due to the crystal �eld and JT distortions, breaks

trigonal symmetry thereby removing the degeneracy and generating these �at bands

[92, 155]. Furthermore, these �at bands result in the reduction of the mobility of

charge carriers, by increasing their e�ective mass, which is inversely proportional to

the band curvature (m� = ~
�

d2Ek
dk2

� � 1
, where k is the wave number andEk is the

energy corresponding to the wave numberk), and cause charge carriers to be highly

localized in the defective regions [156, 157]. Moreover, it has been shown that both

strain and isolated vacancies can reduce the linear dispersion, introduce Fermi level

shifting, manifest metallic behavior by band crossing, and also introduce very small

direct and indirect band gaps [157, 158]. As seen in Fig. 5.3, our structures, which

are characterized by larger atomic displacements from lattice sites and higher local

strain, introduce many more �at bands in the band structures, which correspond to

non-interacting orbitals with an increasing number of non-crossing bands appearing

near the Fermi level with increasing vacancy concentration,c. This band �attening

e�ect becomes stronger with increasing vacancy concentration,c, which emphasizes

that the electrons are more localized in highly defective irradiated structures. Fur-

thermore, we have identi�ed the opening of narrow band gaps (on the order of 10

meV), which are independent of the inserted vacancy concentration but speci�c to

each damaged structure.

Frontier orbitals, at the � point, are represented as wave function isosurfaces in

Fig. 5.4 over the range of the inserted vacancy concentration in the irradiated struc-

tures considered in this study; speci�cally, the highest occupied molecular orbitals

(HOMO) are shown in Figs. 5.4(a1-d1), while and lowest unoccupied molecular or-

bitals (LUMO) are shown in Figs. 5.4(a2-d2). These HOMO and LUMO orbitals

correspond to the valence band maximum (VBM) and the conduction band min-

imum (CBM), respectively, at the � point, and also provide a metric of chemical

reactivity, which also can be used to identify the spatial distribution of the electrons
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Figure 5.4. Isosurface representation of (a1-d1) highest occupied (HOMO) and (a2-
d2) lowest unoccupied (LUMO) molecular orbital wave functions (at the� point)
with isovalues of� 0:03 Bohr� 3=2 in representative atomic con�gurations of irradiated
graphene sheets with inserted vacancy concentrations,c, of (ab) 2%, (b) 4%, (c) 10%,
and (d) 20%. Red and blue surfaces denote positive and negative values of the wave
function, respectively.
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Figure 5.5. Simulated STM images (maps of electronic charge density corresponding
to conduction electrons) for an applied bias of 1 V, in the form of isosurfaces with
an isovalue in the range of0:05� 0:1e=Å3 in representative atomic con�gurations of
irradiated graphene sheets with inserted vacancy concentrations,c, of (a) 2%, (b) 4%,
(c) 10%, and (d) 20%. In each case, di�erent isovalues have been used to properly
highlight the contributions from the newly induced electronic states in the vicinity of
the Fermi level.
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which contribute to chemical activity [159]. In Fig. 5.4, highly localized molecular

orbitals, appearing especially at sites with dangling bonds indicate that these sites

are highly reactive, hence they can be easily passivated. These localized orbitals are

indeed responsible for the band �attening observed in Fig. 5.3), which also causes

the charge density localization seen in Fig. 5.5.

Simulated scanning tunneling microscopy (STM) images show the local electronic

charge density corresponding to conduction electrons near the Fermi level and are

indeed mostly contributed from the sites of the irradiated structures with dangling

bonds, as demonstrated in Fig. 5.5 in the form of charge density isosurfaces. In Fig.

5.5, it is interesting to see that there is no major contribution to this charge density

from monatomic C chains in the highly damaged regions of the irradiated structures,

which is probably due to the saturation of the dangling bonds via re-hybridization.

Moreover, more energetically favored ring reconstructions do not induce local states;

however, some reconstructions induce new states due to local stresses arising from

such bond rearrangements, which can be seen especially in the more damaged struc-

tures of Figs. 5.5(c-d). Such distributions of electron densities provide a better guide

for passivating the newly induced states [160]. Therefore, by considering both the

electronic wave functions and the local electronic charge densities, candidate passi-

vation sites are identi�ed, which correspond to the under-coordinated carbon atoms,

possessing dangling bonds without any re-hybridization, as opposed to the hydro-

genation criteria introduced in Chapters 3 and 4, which served a di�erent purpose.

These under-coordinated carbon atoms were chemically passivated with hydro-

gen by allowing two hydrogen atoms to bond to a selected carbon atom, thus re-

hybridizing it. The passivated structures were then geometrically optimized and re-

laxed with DFT-based structural relaxation as described in Section 5.2. Subsequently,

electronic structure calculations similar to those on the unpassivated irradiated struc-

tures were performed in order to assess the e�ects of hydrogen passivation on the
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Figure 5.6. Isosurface representation of (a1-d1) highest occupied (HOMO) and (a2-
d2) lowest unoccupied (LUMO) molecular orbital wave functions (at the� point) with
isovalues of� 0:03 Bohr� 3=2 in representative atomic con�gurations of hydrogenated
irradiated graphene sheets with inserted vacancy concentrations,c, of (a) 2%, (b) 4%,
(c) 10%, and (d) 20%. Red and blue surfaces denote positive and negative values of
the wave function respectively.
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Figure 5.7. Simulated STM images (maps of electronic charge density corresponding
to conduction electrons) for an applied bias of 1 V, in the form of isosurfaces with
an isovalue in the range of0:05� 0:1e=Å3 in representative atomic con�gurations of
hydrogenated irradiated graphene sheets with inserted vacancy concentrations,c, of
(a) 2%, (b) 4%, (c) 10%, and (d) 20%. In each case, same isovalues to those of the
corresponding unpassivated irradiated structures have been used to emphasize the
hydrogen passivation e�ect on the local density of states.
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electronic structure of the irradiated graphene sheets. By inspecting the molecular

orbitals (wave functions) of the hydrogenated irradiated structures in Fig. 5.6 for the

inserted vacancy concentrations of2%; 4%; 10%, and 20%, it is evident that there is

no more contribution to the frontier orbitals from the passivated C atoms. In these

passivated structures, the orbitals are now relatively more dispersed among the C

atoms of the defective region, which can act as possible adsorption sites for further

passivation of the irradiated sheets. On the other hand, the respective simulated STM

images of Fig. 5.7 show that the local electron densities at the Fermi level are now

contributed from the adjacent or nearby atoms to the passivated ones. This result

indicates that the passivation pushes the local states away from the original defec-

tive atoms (possessing dangling bonds) and distribute them among nearby defective

(or reconstructed) regions. Furthermore, by comparing the isosurface values for each

case of Fig. 5.7 with those of the respective cases of Fig. 5.5, we see that these local

states are distributed throughout a larger area of the irradiated structures, hence the

electrons become more delocalized compared to those in the unpassivated structures.

Similarly, orbital-resolved densities of states were calculated for these hydro-

genated structures and the results are shown in Fig. 5.8, for irradiated graphene

sheets with inserted vacancy concentrations of2%; 4%; 10%, and 20%. The induced

local density of states at the Fermi level is decreased as a result of the passivation

and the contribution from the s orbitals, at the Fermi level, is completely diminished.

This decrease in the local density of states is attributed to the redistribution of the

local states due to the passivation as seen in Fig. 5.7. Calculations of the band

structure of the passivated irradiated con�gurations provide further insights into the

passivation e�ect on the electronic structure for the same inserted vacancy concen-

trations. Figure 5.9 shows these computed band structures, which demonstrate that

there is a reduction of the band �attening e�ect due to the irradiation damage which

was observed in the unpassivated structures, i.e., there is an increase in the curvature
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Figure 5.8. Orbital-resolved (partial) and total electronic density of states of hy-
drogenated irradiated graphene sheets with inserted vacancy concentration,c, of (a)
2%, (b) 4%, (c) 10%, and (d) 20%. Partial electronic densities of states correspond-
ing to s and p orbitals are represented by blue and red lines, respectively, while the
total electronic density of states is represented by the black line. The induced local
density of states at the Fermi level exhibits a decrease compared to that of the un-
passivated irradiated graphene structures with the contribution from thes orbitals
being completely diminished.
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Figure 5.9. Electronic band structure of hydrogenated irradiated graphene sheets
with inserted vacancy concentration,c, of (b) 2%, (c) 4%, (d) 10%, and (e) 20%.
The horizontal black dashed line denotes the Fermi energy (EF ), which is set to zero,
while red and blue lines represent bands with energies higher and lower than the Fermi
energy, respectively. Comparing these band structures to those of Fig. 5.3 shows that
selective passivation (i.e., passivating only the carbon atoms with dangling bonds that
contribute to the local density of states at the Fermi level) reduces the irradiation-
induced band �attening e�ect observed in the unpassivated irradiated structures.
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of the bands as a result of the hydrogen passivation. This implies that there is an

increase in the carrier mobility (due to the carrier's reduced e�ective mass), which

is attributed to the carrier delocalization as seen from the local electron densities

in the simulated STM images of Fig. 5.7). Furthermore, this increase in the band

dispersion can result in di�erent responses in the materials' metallic behavior and

opening of narrow band gaps which can be direct or indirect, as can be seen in Fig.

5.9, which may be characteristic of a speci�c irradiated con�guration; however, it

does not impact the overall trend in the electronic character of the material related

to the level of disorder in the irradiated structures. Moreover, it should be mentioned

that this decrease of the band �attening is highly e�ective in the structures with more

dispersed sites possessing dangling bonds, such as that of Fig. 5.1(d), which has been

clearly observed in Fig. 5.3(d). Such structural features cause a large number of

�at bands to appear near the Fermi level, but the passivation of the dangling bonds

removes a substantial amount of those �at bands and increases the dispersion, Fig.

5.9(d), hence increasing the carrier mobility by delocalization of the carriers, as can

be seen in Fig. 5.7(d).

5.3.2 Local Spin Polarization and E�ects of Hydrogen Passivation

Spin-polarized DFT calculations were performed in order to investigate the in-

duced local magnetic moments in the irradiated graphene structures. As reported in

the literature, the splitting of the dangling states due to both the crystal �eld and the

JT distortion from the reconstruction of vacancies introduces a net magnetic moment

at the unsaturated carbon atom [91, 96, 97, 155, 161, 162]. Furthermore, it has been

shown that, based on single vacancy defects, the induced local spin state (either up

or down) is sensitive to the speci�c sublattice in the graphene lattice, where the C

atom is removed and the vacancy is formed [97]. Figure 5.10 shows the 3D contour

maps of electron charge density di�erence between spin-up and spin-down electrons,
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where the red and blue colors denote positive and negative charge density di�erences,

respectively, for the considered vacancy concentrations,c, of (a) 2%, (b) 4%, (c) 10%,

and (d) 20%.

In all of the con�gurations of Fig. 5.10 of unpassivated irradiated structures, we

can clearly see the localized spin states appear at the dangling sites, which induce a

net local magnetic moment. For smaller vacancy concentrations (i.e.,2%and 4%), we

can clearly see that the mono-vacancy has reconstructed into JT triangles (3-member

rings) which give rise to net spin states at the unsaturated carbon atoms. However,

the more damaged structures with much stronger distortions and large void formation

can also exhibit local spin-polarized states as seen in Fig. 5.10 (c-d). Furthermore,

from these spin polarized states, it is evident that having an odd number of dangling

sites in the structure can generate a net magnetic moment in the entire graphene

sheet. Hydrogenation of these structures at these sites can in�uence such induced

magnetic moments by re-hybridization and saturation of the corresponding C atom.

As seen in Fig. 5.11, for the hydrogenated structures with vacancy concentrations

of 2%; 4%; 10%, and 20%, the locally induced spin-polarized states have completely

vanished at the hydrogen-passivated sites. There are more dispersed distributions

of spin polarized states that appear in the defective regions, however the magnitude

of this spin-polarized charge density di�erence is more than an order of magnitude

smaller than that of the unpassivated irradiated structures. Therefore, this selective

passivation of C atoms with dangling bonds has substantially reduced the induced

local magnetic moments in the irradiated structures.

5.4 Summary and Conclusions

In summary, we have performed systematic studies of the electronic structure of

irradiated graphene sheets and the e�ects of defect passivation on the electronic struc-

ture. We have identi�ed several interesting characteristics of the electronic structure
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Figure 5.10. Contour maps of electron charge density di�erence between spin-up
and spin-down electrons, expressed as isosurfaces with isovalues of� 0:06e=Å3 , where
red and blue denote positive and negative charge density di�erences, respectively,
in representative atomic con�gurations of irradiated graphene sheets with inserted
vacancy concentrations,c, of (a) 2%, (b) 4%, (c) 10%, and (d) 20%. The charge
density accumulation from spin-up or spin-down electrons at the carbon atoms with
dangling bonds account for the locally induced magnetic moments in these irradiated
structures.
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Figure 5.11. Contour maps of electron charge density di�erence between spin-up and
spin-down electrons, expressed as isosurfaces with isovalues of� 0:003e=Å3 , where
red and blue denote positive and negative charge density di�erences, respectively, in
representative atomic con�gurations of hydrogenated irradiated graphene sheets with
inserted vacancy concentrations,c, of (a) 2%, (b) 4%, (c) 10%, and (d) 20%. This
charge density di�erence has been decreased by more than one order of magnitude due
to the selective H passivation, and the excess charge density of same-spin electrons is
distributed over the disordered region of the irradiated structure.
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of irradiated graphene based on �rst-principles DFT calculations. We found that lo-

calized states appear at the Fermi level upon irradiation and the corresponding local

density of states increases with increasing inserted vacancy concentration. Further-

more, band structure calculations show that band �attening occurs due to electron

localization in the vicinity of irradiation-induced defects and reduces the charge carrier

mobility. This band �attening e�ect becomes stronger with increasing vacancy con-

centration inducing an increasing number of �at bands near the Fermi level. Moreover,

electron wave functions (as frontier orbitals) and local charge density distributions (as

simulated STM maps) provide clear evidence of carrier localization near the unsatu-

rated bonds. Passivating these bonds with hydrogen atoms leads to delocalization of

the charge density, hence increasing the carrier mobility, which also is seen in the re-

duced density of states observed at the Fermi level and the increased band dispersion

with increasing inserted vacancy concentration. Additionally, we have found these

spatially localized states to be spin polarized, which gives rise to a net local magnetic

moment. Passivation of these states can cause the complete removal of these induced

local magnetic moments. Finally, our studies set the stage for understanding and

designing electronic nanomaterials for speci�c applications using irradiated graphene

and passivated irradiated graphene as a well understood template.
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CHAPTER 6

SUMMARY, CONCLUSIONS, AND FUTURE
DIRECTIONS

6.1 Summary and Conclusions

To summarize this dissertation, we have studied systematically graphene-based

nanomaterials employing multi-scale computational modeling and simulations to es-

tablish relationships between their structure, properties and function and to obtain

a better understanding of the mechanisms that govern such relationships in order

to overcome engineering challenges. Our work on graphene-polymer nanocomposites

focused on understanding the polymer matrix reinforcement through atomic-scale

mechanisms of stress transfer at graphene-polymer interfaces, including the role of

the interphase in this process, and identifying the regimes of applicability or break-

down of continuum models. Our �ndings on the mechanical behavior, thermal trans-

port properties and electronic structure of irradiated and functionalized irradiated

graphene can be used to both formulate experimentally testable hypotheses and pre-

cisely design experimental protocols to hydrogenate (or �uorinate or functionalize

through another chemical route) electron-irradiated graphene, resulting in a duc-

tile two-dimensional material with outstanding mechanical properties and tunable

thermomechanical, electronic, optical, and other properties; such tunability can be

achieved by either controlling the irradiation dose or controlling the extent of chemical

functionalization as a fundamentally understood template.

We have conducted an extensive molecular-dynamics parametric study of the elas-

tic properties of graphene-reinforced HDPE composites. By systematically varying
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the concentration, morphology, and size of �llers, as well as the non-bonded interac-

tion strength expressed through di�erent interatomic potentials, we have identi�ed,

to within statistical error, that graphene �akes exhibit strong �ller-size dependence,

which scales linearly with the �ake size, leading to the enhancement of the com-

posite elastic modulus, which increases with increasing �ller concentration. Further-

more, using molecular-statics and MD simulations and model graphene nanoribbons

as �llers, we have developed a hierarchical multiscale shear-lag model that captures

accurately stress pro�les in these short �llers and predicts successfully the macro-

scopic elastic response of the aligned nanoribbon-HDPE composite. A key feature

of our model is the correct description of the end stress concentration from fully

atomistic modeling without any ad hocapproximations. The end stress concentra-

tion � 0 scales with the �ller size l as � 0 � l4=5, indicating the �aw-like character of

monolayer graphene �llers. The inclusion of this end stress in the modi�ed shear-lag

model leads to excellent agreement with composite elastic moduli computed from

atomistic simulations, in distinct variance with predictions from conventional shear-

lag models or simple averaging through ideal mixing rules. Moreover, the predicted

composite moduli from the modi�ed shear-lag theory also furnish reasonable upper

bounds for elastic moduli computed from MD simulations of straining of nanocom-

posites with randomly-oriented graphene �akes in HDPE unlike standard shear-lag

models or mixture rules. The hierarchical multiscale modeling approach developed in

this dissertation for graphene-HDPE nanocomposites, including proper atomistically-

based parameterization of coarse-grained models and multiscale linking through an

atomistically-supplied boundary condition for well-posedness of a continuum mechan-

ics boundary-value problem, is readily applicable to other graphene-based nanocom-

posites and to 2D �llers beyond graphene. It is also of particular relevance in the

short-�ller limit, which is the typical situation with solution-processed 2D materials.
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We have performed a systematic analysis on the e�ects of hydrogenation on the

mechanical behavior of irradiated single-layer graphene sheets, including irradiation-

induced amorphous graphene, based on molecular-dynamics simulations of uniax-

ial tensile straining tests and using an experimentally validated model of electron-

irradiated graphene. We found that hydrogenation has a signi�cant e�ect on the

tensile strength of the irradiated sheets only if it changes the hybridization of the

hydrogenated carbon atoms tosp3, causing a reduction in the strength of irradiation-

induced amorphous graphene by� 10 GPa. Furthermore, we have identi�ed that

hydrogenation also causes a substantial decrease in the failure strain of the defective

sheets, regardless of the hybridization of the hydrogenated carbon atoms, and in their

fracture toughness, which decreases with increasing hydrogenation for given irradia-

tion dose. We characterized in detail the fracture mechanisms of the hydrogenated

irradiated graphene sheets and elucidated the role of hydrogen and the extent of hy-

drogenation in the deformation and fracture processes. Moreover, the hydrogenated

irradiated graphene sheets remained ductile for irradiation doses that are su�ciently

high to cause their amorphization and have remarkable strength, superior to those of

most engineering materials.

We have conducted a systematic analysis of thermal transport in electron-irradiated,

including irradiation-induced amorphous, graphene sheets based on nonequilibrium

molecular-dynamics simulations. Based on the dependence of the thermal conduc-

tivity, k, of the irradiated graphene sheets on the inserted irradiation defect density,

c, as well as the extent of defect passivation with hydrogen atoms we have identi�ed

key features of the thermal conductivity decrease. We showed that, while the ther-

mal conductivity of irradiated graphene decreases precipitously from that of pristine

graphene,k0, upon introducing a low vacancy concentration,c < 1%, in the graphene

lattice, further reduction of the thermal conductivity with increasing vacancy concen-

tration exhibits a weaker dependence onc until the amorphization threshold. Beyond
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the onset of amorphization, the dependence of thermal conductivity on vacancy con-

centration becomes signi�cantly weaker, andk practically reaches a plateau value.

Furthermore, we found that throughout the range ofc and at all hydrogenation levels

examined, there is a correlation,k = k0(1+ �c )� 1, which gives an excellent description

of the simulation results. The value of the coe�cient� captures the overall strength

of the numerous phonon scattering centers in the irradiated graphene sheets, which

include monovacancies, vacancy clusters, carbon ring reconstructions, disorder, and

a rough nonplanar sheet morphology. Hydrogen passivation increases the value of� ,

thus reducing the thermal conductivity mainly due to thesp3-hybridization, but the

e�ect becomes very minor beyond the amorphization threshold.

Finally, we have performed systematic studies of the electronic structure of irradi-

ated graphene sheets and the e�ects of defect passivation on the electronic structure.

We have identi�ed several interesting characteristics of the electronic structure of irra-

diated graphene based on �rst-principles DFT calculations. We found that localized

states appear at the Fermi level upon irradiation and the corresponding local density

of states increases with increasing inserted vacancy concentration. Furthermore, band

structure calculations show that band �attening occurs due to electron localization

in the vicinity of irradiation-induced defects and reduces the charge carrier mobility.

This band �attening e�ect becomes stronger with increasing vacancy concentration

inducing an increasing number of �at bands near the Fermi level. Moreover, electron

wave functions (as frontier orbitals) and local charge density distributions (as simu-

lated STM maps) provide clear evidence of carrier localization near the unsaturated

bonds. Passivating these bonds with hydrogen atoms leads to delocalization of the

charge density, hence increasing the carrier mobility, which also results in a reduced

density of states at the Fermi level and an increased band dispersion with increasing

inserted vacancy concentration. Additionally, we have found these spatially localized

states to be spin-polarized, which gives rise to a net local magnetic moment. Passi-
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vation of these states can cause the complete removal of these induced local magnetic

moments.

6.2 Future Research Directions

6.2.1 Mechanical reinforcement of polymers through irradiated graphene

Based on our �ndings described in Chapter 2 and in Appendix A of this the-

sis, polymer chains order and densify near planar graphene �akes used as �llers in

polymer-matrix composites causing mechanical reinforcement of the polymer in the

nanocomposite material. Furthermore, our studies showed that the �ller morphology

also plays an important role in this improvement of mechanical response. Conse-

quently, it will be interesting to study how the morphological and structural changes

due to the presence of larger and smaller voids as well as reconstructed regions in the

irradiated graphene sheets when used as �llers in polymer-matrix composites cause

the polymer chains to rearrange in the composite material and how such chain ar-

rangements may contribute to the mechanical reinforcement. Moreover, it will be of

great interest to investigate any e�ects on the mechanical response of the nanocom-

posites from the amorphization of the irradiated graphene. Such a future study will

be based on executing the following tasks:

1. Conduct a series of molecular-dynamics (MD) simulations of high-density polyethy-

lene (HDPE) and irradiated graphene according to the same potential param-

eterizations discussed in Chapter 2;

2. Generate irradiated structures with systematically varying their size and by

performing their full structural relaxation, as discussed in Chapter 3, prior to

the insertion of these sheets as �llers into the polymer matrix using the self-

avoiding random walk approach described in Chapter 2;
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3. Carry out extensive statistical sampling with di�erent vacancy concentrations

in the irradiated graphene sheets and random con�gurations of the composites;

4. Conduct parametric studies varying the size of the �llers and their weight ratio

in the nanocomposites;

5. Simulate mechanical testing of the nanocomposites subjected to uniaxial defor-

mation tests and calculate the composite sti�ness and its dependence on the

various material parameters; and

6. Investigate and characterize in detail the polymer arrangement and densi�cation

near the irradiated graphene �llers with di�erent morphologies to obtain a fun-

damental understanding of how the structural features of these nanocomposites

determine their mechanical response.

6.2.2 Mechanical reinforcement of polymers through nanoporous graphene

This study can be performed in conjunction with or following the completion of

the above study to further investigate and parameterize the mechanical reinforcement

of polymer-matrix nanocomposites with nanoporous graphene �akes (i.e., �akes of

graphene nanomeshes) used as �llers with respect to the graphene nanopore size,

shape, and separation. We will study the polymer sti�ness enhancement and establish

relationships for the nanocomposite sti�ness dependence on the physically controllable

parameters of the nanoporous graphene �llers. Speci�cally, the following tasks will

be pursued:

1. Implement the same potential parameterizations with those of Chapter 2 on

HDPE-nanoporous graphene composites;

2. Generate the nanoporous graphene �llers by systematically varying the size,

shape, and separation of the pores;
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3. Carry out extensive statistical sampling of random con�gurations of the com-

posites at each set of �ller parameters;

4. Simulate uniaxial deformation tests on the nanocomposites and calculate the

composite materials' sti�ness and its dependence on the various material pa-

rameters; and

5. Characterize in detail polymer arrangement and densi�cation near the nanoporous

graphene �llers with di�erent structural features to understand fundamentally

the e�ects of structure on the nanocomposites' mechanical properties.

6.2.3 Mechanical reinforcement of polymers through edge-passivated gra-

phene

In our present study, as described in Chapter 2, we have focused on the simplest

case of matrix-�ller interactions governed by weak dispersive forces. However, as

we have found in our study and reported in Chapter 2, the graphene edge plays a

signi�cant role in enhancing the composite sti�ness. For example, the use of edge-

functionalized graphene �llers could result in other modes of chemical bonding with

the polymer matrix (such as covalent bonding, hydrogen bonding, etc.) and the

e�ects of such stronger bonding between the composite's constituents on its mechan-

ical properties will be worth studying. Toward this end, the following tasks will be

pursued:

1. Conduct systematic protocols of MD simulations on nanocomposites consist-

ing of a matrix of high-density polyethylene and edge-passivated graphene as

�ller with fully informed atomistic modeling according to a reliable potential

parametrization;

2. Passivate the edges of the graphene �akes using hydrogen atoms and hydroxyl

groups;
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3. Carry out extensive statistical sampling of random con�gurations of the polymer

for di�erent types of �ller edge functionalization and extent of such functional-

ization;

4. Simulate mechanical tests and calculate the composite sti�ness and its depen-

dence on the various material parameters; and

5. Characterize in detail the polymer arrangement and densi�cation near the edge-

functionalized �llers to understand the role of �ller-matrix interactions in the

mechanical response of the nanocomposites.

6.2.4 Mechanical and thermal properties of irradiated bilayer graphene

Our studies reported in Chapters 3 and 4 of this thesis reveal that electron irradia-

tion and chemical functionalization of graphene can be used as a means of tuning the

mechanical and thermal properties of the resulting graphene derivatives. Dangling

bonds in irradiation-induced under-coordinated carbon atoms in these structures pro-

vide potential sites for chemical passivation. However, in irradiatedbilayer graphene,

such dangling bonds also can be passivated through interlayer bonding that will result

in strong interconnections between the two graphene layers, which will be very much

worth investigating. These irradiated bilayer structures will introduce new stress

transfer and failure mechanisms as well as new phonon scattering mechanisms and,

therefore, can be developed as a new class of graphene metamaterials with appeal-

ing features and potential for technological applications. Toward such a goal, the

following tasks will be pursued:

1. Conduct a systematic protocol of MD simulations of irradiated bilayer graphene

according to a reliable bond order potential such as the AIREBO potential;
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2. Generate the irradiated bilayer structures by introducing random distribution

of vacancies followed by proper structural relaxation and thermal equilibration,

using protocols similar to those introduced in Chapters 3 and 4;

3. Carry out extensive statistical sampling with respect to the random distribu-

tions of vacancies in both graphene layers;

4. Simulate mechanical tests, such as uniaxial straining tests and shear loading

tests, along both zigzag and armchair directions and identify the bilayers' me-

chanical properties (such as ultimate tensile strength, failure strain, toughness,

and shear modulus);

5. Investigate systematically fracture mechanisms and stress transfer aided by

analysis of atomic-level stress distributions;

6. Perform protocols of nonequilibrium molecular-dynamics (NEMD) simulations

to calculate the thermal conductivities of the irradiated bilayer structures with

various inserted concentrations of vacancies; and

7. Identify phonon scattering mechanisms and their e�ects on the bilayers' thermal

conductivity with increasing vacancy concentration in the irradiated bilayer

structures.
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APPENDIX

A COMPARISON OF THE ELASTIC PROPERTIES OF
GRAPHENE AND FULLERENE-REINFORCED

POLYMER COMPOSITES: THE ROLE OF FILLER
MORPHOLOGY AND SIZE

Chang-Tsan Lu, Asanka Weerasinghe , Dimitrios Maroudas, and Ashwin Rama-
subramaniamScienti�c Reports 6, 31735 (2016).
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